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High-Temperature Deformation of Steels 


A Study of Equicohesion, Activation Energies, 


and Structural Modifications 


High-temperature deformation in tensile, creep, and torsion tests has been carried 
out on Armco iron and 35/10 Ni-Cr austenite steel. These experiments have enabled a 
detailed study of equicohesive temperatures, activation energies, and structural modifi- 
cations. The role played by dislocations during high-temperature intergranular and 
intragranular modes of deformation is discussed. The results are in agreement with the 


theories advanced. 


C. Crussard and R. Tamhankar 


Tue concept of an equicohesive temperature was 
introduced by Jeffries’ following the observation 
that, at low temperatures, the grain boundaries con- 
stitute hard zones acting as obstacles to plastic de- 
formation, while at high temperatures they are soft 
and deform or crack more readily than the grains. 
Consequently, at some intermediate temperature 
termed as ‘‘temperature of equicohesion,’’ the 
grains and grain boundaries should have equal 
strengths. This concept of equicohesion, although 
apparently simple, is in reality more complex than 
a superficial examination of the hypothesis would 
lead one to suppose. Indeed, one of us* has shown 
that the temperature of equicohesion thus deter- 
mined varies with the conditions of deformation 
(rate of strain or stress) and that the creep rates 
measured at high temperatures for grain sizes 
ranging over a wide interval pass through a mini- 
mum for a certain optimum grain size. 

Equicohesion may be looked at from two aspects: 

1) Resistance to plastic deformation, i.e., to slip, 
which can be measured quantitatively by comparing 
tensile or creep curves for samples of different 
grain sizes, and 


2) Resistance to fracture or the mode of fracture. 


Here also, samples of different grain sizes may be 
used. However, it would be more interesting to 
compare the fractures themselves to determine the 
temperature of transition from transcrystalline (in 
general ductile) to intergranular mode. 

One of the principal aims of the present study is 
to compare these two definitions of the temperature 
of equicohesion and to see to what extent they are 
equivalent. 

Plastic deformation of grains and grain bounda- 
ries cannot be considered as isolated processes be- 
cause of the relative displacement of adjoining 
grains separated by a more or less curved boundary 
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or that of three grains joining along a single edge. 
Conditions of geometrical consistency introduce an 
interaction between the deformations sustained by 
the grains and by the boundaries.* The effects of 
this interaction on grain boundaries subjected to 
high-temperature deformation are: 

a) Intergranular sliding. 


b) Intergranular separation (the mode of appear- 


ance of which has received renewed attention since 
the work of Greenwood‘ on intergranular porosity). 

c) Migration of grain boundary observed during 
creep on aluminum simultaneously by one of us® and 
by Grant.® This migration is similar to Beck’s 
**strain induced boundary migration.’’ 

As for the grains, the most important phenomenon 
which manifests itself as a consequence of this inter- 
action is the polygonization discovered in steels by 
Jenkins and Mellor’ and in aluminum by one of us.°® 

These aspects of grain-boundary deformation and 
polygonization having been very extensively studied 
on nonferrous metals, particularly aluminum, we 
thought it would be of interest to study these phe- 
nomena on steels. In order to clarify the mecha- 
nisms operative during high-temperature plastic 
deformation we have determined activation ener- 
gies in creep, torsion, and internal-friction meas- 
urements. 

The aim of our studies is thus to specify the 
structural modifications occuring during plastic 
deformation at temperatures below and above the 
temperature of equicohesion, and, with the help of 
activation energies, to interpret them in terms of 
the theory of dislocations outlined by one of us.° 


MATERIALS AND METHODS 


We have restricted ourselves principally to two 
single-phase metals, an Armco iron partially de- 
carburized in hydrogen and a stable low-carbon 
austenitic steel ATV. For comparison, a few mi- 
crofractographs have also been taken on an austen- 
itic steel Nicral D. The analyses of these materials 
are as in Table I. 
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Table |. Chemical Analysis of Steels 


Steel C, Pct Si, Pct Mn, Pct S, Pct Ni, Pct Cr, Pct N, Pet O, Pet 
Armco iron 0.0037 0.003 0.048 0.014 - ~ 0.0035 0.067 
ATV 0.03 - 0.39 - 36.0 10.2 0.0075 0.011 
Nicral D 0.14 1.38 1.18 - 18.9 22.9 0.063 - 

Specimens of the first two metals having different Table II 


grain sizes needed for the study of equicohesion 
were obtained by prolonged anneals after the requi- 
site amounts of cold work. For obtaining very large 
grains, values of critical elongations were deter- 
mined, these being 3.5 pct for Armco iron and 2 pct 
for ATV. For this latter metal a series of tests 
have shown an increase in grain size from about 

0.5 pet cold work reaching a maximum at 2 pct; mi- 
crographic observations have led us to believe that 
the ‘‘strain-induced boundary migration’’ plays an 
important part here and that for small amounts of 
cold work it is more important than nucleation. 

The grain sizes are indicated in Table II. 

Tests were carried over wide ranges of tempera- 
tures in protective atmospheres or in air and at 
various deformation speeds. The testing methods 
employed were the following: 

Tensile tests on Chevenard micromachine on 
wires of 0.3 mm and on test pieces of 4 mm diam 
at strain rates varying from 4 x 10-° to 4 per sec 
and at various temperatures from ambient to 
800°C. 

Creep tests on Chevenard TR machines at tem- 
peratures from 500° to 900°C, on samples 4 mm 
diam. 

Torsion tests on a machine constructed at IRSID*’ 
employing test-pieces of 6 mm diam at speeds of 
rotation ranging from 0.1 to 1000 turns per min, 
and at temperatures 1000° to 1200°C. 

Internal frictions and elastic modulus measure- 
ments were carried out on a hysteresimeter con- 
structed by Boulanger at IRSID.” This apparatus 
can measure internal friction and Coulomb’s modu- 
lus at temperatures up to the fusion point of steel 
under an atmosphere of helium or in vacuum. 

For study of structural modifications some of the 
special techniques employed were as follows: 

Optical and electron micrographs were taken 
after the tests on samples polished and etched be- 
fore the tests. For revealing the migration of grain 


Grain-Size ASTM 


Metal Test-Pieces, Diam 4 Mm Wires, Diam 0.3 Mm 


+ 13, + 10, + 8 and+6 
+10,+ 6,+5 and+ 3 


ATV + 5-6, + 3-4, + 1-2 
Iron +4,-1, —8-9 


boundaries in iron, Beaujard’s color etch” was 
employed. 

Electron microfractographs were taken by direct 
carbon replica, either on high-temperature rupture 
surfaces or on new rupture surfaces obtained by 
breaking one of the remaining halves of the test 
pieces at liquid-air temperatures. 

X-ray back reflection was employed to study 
asterism and grain fragmentation after hot deforma- 
tion using collimators of 0.05 mm diam for fine- 
grained test pieces. 


EXPERIMENTAL RESULTS 


A. Activation Energy of Deformation—We will not 
describe here the various methods employed for de- 
termining activation energies as they have already 
been described elsewhere.’°”* It may be mentioned, 
however, that for creep, Dorn’s method (a quick 
variation of temperature during creep tests) was 
employed. The results are reported in Table III. 

The values of activation energies for the austenite 
ATV are of the order of the activation energy for 
self-diffusion of y iron, namely 68,000, and show a 
slight increase with temperature. However, for soft 
iron in a phase, activation energies are much higher 
and decrease with temperature. Boulanger” has 
observed that obstacles blocking dislocations evap- 
orate progressively when the temperature increases 
in a way that relaxation processes are introduced 
which increases with temperature but are almost 
independent of time. In the case of measurements 
of the internal friction and the modulus one may de- 


Table Ill. Activation Energies as Measured during High-Temperature Deformation 


Activation Energy in Kcal per Mole 


Austenite ATV Soft Iron 

Type of Test Coarse Grain Fine Grain T° Range Coarse Grain Fine Grain T° Range 

Creep 67 73 550°- 95 100 550-600° 
900°C 89 93 650-700° C 

Modulus and 

damping 80* 800° 76* 600° 

Torsion 84 1000°- 65 1000-1200° 
1200° 


*Decreases when the temperature increases. 
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GRAIN SIZES INDICATED NEXT TO THE CURVES ing creep are abnormally high. The results also 
80 show that the values for fine-grained samples are 
higher than for coarse-grained ones. 
af The austenite represents a typical case for the 
application of Friedel’s creep theory.** The creep | 
ee és rate is essentially controlled by the climb of dis- 
€ or—-z We - locations through jogs under the influence of lattice 
vacancies. 
> Pils For creep of soft iron the activation energy de- 
ve creases slightly when the temperature increases; 
% this result opposed to that for aluminum by Dorn 
7 40 ~- and collaborators is well explained by Friedel’s 
F theory as can be seen in the discussion. 
3 B. Temperature of Equicohesion— 
x 20 b a) The austenitic steel ATV: Fig. 1 represents I 
. > maximum stress values obtained in tensile tests on c 
samples of different grain sizes at various tem- 
peratures. These curves show a distinct reversal 
at about 600°C. Fig. 2 shows values of stress for 
fe) various elongations at 50° and 700°C as a function C 
fe) 200 400 ,. 200 800 of grain size. At 50°C, fine-grained samples are 1 
TEMPERATURE , C more resistant than the coarse-grained ones, but t 
Fig. 1—Determination of equicohesive temperature of at 700°C the tendency is distinctly reversed for b 
austenitic steel by comparison of maximum stress values elongations above 2 pct, which indicates that the 
for different grain size specimens at various tempera- extent of deformation also affects the equicohesive p 
tures. temperature—the higher the temperature, the lower y 
aa the deformation necessary for equicohesion. This rp 
t T Y explains why the curves in Fig. 1 cross at about 
ELONGAT IONS co NEXT TO THE 600°C, the deformations in this case being much ; 
710 higher, 7.e., of the order of 15 to 20 pct. f 
Comparison of creep curves at various tempera- d 
50 es tures has also enabled determination of equicohesive a 
| temperatures. Fig. 3 shows creep rate between 
8% and hours, plotted as a function of test tempera- 
ture for samples of various grain sizes (stress be- 
a ing constant at a given ter-perature). In this case, t 
equicohesion is achieved around 650° to 700°C. 
20 <a x9 In general, regions of equicohesion determined by a 
1% creep and tensile tests are similar. il 
p 
50°C 
FINE-GRAIN SIZE A.S.T.M. No. 5-6 
ud 30 Q--- MEDIUM-GRAIN SIZE A.S.T.M. No 3-4 ¥ 
20 £ [J--- COARSE-GRAIN SIZE A.S.T.M. No. 4-2 6 
——— 
te 
ay 
700°C 
5 4 oO 
° 0-02 0-05 ¥ 
GRAIN DIAMETER , mm. p 
Fig. 2—Relation between stress and grain size of austen- of t 01 
pga samples for various elongations at 50° and 550. 600 600 650 700 800 
TEMPERATURE 
410 42 5 5 5 2 4 | 
duct this effect from the overall effect observed.** STRESS, kg./mm? s 
But in the case of Dorn’s method this is not pos- Fig. 3—Creep rates for austenitic steel as a function of sl 
sible, which explains why the values as found dur- temperature. ir 
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Fig. 4—Intergranular fissures near the fracture surface 
of austenitic steel (ATV) broken at 750°C. The arrow 
indicates the tension axis. X150. Reduced approximately 
12 pet for reproduction. 


The preceding measurements of the temperature 
of equicohesion used properties of test pieces re- 
lated to resistance to deformation. We pass now 
to the determinations of equicohesive temperature 
based on fracture. 

Nickel-plated rupture surfaces of tensile test 
pieces broken at temperatures below 550° to 600°C 
show essentially ductile ruptures. Above this tem- 
perature intergranular zones appear, Fig. 4, which 
become more and more numerous as the test tem- 
perature is raised. Simultaneously the diameter at 
fracture also increases. Fig. 5 represents the ratio 
d/D, (diameter at fracture to original diameter) as 
a function of temperature for different grain sizes. 
We have assumed that the temperature of equicohe- 
sion corresponds to the point of inflection of these 
curves. This gives a value of 650° to 680°C for the 
temperature of equicohesion. 

Micrographic examination of samples broken 
above about 650°C shows distinctly the presence of 
intergranular fissures. Since it is not possible to 
precise the lowest temperature at which these fis- 
sures appear, we have employed the following 
method: wire samples broken at various high tem- 
peratures were broken again at the temperature of 
liquid nitrogen and percentage elongations, termed 
‘‘residual elongations’’ determined. These residual 
elongations should be sensitive to the presence of 
intergranular fissures or to the weakened grain 
boundaries. Residual elongations at —196°C asa 
function of temperature of prior test, when plotted, 
Fig. 6, show an abrupt decrease in ductility ata 
temperature of about 660° to 680°C, which is in good 
agreement with the temperature of equicohesion de- 
termined by other methods, 

The results described above indicate that the 
various methods of determining equicohesive tem- 
peratures lead to consistent values which depend 
only on grain size, strain, and strain rate. Sum- 
marizing, one may State that: equicohesive tem- 
perature increases with the grain size, decreases 
as the strain rate decreases, and decreases as 
strain increases. The present experiments have 
shown an increase of 30° to 40°C for a tenfold 
increase in grain size, a decrease of about 30°C for 
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Fig. 5—Determination of equicohesive temperature from 
the extent of necking at various temperatures showing the 
effect of grain size of austenitic samples. 
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TEMPERATURE OF HOT DEFORMATION, °C 
Fig. 6—-ATV—Residual elongation at —196°C of samples 
broken in high-temperature tensile tests as a function of 
the original testing temperature. 


a hundredfold decrease in strain rate, and a de- 
crease from 700°C for 1 to 2 pct deformation, to 
600°C for 15 to 20 pct deformation. The tempera- 
ture of equicohesion is therefore not a uniquely 
defined function; this is not surprising as it cor- 
responds to that temperature where, progressively, 
a new mode of deformation becomes predominant. 
The agreement between different methods illus- 
trates the relationship which exists between inter- 
granular slip and its apparent consequence inter- 
granular rupture. 

b) Soft iron: For determining equicohesion in 
Armco iron, all the methods described above were 
employed. Examination of the tensile test curves 
obtained at temperatures below equicohesive tem- 
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Fig. 7—Relation between stress and grain size of Armco 
iron samples for various elongations at 20° and 700°C. 
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Fig. 8—Creep rates for Armco iron as a function of tem- 

perature. 


perature shows that stresses are higher the finer 
the grain size; but this relationship is not clearly 
reversed for higher temperatures even up to 850°C. 
Similarly, creep tests show that the elongation and 
creep rates attained at lower temperatures are 
higher the larger the grain size, but at high tem- 
peratures this result is not distinctly reversed, 
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Figs. 7 and 8. Even from the viewpoint of fracture, 
no Clear-cut transition temperature appears to 
exist above which an abrupt diminution of area or 
residual elongation is observed as in the austenitic 
steel. 

However, an examination of rupture surfaces re- 
veals a clear transcrystalline ductile-type rupture 
at 550°C and below, while that of an intergranular 
type more or less in proportion at and above 700°C. 
These results have been confirmed by microfrac- 
tography also. The appearance of an intergranular 
viscosity at about 550°C is proved by means of in- 
ternal-friction studies as well, and by micrographic 
observations of intergranular slip, which will be 
discussed later. 

Thus in the case of iron there is certainly a zone 
of equicohesive temperature from the point of view 
of intergranular decohesion, but from the point of 
view of resistance to deformation the phenomenon 
is not distinct because it is not expressed by an 
abrupt transition either in the resistance to defor- 
mation or in the ductility; also, the number of in- 
tergranular fissures which appear about 650° or 
700°C does not increase very much with temper- 
ature. 

To understand fully this difference in the behavior 
between the austenite and the ferrite, we shall give 
our observations on structural modifications ac- 
companying deformation. 

C. Metallographic Study of Structural Modifica-_ 
tions— 

a) Soft iron: One of the most striking modifica- 
tions observed on test pieces deformed at high tem- 
peratures is a marked polygonization. Figs. 9 and 
10 show the ruptured surfaces of a tensile test piece 
nickelplated, polished, and etched after rupture at 
750°C. The polygonization here is so extensive that, 
at times, subboundaries are etched like boundaries, 
especially as seen in Fig. 9. Electron micrograph, 
Fig. 11, shows a further subdivision of these sub- 
grains with more or less clear contours (disloca- 
tion walls). 

Micrographs of tensile test pieces ruptured at 


Fig. 9—Soft iron—Optical micrograph of the structure of a 
tensile test piece broken at 750°C, showing polygonization 
specially near the grain boundaries. Note also the inter- 
granular cracks. X150. Reduced approximately 12 pct 


for reproduction. 
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Fig. 10—/d—Polygonization near grain boundaries, 
showing well-developed crystallites. X900. Reduced 
approximately 12 pct for reproduction. 


550°C does show polygonization in some grains only 
and on much finer scale. 

X-ray examinations confirm the existence of 
strongly disoriented polygonization in the tensile 
test pieces; the asterism starts to be resolved into 
spots (subgrains) from 550°C for some of the 
grains. Above 600°C, very clear spotting is ob- 
served with large disorientations (up to about 6 deg). 
Above 700°C, the spots are still more distinct and 
the rotation increases—reaching a value of 15 deg at 
750°C. The use of a microbeam of 50 yp diam proves 
that the disorientations are very much greater in the 
neighborhood of the grain boundaries than in the 
center of the grains which corresponds precisely to 
the microscopic observations. Similarly X-ray ex- 
amination of the creep test pieces, confirmed by 
microscopy as well, showed polygonization which 
appears extensively at temperatures of 550° to 
600°C and above, 7.e., at temperatures which are 
slightly lower than those in tensile tests. 

In the case of coarse-grained test pieces (obtained 
by recristallization after slight cold work), both in 
tensile and creep tests, strong rotations are ob- 
served near grain boundaries. They attain orders 
of magnitude predicted by McLean,” i.e., maximum 
disorientations in radians equal to absolute elonga- 
tion (true strain), But where the final ferrite grain 
is obtained by y—a transformation, as in the fine- 
grained test pieces employed in the present study, 
or in the very large-grained samples of high-purity 
iron studied by one of the authors,” much greater 
disorientations due to creep are observed than 
McLean’s relationship would allow. It must be noted 
that in the latter case the initial structure itself is 
polygonized (veining) although without appreciable 
disorientation. One wonders whether in this case 
fragmentation instead of being a simple polygoniza- 
tion does imply a process of nucleation and growth; 
local deformation is very great at some points and 
could give rise to small subgrains serving as nuclei 
(Cahn) which in growing would give strongly disori- 
ented crystallites. This is an impression one 
gathers after looking at Fig. 10, where one grain 
seems to grow in the other by formation of new 
subgrains. 
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Fig. 11—Soft iron—Electron micrograph of sub-grains in 
a test piece broken in tension at 750° C—nital etch, col- 
lodion-carbon-replica. All the boundaries in the figure 
are sub-boundaries. Secondary sub-boundaries can be 
seen inside the subgrains. X4000. Reduced approxi- 
mately 25 pct for reproduction. 


load 0.5 kg per sq mm, elongation 8.5 pct. Intergranular 
sliding, shown by the displacement of polishing marks. 
X500. Reduced approximately 25 pct for reproduction. 


Examination of the surfaces of creep test pieces, 
polished, etched, and subsequently crept in argon, 
reveal some other modifications of structure: in- 
tergranular sliding, Fig. 12, and grain-boundary 
migration, Fig. 13, the direction of which could be 
established by employing Beaujard’s oxidizing re- 
agent, which enables to distinguish between the ini- 
tial and the final position of the grain boundaries. 

Intergranular sliding is visible from 550°C, its 
extent increasing with temperature. 

If during hot deformation at temperatures below 
equicohesion the grain boundary is bordered with 
small grains, the migration of boundaries is ob- 
served to be inhibited. But above 650° to 700°C, 
the subgrains grow to the point where they are not 
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Fig. 13—Soft iron—Surface of a test piece after creep at 
600°C, showing grain boundary migration. X500. Re- 
duced approximately 25 pct for reproduction. 


Fig. 14—Soft iron—Microfractograph of the fracture sur- 
face of a sample elongated 2.3 pct by creep at 700°C, and 
fractured at —196°C. Zone of intergranular rupture pro- 
duced at low temperatures and intergranular fissure 
formed during creep (upper right) which can be recog- 
nized by the striations. X4000. Reduced approximately 
25 pet for reproduction. 


so numerous per grain and migration becomes 
important. 

Samples which had been crept above 600°C showed 
intergranular ruptures when broken at —196°C, 
Fig. 14. The proportion of intergranular areas in- 
creases with creep temperatures and elongations. 
Microfractographs of these rupture surfaces show: 

1) Striated zones; these striations are oxidation 
figures which are due to adsorption of oxygen on 
free surface (Moreau)™ indicating that these sur- 
faces correspond to cracks actually formed during 
creep. 

2) Smooth zones; such areas have no similarity 
with normal cleavage and correspond to intergranu- 
lar weakness along zones where the boundary has 
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Fig. 15—ATV—Micro-section of a tensile test piece 
broken at 800°C. X150. Reduced approximately 12 pct 
for reproduction. 


lost its cohesion without forming true fissures. A 
few ledges are, however, observed which could be 
embryos of fissures. 

In tensile tests intergranular decohesion appears 
at nearly the same temperatures but for higher de- 
formations. Intergranular fissures are numerous 
above about 700°C and are preferentially localized 
where the boundaries are surrounded by highly 
polygonized zones, Fig. 9. 

b) Austenite ATV: Micrographic study of this 
metal is very much more difficult than that of iron. 
Fig. 15 shows a few subboundaries, principally 
due to twinning and some vague alignments of pre- 
cipitates. But we have not been able to reveal 
clearly polygonized subboundaries. The jagged 
appearance of the boundaries indicates perhaps the 
beginning of boundary migration hindered by fine 
precipitates. 

X-rays reveal considerable asterism but much 
less than in iron; polygonization is much less per- 
fect, and even at high temperatures the spots re- 
main diffuse. 

The surface of creep test pieces even for tests in 
purified argon or in vacuum are not always perfectly 
free from chromium oxide. However, in a number 
of cases intracrystalline or intergranular slip and 
occasionally very slight boundary migration have 
been observed. Very distinct slip systems are seen 
in this steel for tests up to about 750°C (in contrast 
to iron where only a few diffuse bands are observed). 
These slip lines disappear in creep at 800°C, giving 
place presumably to fine slip. Figs. 16 and 17 show 
slip systems and intergranular sliding displacing 
the grains laterally and in depth (note the vertical 
scratches in Fig. 17). 

Grain-boundary migrations in ATV are on a very 
reduced scale, Fig. 15, and intergranular precipita- 
tion takes place during creep at higher temperatures 
above 800°C. 

Intergranular cracks appear at high temperatures, 
Fig. 4. Microfractographs of test pieces broken in 
tensile tests, Fig. 18, or in creep, Fig. 19, permit a 
closer examination of the structure of the zones of 
intergranular ruptures. In particular, Fig. 19 shows 
precipitates in their true shape formed during creep 
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Fig. 16—ATV—Optical micrograph taken after creep at 
600°C on the surface of the deformed test piece. Grain 
boundaries, twins, slip lines. X500. Reduced approxi- 
mately 25 pct for reproduction. 


Fig. 18—ATV—Electron microfractograph of the inter- 
granular zone of a test piece broken in tension at 550°C, 
showing steps on the grain-boundary surface. X4000. 
Reduced approximately 25 pct for reproduction. 


at 800°C. Their arrangement is such that they ap- 
pear in parallel planes slightly oblique to the aver- 
age direction of the boundary. 

Summing up, it can be said that ATV approaches 
the ideal case where the metal deforms by either 
intracrystalline or intergranular slip with the only 
noticeable feature of intergranular precipitation. 

c) Austenitic steel Nicral D: In order to study the 
role of intergranular precipitates a little more 
closely, we carried out a few microfractographs of 
test pieces of Nicral D crept at 600°C and 700°C 
and fractured either at room temperature or at 
—196°C. The samples were previously annealed at 
900°C which caused a precipitation of a thin film of 
carbide (Cr2;C,) at the boundaries. This film gives 
rise to intergranular rupture at low temperatures 
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Fig. 17—ATV—Surface of a test piece after 7.6 pct elon- 
gation through creep for 29 hours at 600°C under a load 
of 12 kg per sq mm. The scratch allows an appreciation 
of the extent of intergranular sliding. 


rupture surface of a test piece loaded to 4 kg per sq mm 
at 800°C, showing the arrangement of intergranular pre- 
cipitates (in black) extracted in the replica. X16000. 
Reduced approximately 25 pct for reproduction. 


(—196°C) and can thus be seen on microfracto- 
graphs of the undeformed heads of the test pieces. 
Fig. 20 shows that this film is adherent and in 
many places continuous. The carbon replica of 
the body of the test piece, in contrast, shows frag- 
ments of extracted carbide film, Fig. 21; Fig. 21 
shows very clearly some sort of polygonal blocks 
separated by hollow channels. These blocks were 
the place of carbide-metal interface, while the 
channels correspond to cracks in the carbide film, 
due to local strain. 

It can be observed that some carbides remain 
extracted in the carbon replica (black spots), in 
which case they are often displaced in respect to 
the ‘‘block’”’ or ‘‘support’’? which served as their 
base. We believe that this displacement is pro- 
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Fig. 20—Nicral D—Electron microfractograph of the 
intergranular rupture surface of the head of the test 
piece broken at low temperatures. The grain boundary 
is almost entirely covered by intergranular precipitates. 
X4000. Reduced approximately 25 pct for reproduction. 


duced during fractures at low temperatures or later 
manipulation of the replica (compare Fig. 19 where 
the carbides have remained in place during a creep 
rupture). Nevertheless, the fact that the carbides 
should be capable of these displacements in the body 
of crept test pieces and not in the heads of test 
pieces proves that creep diminishes the metal- 
carbide adhesion. 

In places where the ‘‘channels’’ are larger, cor- 
responding to places of initial metal-metal contact 
across the boundary, they appear striated (as the 
striated zone of Fig. 14). 


INTERPRETATION OF RESULTS 


One of the first problems posed by our experi- 
ments is the difference in the behavior of the Armco 
iron and the austenitic steel as regards equicohe- 
sion. Metallographic study of structural modifica- 
tions has helped to clarify this difference. In the 
austenite the phenomena are simple and are related 
to intracrystalline or intergranular slip; when the 
latter becomes predominant, equicohesion is at- 
tained. In places where the grain boundaries pre- 
sent irregularities (the nature of which we will exa- 
mine presently), holes are formed under the effect 
of intergranular slip. In the case of iron, however, 
other phenomena due to interaction of various modes 
of deformation disturb the mechanism; these being 
polygonization and grain-boundary migration which 
become predominant precisely at the temperature 
where grain-boundary sliding should be important. 
Polygonization in iron replaces layers bordering 
on the grain boundary by beds of small perfect 
crystallites, Fig. 10, whose effect is to mask the 
influence of initial grain size; thus, whatever the 
initial grain size, the grain boundaries are in a fine- 
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Fig. 21—Nicral D—Microfractograph of the rupture sur- 
face at low temperatures of a test piece crept at 600°C 
and 30 kg per sq mm. The intergranular precipitate was 
fragmented, and some pieces (black) are extracted in the 
replica. X16000. Reduced approximately 25 pct for re- 
production. 


grained zone, which is why at and above the equico- 
hesive temperature all test pieces creep at nearly 
the same rate, Fig. 8. The fine polygonization at 
the grain boundaries also favors the formation of 
intergranular fissures, Fig. 9, due to the fact that 
it renders grain boundaries sinuous and full of 
‘triple points’’ between crystallites, two factors 
favoring intergranular decohesion. The migration 
of grain boundaries at higher temperatures, on the 
other hand, tends to ‘‘cure’’ the grain boundaries 
of the submicroscopic pores or precipitates thus 
avoiding rupture due to decohesion. De Beaulieu” 
has shown that in the case of iron boundary migra- 
tion counteracts intergranular brittleness. This is 
why ductility of iron increases again at high tem- 
peratures as shown by our torsion tests at 1000° to 
1200°C”° and by Grant and others™ for aluminum. 
Grant concluded from his tests that ‘‘cracking pre- 
vents migration.’’ This is certainly true and so also 
is the reverse, namely, ‘‘grain-boundary migration 
inhibits intergranular cracking.’’ In fact, these two 
are competitive processes. 

The foregoing statements go to prove also that 
there is an interaction between viscous gliding and 
intracrystalline slip—an interaction pointed out by 
McLean.* Here again, slip in one grain is hindered 
by the adjoining grain and, inversely, the curvature 
of the boundaries or the existence of triple points 
hinders intergranular sliding. But it seems that 
nobody has insisted strongly enough on the multiple 
aspects of this interaction between the grain bound- 
ary and the grain, which acts sometimes in one di- 
rection and sometimes in the other. Here are a few 
examples: 

1) In general, the boundaries hinder intracrystal- 
line slip, even at high temperatures. This is clear 
from Fig. 16 for austenitic steel. 
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Fig. 22—Activation 
energies for de- 
formations governed 
by two mechanisms. 


2) In return, the boundaries can favor crystalline 
deformation to some extent, by concentrating the 
stresses at certain points (folding at triple points, 
for example), because of their viscous relaxation. 

3) In some cases, intracrystalline slip can create 
obstacles to intergranular sliding, as proved by the 
observations® that at the ends of slip bands the 
boundary becomes sinuous. 

4) In contrast, as a general rule, deformation of 
the grain seems to favor intergranular slip. This is 
demonstrated by the fact that for austenitic steel 
equicohesive temperature is lower, the higher the 
deformation. 

The multiplicity of these interactions leads to the 
following important question: 

In high-temperature creep, which is the factor de- 
termining the speed of deformation—viscous sliding 
at the boundaries or intracrystalline deformation ? 

In order to answer this important question, the 
activation energies for creep have to be considered 
in the case where several modes of deformation are 
acting together. Suppose that two mechanisms in- 
tervene, with two different activation energies, Q, 
and Q,, so that the rate of deformation € corre- 
sponding to each individual process vary with abso- 
lute temperature T as represented on Fig. 22 (AA’ 
for the process with activation energy Q,, BB’ for 
the process with Q,). At temperature of equicohe- 
sion T,, both mechanisms give the same rate. 

If the total deformation is due to the sum of the 
two elementary processes acting independently 
(processes ‘‘in parallel’? or competitive), the ap- 
parent activation energy will be given by the slope 
of the upper curve (full curve BA’ in Fig. 22). At 
temperature well below or above 7¢, the total de- 
formation will be governed by the faster process, 
with activation energy Q, below T., and Q, above; 
around 7,, there is a gradual shift from one value 
to the other. 

But if the two processes are ‘‘in series,’’ 7.¢., if 
both elementary mechanisms are required to oper- 
ate for the deformation to take place, the slower will 
govern the overall rate, and the apparent energy will 
be given by the slope of the dotted curve AB’ on 
Fig. 22. The activation energy will be Q, above 7., 
and Q, below, with a gradual shift between both val- 
ues near 7,. 

From Table III it is seen that the calculated ac- 
tivation energies for high-temperature creep are 
equal to or greater than the activation energies for 
self-diffusion. Equality is encountered in the case 
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of aluminum, according to Dorn, and in the present 
work very nearly so for alloys in the austenitic 
state (except for ATV in torsion at 1000° to 1200°C). 
The case of iron is a little peculiar because of ob- 
stacles to the dislocations which dissolve when the 
temperature increases.” Applying the theory of 
Friedel, * the speed of deformation is governed in 
this region by the climb of dislocations which brings 
into play two mechanisms in series, absorption or 
emission of vacancies by a jog and diffusion of 
vacancies over short distances. According to this, 
apparent activation energy measured at high tem- 
peratures should be equal to that of self-diffusion 
while at lower temperatures it should be a little 
higher. This trend is actually observed for iron. 

Dorn, in the case of aluminum, has found activa- 
tion energies equal to that of self-diffusion at high 
temperatures while lower values at lower tempera- 
tures. This is explained, following Friedel,” by 
the intervention of another mechanism ‘“‘in paral- 
lel’’: the formation of cross slip. This mechanism 
invoked by Seeger to explain the transition point of 
tensile test curves makes no appeal to the diffusion 
of vacancies and seems to correspond well with the 
activation energy of 28 kcal per mol found by Dorn 
for aluminum at intermediate temperatures. The 
competitive mechanism of dislocation climb by va- 
cancy diffusion would be important only at higher 
temperatures. 

Under these conditions it would be interesting to 
see here how cross slip affects the two metals in 
the present study. 

In the austenite ATV, where the dislocations are 
strongly decomposed, cross slip is difficult, so 
much the more because the decomposed partial 
dislocations are stabilized by a Suzuki effect, the 
existence of which is clearly demonstrated by the 
existence of Portevin-Le Chatelier effect” in the 
range of 400° to 500°C. Also well-defined slip bands 
without cross slip are observed at temperatures up 
to 750°C. This cross-slip mechanism with a higher 
activation energy than for self-diffusion can develop 
at higher temperatures, thus accounting for the 
higher activation energies observed at 1000° to 
1200°C in ATV. 

In iron, the absence of decomposed dislocations 
and the presence of numerous slip planes renders 
cross slip so easy that it cannot in any case govern 
the creep rate at the temperature of our tests. The 
latter depends essentially on the climb of edge por- 
tions of dislocations loops, a case where Friedel’s 
theory accounts well for the observed effects. 

This discussion of the activation energies shows 
that the experimentally determined values can be 
fully explained by theoretical considerations bring- 
ing into play a purely intracrystalline mechanism. 
It would be an extraordinary chance if a purely in- 
tergranular mechanism (for example Mott’s local 
fusion) could equally explain these values, the more 
so since Jung and Maddin™ have shown, in the case 
of slip as completely intergranular as is possible 
to achieve in practice, the activation energies to be 
extremely variable and in general very much 
smaller than that for self-diffusion. Also the fact 
that a well-polygonized structure suppresses the 
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internal friction peak due to the grain boundaries™ 
proves that the so-called ‘‘intergranular viscos- 
ity’? depends on the arrangement of dislocations in 
the crystal. 

Another observation, that activation energies are 
lower for larger grain sizes, can be explained also 
by Friedel’s theory if it is admitted that it is the 
deformation of the layers in the vicinity of the 
boundaries which governs the creep rate. Actually, 
in these layers, the neighboring boundaries disturb 
the vacancy equilibrium, acting principally as va- 
cancy sinks, so that the dislocation jogs are no 
longer ‘‘saturated’’ in Friedel’s sense, thus yielding 
an activation energy a little higher than that of self- 
diffusion. The finer the grain, the higher the pro- 
portion of the volume occupied by the layers border- 
ing the boundaries, which explains our observations 
that fine-grained samples yield higher values of 
activation energies. 

Having thus shown that the creep rate is governed 
by the deformation of crystal layers bordering on 
the boundary, we propose to discuss, on the disloca- 
tion scale, the multiple interactions we pointed out 
at the start of this discussion, as also the migration 
of boundaries and the formation of cracks or inter- 
granular porosity. 

The important question of intergranular porosity 
is already receiving careful attention.*%*”’ Ag- 
glomeration of lattice vacancies alone does not seem 
capable of explaining the nucleation of microcracks, 
although very probably it plays a part in their 
growth. We have already seen above that the grain 
boundaries act as ‘‘vacancy sinks’’; vacancies are 
attracted towards the ‘‘tips’’ of embryonic micro- 
cracks™ (if they exist), which tends to extend the 
cracks laterally. On the other hand, the surface 
tension tends to round out the cracks by atomic 
migration on the internal surfaces of these cavities; 
this effect is only perceptible when the micro- 
fissures are small; that is why at the start they ap- 
pear under the form of pores or channels. 

This mechanism of vacancy diffusion and surface 
diffusion is one of the possible mechanisms for the 


Fig. 23—A’A and B’B are dislocations (mostly edge) join- 
ing the boundary (plane pictured here) in A and B. Be- 
tween A and B is a bundle of small ‘‘boundary-disloca- 
tions.’’ 
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growth of intergranular porosity. We will see pres- 
ently another mechanism which involves intergran- 
ular slip combined with surface tension to round out 
the pores. As for the nucleation of cracks, the stud- 
ies cited above prove that it is necessary to have 
the simultaneous action of grain-boundary glide and 
intracrystalline slip in the adjoining crystallite 
layers. This brings us back to the interaction be- 
tween crystalline dislocations and viscous gliding 

at the boundaries. We will not examine here in de- 
tail the mechanism of viscous sliding at the bound- 
aries; it can be described by a movement of dis- 
locations® either arranged in well-separated lines 
or forming a more or less continuous distribution 
of infinitely small dislocations. 

Let us therefore consider a dislocation loop ap- 
proaching a boundary and in particular the frontal 
portion nearly parallel to the boundary: 

a) If this portion is screw only it is known“ that 
at temperatures where the boundary is viscous, 
screw dislocations can approach it without re- 
straint, the force exerted by the image dislocation 
being nil. Screw dislocations can therefore enter 
the boundary. If the Burgers vector is not rigor- 
ously parallel to the boundary, their entry into the 
boundary is still possible, at the price of a few jogs. 
If the dislocation is decomposed into partials, entry 
requires a ‘‘constriction’’ (as for cross slip). The 
part of the dislocation which has entered the bound- 
ary can itself be decomposed into lines of partial . 
(intergranular) dislocations, Fig. 23. The entry into 
a boundary is equivalent to cross slip. Once in the 
boundary, these parts of the dislocation can slide, 
the sliding itself in this case being an activated 
process to turn around the anchoring points AB, 
Fig. 23, as around a Frank-Read source; they thus 
contribute to intergranular slip. 

b) Conversely, an intergranular slide which ends 
on an obstacle can send a cross slip into one of the 
neighboring grains if the boundary at this point is 
very nearly parallel to a Burgers vector of the 
dislocations in the crystal. 

c) If the leading part of the dislocation is princi- 
pally ‘‘edge,’’ it could be repulsed by the neighbor- 
ing grain, the image force not being negligible (even 
if the boundary permits relaxation by slip). If this 
repulsion is overcome (in aluminum, quasi-isotropic 
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Fig. 24—A mechanism for intergranular migration or 
microcrack-formation. XY is a section of the boundary 
surface, AB a step or ledge in the boundary due to intra- 
crystalline slip ending there. 
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from the elastic viewpoint, this repulsion is weak), 
so that the dislocation creates an actual step in the 
boundary, such as AB in Fig. 24, it must cross the 
latter completely, which necessitates: 

1) either a very special relationship between the 
orientations of the two grains, or 

2) an approximate relay, according to Friedel, at 
the other side of the boundary through neighboring 
Frank-Read sources. If this relay is difficult to op- 
erate (for example in the case of austenite ATV 
where the sources are locked by a Suzuki effect), 
an elevated stress would be necessary to Start it 
working, therefore, not one or a few dislocations, 
but a whole pileup is required. Thus a great num- 
ber of dislocations will cross the boundary one after 
the other and the step AB will be high. 

Supposing that once the step is created and the 
boundary tends to glide in the sense indicated by the 
arrow 1, the step AB constitutes an obstacle. Along 
BY the shear stresses relax while they are concen- 
trated at A on XA. If then, following the local re- 
arrangement, the volume AA’ B’B takes up the 
structure of crystal I (which corresponds to a local 
boundary migration) the slipping along XA could 
continue to A’ and so recover a portion of the 
work due to the external force. The lower the step 
AB the greater this recovered work in relation to 
the activation energy necessary to reform the struc- 
ture of the volume AA’ B’B. Therefore, the external 
force can assist local migration of the boundary on a 
step and the smaller the step the greater the help 
rendered. If there are several steps in the same 
sense on the part of the boundary and if the process 
is repeated, the sum of these local migrations pro- 
duces a rotation of the boundary with respect to the 
test piece. 

If excess vacancies are present in the neighbor- 
hood, they can diffuse to the right of the step and 
thus displace it. 

If the shear force is exerted in the sense of the 
arrows 2, two possible mechanisms can operate: 

—either a local migration, symmetrical to that 
described in the first case, 

—or fracture (a mechanism already proposed”” 
but in isolation) the volume ABB” A” becoming 
empty, a mechanism which will be greatly fa- 
cilitated if vacancies exist nearby. It could then 
be rounded out by surface diffusion and grow 
either by slip or by capturing the vacancies 
(Machlin),?” or by both. 

That is the reason why boundary migration and 
the formation of intergranular pores are two com- 
petitive processes, which are mutually exclusive. 
The factor determining the choice between the two 
processes will be the height of the step AB. A large 
step height will hinger boundary migration and 
assist decohesion. This is the case in the austenite 
ATV where the steps are high and migration diffi- 
cult, at least up to 700°C. These steps can be dis- 
tinctly seen on the microfractographs of intergran- 
ular ruptures, Fig. 18. 

Above 750°C, the austenite ATV deforms by fine 
slip, the steps should become smaller (the Suzuki 
effect disappearing) but, at this juncture, another 
phenomenon hinders migration, namely, precipita- 
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tion of carbides. The inhibiting effect of precipi- 
tation on boundary migration has already been 
pointed out in the case of aluminum.”® 

It now remains to examine closely the influence 
of intergranular precipitates on the formation of 
microcracks at the boundaries. 

The observations on the intergranular fracture 
of Nicral-D steel showed that the thin carbide film 
in the plane of the boundary can fragment or glide 
with respect to the matrix if the carbide-metal bond 
is not solid enough. In the first case breaks in the 
continuity form at the fractures which seem to 
transform into larger channels or pores. In the 
second case, the carbide layer plays the role of the 
step of Fig. 24, a step which hinders boundary mi- 
gration so that this mechanism could start a crack. 
In the case where the carbides are isolated and ob- 
lique to the average direction of the boundary, 

Fig. 19, this step effect may be accentuated and can 
start rupture. 

There are thus several mechanisms by which flat 
precipitates, not very adherent to the metal, could 
trigger intergranular cracking. It is true, on the 
other hand, that the presence of these precipitates 
slows down creep and grain-boundary slip, which 
diminishes the chances of rupture. It is rather 
difficult to say which of these two opposing effects 
is more important. 

It is better, in order to avoid intergranular crack- 
ing, to have relatively large round precipitates well 
anchored to the metal surrounding them and strong 
so that they will not cleave. The density of these 
intergranular precipitates is also of some im- 
portance.” 

In parts of the boundary where there are no pre- 
cipitates it seems that some pores form easily 
enough. These are recognizable on microfracto- 
graphs by their oxidation striae. We have observed 
in this connection the role of oxygen either dissolved 
in the metal or diffusing from the surface to the 
boundaries; besides the oxide precipitates that it 
could form, oxygen has also a tendency to segregate 
to the grain boundaries lowering their cohesion (de- 
cohesions of this type have been observed in micro- 
fractographs), and finally it is absorbed on the in- 
ternal surfaces of the cavities which are created, 
and being strongly surface-active lowers their sur- 
face tension®’ aiding by this mechanism their for- 
mation and growth. The oxidation striae illustrate 
this mechanism. 


SUMMARY 


1) The high-temperature deformation of a soft 
iron and a low-carbon stable austenite has been 
studied in tensile creep and torsion tests. 

2) The modifications of structure produced by the 
deformation have been investigated by means of mi- 
crography, X-rays, and microfractography. 

3) The activation energies of the mechanism 
governing the deformation have been calculated in 
the range 550° to 1200°C. The activation energies 
for the austenite increase slowly with temperature, 
the values being of the order of the activation energy 
for self-diffusion, or somewhat higher. For iron, 
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the same relation holds good for the y state, but in 
the a state the apparent activation energy is much 
higher, reaching 100 kcal per mole, and decreasing 
with temperature. Internal friction measurements 
show that the true activation energy is lower (for a 
iron); the discrepancy being due to precipitates or 
clouds blocking the dislocations, which dissolve 
when the temperature is raised. 

The activation energy is higher for fine-grained 
than for coarse-grained samples. 

4) The equicohesive temperature has been cal- 
culated by several methods. For the austenite, it 
is well defined and varies between 600° to 700°C, 
depending on the rate and amount of deformation 
and grain size. For iron it is not well defined, and 
coarse-grained samples do not become superior in 
resistance to fine-grained ones at a high tempera- 
ture. 

5) In both metals the rupture at high tempera- 
ture is intergranular. But for austenite, the transi- 
tion from transcrystalline to intergranular rupture 
occurs in a narrow range of temperature, corre- 
sponding to the equicohesion as indicated above in 4; 
while for iron, the transition is not well marked, and 
spreads over a large interval of temperatures. 

6) Polygonization is very abundant and sharp in 
soft iron, but hardly visible in austenite. In iron, 
large rotations accompany polygonization in the 
zones surrounding the boundary, thus replacing the 
original grain by much finer crystallites; this ex- 
plains why the equicohesion is not well defined for 
iron. 

7) Austenite deforms by intracrystalline slip 
(producing visible slip lines up to 750°C) and by 
intergranular glide. When the latter becomes 
larger, cracks form at grain boundaries. 

8) Soft iron deforms with very vague slip bands, 


i.e., by fine slip. Grain-boundary glide is also 
active. 

9) Grain-boundary migration is absent or very 
slight in austenite, where some carbides precipitate 
at grain boundaries during slip. But in soft iron, 
large boundary migrations, which ‘‘cure’’ the bound- 
aries, are observed, thus inhibiting crack formation. 

10) Microfractography confirms the presence of 
intergranular pores, identified by oxidation striae, 
and of zones of low cohesion. In a commercial aus- 
tenite carbide films formed at the boundary are 
fragmented during slip, and the quality of the bond 
between carbide and matrix seems to play an im- 
portant role in microcrack formation. 

11) Friedel’s theory explains all the observed 
activation energies. Consideration of this theory 
proves that the factor which governs creep rate is 
the deformation of crystal zones surrounding the 
grain boundaries. 

12) The different types of interaction between 
grain-boundary gliding and intracrystalline slip 
can be explained by a theory: screw dislocations 
can ‘‘enter’’ a boundary and contribute to inter- 
granular glide, while edge components can create 
steps on the boundary. 

13) The height of these steps depends on several 
factors such as: decomposition of dislocations in 
partials, Suzuki effect, and so forth. The difference 
in behavior between ferrite and austenite can thus 
be explained. 

14) Based on the interaction between these steps 
and boundary glide, a mechanism is proposed which 
explains why grain-boundary migration and cracking 
are two competitive mechanisms. 

15) The optimum disposition and quality of inter- 
granular precipitate is deduced from these theoret- 
ical considerations. 
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Texture of Cold-Rolled and Recrystallized Crystals 


of Silicon-lron 


Single crystals of silicon-iron were rolled and recrystallized. The texture obtained 
on recrystallization depends on the orientation of the crystal. Minor components may 
serve as nuclei for the recrystallizing grains. Rotation relationships are discussed. 
Polycrystalline textures are rationalized on the basis of components present in the rolled 


texture. 


J.L. Walter and W. R. Hibbard, Jr. 


A GREAT deal of work has been done on the roll- 
ing of single crystals of iron. Barrett and Levenson’ 
studied end orientations of heavily cold-rolled iron 
crystals and found that some crystals maintained a 
sharp Single orientation during rolling. Others ro- 
tated into two or more orientations, and some frag- 
mented and approached the entire polycrystalline 
texture depending on the original orientation of both 
the normal and rolling directions. 

Barrett, Ansel, and Mehl? studied iron-silicon al- 
loys and found that the addition of silicon to the iron 
had little effect on heavily rolled polycrystalline 
material. 

Dunn* has extensively studied the cold-rolling and 
recrystallization of silicon-iron single crystals. 
Dunn found that for single crystals having initial 
orientation between (110) [001] and (111) [112], the 
principal component of the cold-rolled texture is 
(111) [112]. 

Koh and Dunn* studied the cold-rolled textures of 
single crystals having initial orientations in the 
range (001) [110] to (111) [110] and found that these 
are stable end orientations. They also found that all 
orientations having a [110] direction parallel to the 
transverse direction rotate to either the (001) [110] 
or the (111) [112] stable end orientation except for 
orientations near (112) [111], which divide and pro- 
duce a final texture consisting of (001) [110]and 
(111) [112] components. 

Crystals having a {111} <112>-type texture re- 
crystallized to a (120) [001] or (110) [001]-type 
texture. Crystals having orientations with a range 
of (001) to (335) in the rolling plane and [110] in the 
rolling direction recrystallized® to a wide spread of 
the initial orientations resulting from a multiplicity 
of 30-deg rotations about several {110} poles. 

The present study was undertaken to relate other 
orientations of crystals of silicon-iron to their cold- 
rolling and recrystallization textures, so that one 
might rationalize polycrystalline recrystallization 
data on the basis of the known deformation texture 
and the behavior of single crystals in these orienta- 
tions. 


J. L. WALTER, Junior Member AIME, and W. R. HIBBARD, Jr., 
Member AIME, are with the Metallurgy and Ceramics Research Dept., 
General Electric Co., Schenectady, New York. 

Monuscript submitted April 22, 1957. 
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PROCEDURE 


Samples were obtained from a cylindrical ingot of 
3 pct silicon iron prepared as follows: Armco iron 
was melted with high-purity silicon flakes under an 
atmosphere of argon to minimize oxidation. The 
alloy was poured into a special mold to form an in- 
got which consisted partially of large columnar 
crystals. 

Plates were cut from the columnar portions of the 
ingot with the longitudinal direction parallel to the 
columnar axes and ground to 0.040 in, thick. The 
plates were heavily etched to a thickness of 0.032 in. 
to remove the cold-worked surface. 

Orientations of seventeen crystals were deter- 
mined by Laue back-reflection techniques keeping 
the mean columnar axis as the reference direction. 
The plate was then cut in two, parallel to the colum- 
nar axis. 

One portion of the plate was rolled at room tem- 
perature parallel to the columnar axis to a reduc- 
tion in thickness of 84 pct. The remaining portion 
of the plate was rolled also at room temperature 
across the columnar axis to a reduction of 66 pct, 
at which point the crystals began to separate at the 
boundaries. 

After rolling, nine individual crystals were re- 
moved from the strip by cutting along the crystal 
boundaries with a jeweler’s saw. Fig. 1 shows the 
original orientations of the six crystals that were 
straight-rolled and of the three crystals (4, 7, and 
8) that were cross-rolled. Each rolled crystal was 
carefully etched to approximately 0.002 in. thick. 

Textures of the cold-rolled crystals were deter- 
mined by use of the diffractometer with a non- 
integrating sample holder. The pole figures were 
made for the (200) poles using molybdenum K, radi- 
ation and were plotted by an automatic stereographic 
projection recorder.°® Spurious poles were deter- 
mined by rerunning portions of the pole figures us- 
ing strontium oxide to filter out the K, radiation.’ 
The central portions of the pole figures have not 
been determined. The pole figures were completed 
to about 55 deg from the periphery at which point 
the sample holder interfered with passage of the 
beam. 

Following the determination of the cold-rolled 
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ROLLING DIRECTION-CRYSTALS 11, 2,14,16,17, 19 
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270 
Fig. 1—Orientations of the cube poles of the nine single 
crystals used in study. 


textures, the 0.002-in.-thick crystals were annealed 
at 1000°C for 16 hr in pure dry hydrogen between 
%-in.-thick steel plates coated with MgO to prevent 
sticking. Pole figures were made of the recrystal- 
lized samples in the same manner as for the cold- 
rolled crystals except that an integrating sample 
holder was used. 


RESULTS 


Cold-Rolled Orientations—The crystals after 
cold-rolling can be divided into four clearly defined 


ROLLING DIRECTION 


270 
Fig. 3—Crystals 11, 19. 
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DIRECTION 
30 


270 
Fig. 2—Crystal 8. 


groups according to their initial orientation, their 
cold-rolled orientation, and their texture after re- 
crystallization, as follows: 


Group A B Cc D 


4,7,12 


None of the crystals retained their initial orienta- 
tion during rolling and annealing with the possible 
exception of crystal 8, which remained near a 
(110) [110] orientation as shown in Fig. 2. 

In addition to crystal 8, crystals 11, 16, and 19 


Crystal No. 11,19  14,16,17 


ROLLING DIRECTION 


270 
Fig. 4—Crystals 14, 17. 
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ROLLING DIRECTION 


Fig. 5—Crystals 4, 7. 


developed a single orientation during rolling, while 
the rest split to form two components indicative of 
the formation of deformation bands. Crystals 11 

and 19 were near the (110) [001] orientation, Fig. 1, 
and on deformation rotated to the (111) [112] ori- 
entation, Fig. 3, previously described by Dunn.* 
Crystals 14 and 17, which were oriented near the 
(210) [001] orientation, developed two components 
near (312) [112] which were mirror images across 
the transverse plane and similar in type to the 


ROLLING DIRECTION 


Fig. 7—Crystals 12, 14, 16, 17. 
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Fig. 6—Crystal 12. 


(111) [112] texture but tilted 10 deg to 15 deg 
toward the transverse direction. The texture of 
both crystals is typified by Fig. 4. Crystal 16 
developed a single (312) [112]-type texture. 

The cross-rolled crystals 4 and 7, which were 
initially near the cube orientation, split into sym- 
metrical components (typified by Fig. 5) which can 
best be described as (100) [001] rotated about 30 deg 
in both directions around the normal to the rolling 
plane on either side of the rolling direction, ?7.e., 
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Fig. 8—Crystals 11, 19. 
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Table | 
Rotation, 
Crystal No. Axis Deg Direction* 
12 Sil 46 cc 
7i1 36 c 
14 33 Cc 
021 33 cc 
16 133 25 Cc 
17 353 52 Cc 
321 42 cc 
11 133 38 cc 
19 335 29 cc 
4 117 21 cc 
117 26 Cc 
7 153 22 cc 
135 35 ¢ 
8 331 10 cc 


*CC — Counterclockwise; C — Clockwise. 


near (001) [210]. Crystal 12 was also initially near 
the cube orientation, but was straight-rolled to the 
orientation in Fig. 6. One component of crystal 12, 
in Fig. 6 on the primitive circle, was similar to the 
(001) [210] components of crystals 4 and 7 in Fig.5 
and rotated about the normal to the rolling plane. 
The other component of crystal 12 can be best de- 
scribed as a cube-on-edge component rotated about 
20 deg around the rolling plane normal to an orien- 
tation near (110) [115]. Table I lists a set of axes 
of apparent rotation and the amount of rotation from 
the single crystal to the cold-rolled orientation. No 
unique rotation is apparent. 


RECRYSTALLIZATION* ORIENTATION 


Of the six crystals rolled parallel to the columnar 
axis, four crystals, 12, 14, 16, and 17 recrystallized 
to essentially a cube texture.** Fig. 7 typifies the 


*Note: The term ‘recrystallization” is used to denote the effect of 
the annealing treatment. Actually it may involve both recrystallization 
and grain growth. 

**Note: Crystal 12 is about 10 deg off the cube texture, near (001) 
[510]. Crystals 4 and 7 are also about 15 deg off the cube texture, near 
(015) [510]. Crystals 14, 16, and 17, Fig. 7, are up to 15 deg off the 
cube orientation, near (013) [100]. 
recrystallization textures of these crystals. The 
remaining crystals, 11 and 19, Fig. 8, recrystallized 
to a (011) [100] texture in agreement with Dunn.° 

Two of the three cross-rolled crystals, 4 and 7, 
recrystallized to a near (100) [001] texture typified 
by Fig. 7. Crystal 8, which originally had a (011) 
[011] orientation, recrystallized to a (331) [551] 
texture which is close to the original orientation. 
Fig. 9 shows the relationship between the recrys- 
tallization textures and the initial orientations of 
the single crystals. Cube poles are plotted in this 
figure. It can be noted that all crystals recrystal- 
lized to an orientation within about 35 deg of the 
initial orientation before rolling. 

The axes and amount of apparent rotation from 
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the cold-rolled orientation to the recrystallization 
orientation are listed in Table II. Again there is no 
unique rotation by this analysis. 


DISCUSSION OF RESULTS 


Cold-Rolled Textures—The initial orientations of 
crystals 11 and 19 of Group A are plotted in Fig. 10, 
along with the orientations of the crystals after 
cold-rolling and after recrystallization. The end 
orientations indicate agreement with the results of 
Barrett and Levensen* and Dunn’ for single crys- 
tals having similar starting orientations and cold- 
rolled 80 pct or more. The rotation away from the 
(110) [001] orientation during rolling is consistent 
with the results obtained by Decker and Harker.*® 
Based on the considerations of flow and slip pro- 
posed by Pickus and Mathewson™ and Hibbard and 
Yen,** this rolling texture can best be rationalized 
by (123)-type slip in [111] directions, which is the 
favored slip system. It is interesting to note that 
the axes of rotation in Table II are also near [123] 
consistent with the findings in face-centered-cubic 
materials®® where the axis of rotation is a pole of 
a possible active slip plane. 

The Group B crystals 14, 16, and 17, Fig. 11, 
were oriented near (210) [001]. Because of the 
lack of symmetry the rotated (111) [112]-type tex- 
ture becomes one with a (123) plane nearly in the 
rolling plane which again suggests (123)-type slip 
in accordance with the considerations of Pickus and 
Mathewson, and Hibbard and Yen. For crystal 16, 
the recrystallization rotation axis is [123] type. 

Group C, Fig. 12, consisted of crystals 4, 7, and 
12, which were rolled from an initial nearly cube 
orientation. Crystal 4 was 4 deg from (001) [100]; 
crystal 7, nearly (013) [100]; and crystal 12, ap- 
proximately (117) [711]. These crystals rotated 
about the rolling plane normal, approximately a 
cube axis, during deformation, Parts of crystals 


Table Il 
Rotation, 
Crystal No. Axis Deg Direction* 
12 213 34 c 
i102 29 c 
14 ii1 44 cc 
012 72 cc 
16 132 49 c 
17 101 57 c 
335 68 c 
11 135 44 c 
19 135 35 c 
4 iis 22 Cc 
1is 28 cc 
7 031 17 Cc 
012 40 cc 
8 010 10 c 


*CC — Counterclockwise; C — Clockwise. 
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ROLLING DIRECTION 


270 
Fig. 9—Orientation of the cube poles, the recrystallized 
crystals, andthe initial orientation of the single crystals. 
Single crystals —© 
Recrystallized 


4 and 7 rotated about 16 to 27 deg in both direc- 
tions, suggesting deformation band formation and 
resulting in (001) [210]-type orientation. It can be 
seen from Fig. 6 that crystal 12 formed two com- 
ponents during rolling, the major component having 
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270 


Fig. 11—Relationship between initial orientations and ori- 
entations of cold-rolled and recrystallized crystals 14, 16, 
17 (Group B). 

© — Initial 

A — Cold-rolled 

— Recrystallized 


(Cube poles) 
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ROLLING DIRECTION 


270 
Fig. 10—Relationship between initial orientations and ori- 
entations of cold-rolled and recrystallized crystals 11 and 
19 (Group A). 

© — Initial 

A — Cold-rolled 

— Recrystallized 


(Cube poles) 


an (001) [210] orientation similar to one component 
of the rolled textures of crystals 4 and 7 of GroupC. 
The minor component, however, has an orientation 
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Fig. 12—Relationship between initial orientations and ori- 
entations of cold-rolled and recrystallized crystals 4, 7, 
12 (Group C). 
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similar to the other cold-rolled textures of Group B 
crystals 14 and 17. 

The divided and rotated textures of crystals 4 and 
7 are changing from (100) [001] toward the ideal end 
orientation (100) [011] obtained for cold-rolled 
polycrystalline body-centered-cubic metals.** Since 
(112) slip is favored, the rotation about the pole of 
the rolling plane is believed to be an effort to bring 
the slip direction [111] closer to the rolling direc- 
tion. Since there are four (112) planes symmet- 
rically disposed with regard to the compression 
axes, no change of orientation of the rolling plane 
would be expected. 

Crystal 8 (Group D), which had an initial orienta- 
tion (110) [110], maintained the orientation during 
rolling, except for a small rotation about a [331] 
axis. This is consistent with the operation of (123)- 
type slip predicted by Pickus and Mathewson and 
Hibbard and Yen. 

Recrystallization Textures—Study of Fig. 9 shows 
that if a cube plane of the original crystal is within 
30 deg of being parallel to the rolling plane and the 
cube direction is near the rolling direction, the re- 
crystallization orientation approached the (100) [001] 
orientation. If the angle between a cube plane and 
the rolling plane is greater than 30 deg even though 
a cube direction is in the rolling direction, the re- 
crystallization orientation approached the (110) [001] 
orientation. The failure of crystal 11 to go toward 
the (100) [001] orientation as crystal 14 did, in 
spite of their similar initial orientations, may be 
ascribed to the difference in orientation of the cube 
directions of the two crystals with respect to the 
rolling direction. These results are consistent with 
those reported by Chen and Maddin™ for molyb- 
denum single crystals. 

The recorder chart traces obtained during X-ray 
diffraction of the cold-rolled crystals were exam- 
ined for evidence of orientations corresponding to 
the recrystallized texture. Six of the nine traces 
showed minor peaks having the same orientation as 
the mean recrystallized texture. These peaks rep- 
resented intensities too low to be recorded by the 
automatic pole-figure recorder, and constitute a 
minor component of the cold-rolled texture. This 
minor component was possibly the source of the 
recrystallization textures. 

Polycrystalline Textures—In Fig. 13 the deforma- 
tion orientations of several single crystals of dif- 
ferent initial orientation are shown superimposed 
on the outline of the (100) pole figure for cold-rolled 
polycrystalline iron, taken from Barrett.** Data on 
orientations A, B, C, and D are from this work. 
Data on orientations C, D, E, F, and G are from 
Dunn and Koh.** The high intensity in the range 
E to F is a stable end orientation to which all ad- 
jacent orientations tend to rotate. 

The above distribution of deformation compo- 
nents and the recrystallization kinetics combined 
to determine the recrystallization texture. Com- 
ponents of the deformation texture which recrys- 
tallize most rapidly will be those ultimately found 
in the recrystallization texture provided the com- 
ponent is suitably oriented with respect to adjacent 
material for growth. Based on the polycrystalline 
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Final cold-rolled orientation 


Fig. 13—Initial single- 
(plotted on pole figure). 


crystal orientation. 


A (100) [001] A (100) [ 320] 
B (210) [001] B (231) [ 112] 
C (110) [001] C (111) [112] 
D (110) [011] D (110) [011] 
E (100) [011] E (100) [011] 
F (112) [011] F (112) [011] 
G (111) [011] G (111) [011] 


deformation texture and Dunn and Koh’s work® on 
recrystallization at 980°C, one would expect to 
find the fast-forming (110) [001] recrystallization 
texture which arises from the (111) [112] deforma- 
tion component. Also, one would expect the ab- 
sence of the (100) [011] or any components up to 
(112) [110], which are so-called stable end orienta- 
tions, since these components recrystallize slowly. 

Dunn” has shown from bicrystal studies that while 
the (111) [112] deformation texture recrystallizes 
rapidly to a fine-grained (110) [001] orientation, it 
does not grow into adjacent (100) [011]. Thus, 
during primary recrystallization of polycrystalline 
material one would expect no more (110) [001] ma- 
terial than there was (111) [112] material in the 
deformation texture. 

Regarding (100) [011] material, it recrystallizes 
Slowly and thus will be consumed by any orientation 
which will grow into it. Therefore, one must also 
consider the range of orientations from (001) [110] 
to (335) [110] which are present in the deformation 
texture. Dunn and Koh* have shown that these com- 
ponents recrystallize to orientations related by 
30-deg rotations about [110] poles. These new ori- 
entations resulting from the rotations minus the 
deformation components, which in this case would 
not be expected to be retained, lead to recrystallized 
components in the range (001) [210] to (125) [210]. 
These components can be found in the high-intensity 
portions of pole figures? of recrystallized iron- 
silicon alloy. The (111) [112] component is believed 
not to be present, since there is no high-intensity 
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(110) concentration in the transverse direction. 

The (100) [001] orientation is not found in the 
polycrystalline recrystallization texture because it 
is missing from the polycrystalline deformation 
texture. 


SUMMARY 


1) Silicon-iron crystals rolled in a direction 
nearly parallel to the [001] direction were examined 
to determine the relationship between the initial 
orientation, the cold-rolled texture, and the re- 
crystallized texture. 

2) If the crystal has an original orientation such 
that the cube plane is within 30 deg of being parallel 
to the rolling plane, the recrystalliztion orientation 
will tend toward the (100) [001] orientation. On the 
other hand, if the (110) plane is nearly parallel to 
the rolling plane, the recrystallization orientation 
will tend toward (110) [001]. 

3) Minor components present in the cold-rolled 
texture had the same orientation as both the mean 
recrystallization texture and the initial orientation 
of the crystal before it was rolled. These com- 
ponents may serve as nuclei for the recrystallized 
grains, 

4) The rotation relationship between the major 
components of the rolled and recrystallized textures 
frequently involved axes which corresponded to the 
pole of the presumably active slip plane. This re- 
lationship is similar to that found in face-centered- 
cubic metals.” 


5) Polycrystalline recrystallization textures in 
silicon-iron may be rationalized on the basis of the 
components present in the cold-rolled texture and 
the available data on the kinetics of recrystalliza- 
tion of single crystals in relation to their cold- 
rolled and recrystallization textures. 
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Solubility and Precipitation of 


Vanadium Nitride in Alpha and Gamma Iron 


The solubility of nitrogen in iron and iron-vanadium alloys containing 0 to 0.5 pct V 
is determined by the Sievert’s technique for temperatures of 750° to 1200°C. The results 
for pure iron agree with earlier data. The activity coefficient of nitrogen is decreased by 
vanadium. The initial precipitate of small metastable particles of VN has a solubility 
about twice that of the bulk particles. The free energy of formation of the nitride and the 
excess free energy and approximate size of the initial precipitate are determined. The 
application to strain-aging phenomena in vanadium-bearing rimmed steels is discussed. 


R. W. Fountain and John Chipman 


Tue solubility of nitrogen in iron and steel has 
been of considerable interest due to the role of ni- 
trogen in strain-aging and in quench-aging. It is 
generally considered that quench-aging is the result 
of precipitation of carbide and nitride particles from 
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supersaturated solid solution, while strain-aging 
results from the segregation of carbon and nitrogen 
atoms to dislocations.” 

The rate of strain-aging is controlled primarily 
by the amount of carbon and nitrogen in solution 
and the temperature. In experiments on strain- 
aging of pure iron with only carbon or nitrogen as 
impurities, Fast*® has shown that even after 40 hr 
at 50°C carbon did not give any strain-aging while 
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nitrogen gave its full effect after 2 hr. Cottrell and 
Leak” have reported that the rate of strain-aging 
depends upon the initial heat treatment. Freshly 
quenched samples that have the maximum amount 

of carbon and nitrogen in solution strain-age about 
five times faster than those that have been aged at 
temperatures between 120° to 300°C after quenching. 
Aging at about 200°C can reduce the amount of car- 
bon in solution to such a low value that strain-aging, 
due to carbon, becomes very slow. However, the 
rate of strain-aging was found to be much higher 
after aging at low temperatures (45° and 63°C) than 
would be expected from the equilibrium solubility of 
carbon and nitrogen. This effect was explained 
semiquantitatively in terms of the size of the pre- 
cipitate at these temperatures, since solubility is 
increased when the particle size is small. 

In practice, the effects of strain-aging are often 
of greater importance than those of quench-aging. 
This is particularly true of low-carbon sheet steel 
for deep drawing. The final mill operation on such 
materials is frequently a ‘‘skin pass’’ or temper 
rolling that leaves the steel in an ideal condition for 
strain-aging which results in an increase in yield 
strength, loss in ductility, and a return of the yield- 
point elongation. In subsequent deep-drawing opera- 
tions, these effects may result in Luder’s bands or 
tearing. 

The practical elimination of strain-aging requires 
a control of the amount of nitrogen in solution. Such 
control can be assisted by the addition of elements 
such as aluminum or titanium to the steel, but this 
method has the disadvantage of producing a fully 
killed steel. The use of vanadium to prevent aging 
in steel was suggested by Epstein.” 

Vanadium in the amount of approximately 0.05 pct 
does not produce a substantial deoxidation and, thus, 
permits manufacture of a rimmed steel which, when 
rolled to sheet, gives a better ingot yield and a 
sheet of superior surface quality. It was further 
demonstrated that when annealed sheet specimens of 
ordinary rimmed steel were subjected to small 
amounts of cold- work, strain-aging occurred at 
100°C in about 24 hr, whereas similar treatment of 
vanadium-bearing steels or aluminum-killed steels 
did not result in strain-aging. **»** 

Recently, Turkdogan, Ignatowicz, and Pearson*® 
reported that the solubility of nitrogen in iron con- 
taining 0.016 pct and 0.051 pct V at 500° and 600°C 
is not different from that in pure iron. They sug- 
gested that the elimination of strain-aging by the 
addition of vanadium may not result from the forma- 
tion of a stable nitride, but perhaps by the formation 
of a complex compound including possibly carbon, 
oxygen, and sulfur. On the other hand, Morgan and 
Shyne* report that vanadium is effective in reducing 
nitrogen strain-aging while carbon strain-aging can 
be eliminated by heat treatment. 

Thus, it appears that there exists some doubt as 
to the role of vanadium in preventing strain-aging 
in rimming steel. Since the answer to this question 
depends upon the exact relation between the vana- 
dium and nitrogen, the present study was undertaken 
to determine the influence of vanadium on the solu- 
bility of nitrogen in iron. 
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EXPERIMENTAL PROCEDURE 


The solubility of nitrogen in iron-vanadium alloys 


was determined by the method of Sieverts,’” which 


consists of determining the amount of gas dissolved 
by the metal in a constant volume system. The vol- 
ume of the gas system containing the metal at a 
given temperature and pressure is determined by 
using an insoluble gas (argon). This volume is re- 
ferred to as the ‘‘hot volume.’’ The system is then 
evacuated and the soluble gas is introduced at the 
same temperature and until the same pressure is 
obtained. Since a portion of the soluble gas is ab- 
sorbed by the metal, the amount required to give a 
certain pressure is greater than that of argon. The 
difference in the volume of soluble gas and the ‘‘hot 
volume’”’ is the amount absorbed. The accuracy of 
this technique is primarily dependent upon the ac- 
curacy of the measurement of the gas volumes and 
the weight of the sample. To ensure a high degree 
of accuracy, samples weighing 75 g were employed, 
and the gas volume could be determined conveniently 
to 0.05 ml. Each time a volume reading was made, 
the room temperature was read to 0.1°C and the 
barometric pressure read to 0.1 mm of mercury. 
All volume measurements were corrected to stand- 
ard conditions of temperature and pressure. 

The apparatus used was slightly modified from 
the original Sieverts’ type in that the burette could 
be used as a pump to remove gas from the system 
and measure the volume removed. High-purity 
argon and nitrogen used for the hot volume and sol- 
ubility determinations were prepared especially for 
this investigation and contained less than 10 ppm 
total impurity. They were passed through Ascarite 
and magnesium perchlorate to remove any slight 
trace of water vapor. All leads from the gas cyl- 
inders to the apparatus were made of glass to pre- 
vent any contamination of the gases. 


Table |. Chemical Analyses of Alloys 
before Hydrogen and Vacuum Treatment 


Alloy Pct V Pct O Pct H Pct N 
1 None 0.006 0.0001 0.001 
2 0.042 0.006 0.0002 0.001 
3 0.082 0.003 0.0002 0.002 
4 0.084 0.004 0.0002 0.002 
5 0.09 0.007 0.0001 0.001 
6 0.10 0.005 0.0001 0.001 
7 0.113 0.003 0.0001 0.003 
8 0.17 0.005 0.0001 0.001 
9 0.18 0.008 0.0003 0.001 

10 0.23 0.003 0.0001 0.001 
11 0.27 0.003 0.0001 0.001 
12 0.37 0.002 0.0001 0.002 
13 0.48 0.005 0.0009 0.003 
14 0.52 0.009 0.0011 0.001 


Spectrographic analyses were made on all alloys for the following 
elements: Chromium, calcium, aluminum, tungsten, titanium, molyb- 
denum, copper, nickel, tin, lead, magnesium, silicon, manganese, and 
zirconium. In all cases, the maximum amount of any impurity was less 
than 0.01 pct. Carbon analyses were, in all cases, less than 0.005 pct. 
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The alloys used in the investigation were pre- 
pared from electrolytic iron and high-purity vana- 
dium powder by first sintering mixtures of proper 
composition for 24 hr at 1300°C in purified dry 
hydrogen. The resulting bars were further puri- 
fied by melting repeatedly under an atmosphere of 
25 pct hydrogen-75 pct argon on a water-cooled 
copper hearth using a tungsten electrode. The al- 
loys, in the form of buttons, were cold-rolled to 
0.010-in. strip and cut into approximately 7/;-in. 
squares for insertion in the Sieverts’ apparatus. 
The degree of purity of the alloys is evident from 
the analyses shown in Table I. 

For a solubility determination, the sample to be 
measured was inserted in a quartz tube and sealed 
in place in the apparatus. The entire system was 
evacuated and leak-checked at room temperature 
for 24hr. If no leaks were detected, the system 
was heated to the desired temperature of measure- 
ment and treated with purified dry hydrogen for 
24 hr to ensure a clean surface on the metal. At 
the conclusion of this reduction, the system was 
again evacuated; if no leaks were detected, by iso- 
lating the system from the pump for a period of 
24 hr, the hot volume and solubility determinations 
were begun, 

The hot volume was determined at a constant 
temperature for each run by admitting successive 
amounts of argon and recording pressure versus 
volume, which in all cases resulted in a straight- 
line relationship. The argon was then pumped out 
and the procedure repeated with nitrogen. The sys- 
tem was held at constant volume until the nitrogen 
pressure became constant and remained so for a 
prolonged period. Successive additions were made 
until the equilibrium pressure approached atmos- 
pheric. To approach equilibrium from high nitrogen 
pressures, measured amounts of gas were removed 
by using the gas burette as a pump. 

During a measurement, the temperature was con- 
trolled with two platinum, platinum-rhodium thermo- 
couples. One couple, located near the wall of the 
furnace, was connected to a proportioning con- 
troller and the other, located in the center of the 
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furnace directly above the sample, to a potentiom- 
eter. The temperatures measured by these couples 
did not vary more than 2°C from each other. At the 
conclusion of each solubility determination, the 
couples were calibrated against a Bureau of Stand- 
ards’ certified couple. The temperature control 
was accurate within 2°C. 


SOLUBILITY OF NITROGEN IN IRON-VANADIUM 
ALLOYS 


In the initial part of the investigation, it appeared 
desirable to check the accuracy of the apparatus and 
the reproducibility of the results. For this purpose, 
electrolytic iron processed in the same manner as 
the iron-vanadium alloys was used. The results, 
shown in Fig. 1, are in excellent agreement with 
those of Darken, Smith, and Filer’* for y iron de- 
termined by direct chemical analysis, and the re- 
sults of Fast and Verrijp” for a iron determined 
by internal friction measurements. The values of 
Sieverts, Zapf, and Moritz™ are also shown. 

The temperature dependence of the solubility of 
nitrogen in @ and y iron at one atmosphere deter- 
mined in this investigation can be expressed by the 


equations: 
In @ iron: 
Log [%N] = — +989 — 0.99 
In y iron: 
430 


Log [%N] = —yr — 1.94 


From these data, the heats of solution of nitrogen 
in a and y iron are found to be 7200 and —1950 cal 
per g atom, respectively. 

To determine the effect of vanadium on the solu- 
bility of nitrogen in iron, several iron-vanadium 
alloys containing from approximately 0.04 to 0.50 
pet V were prepared. The results of typical solu- 
bility determinations for alloys containing 0.042 pct 
V at 950°C and 0.17 pct V at 1050°C are shown in 
Figs. 2 and 3, With increasing nitrogen pressure, 
the initial portion of the curve (the straight-line 
portion from O to A), in accordance with Sieverts’ 
law, shows that the nitrogen solubility is propor- 
tional to the square root of the partial pressure of 
nitrogen in the gaseous phase. After a certain par- 
tial pressure of nitrogen is attained (point A), a 
change in slope of the curve is observed, indicating 
the formation of a new phase, At the ‘‘break point,”’ 
the iron-vanadium alloy is saturated with respect 
to nitrogen in solid solution and begins to precipi- 
tate vanadium nitride. The slope immediately above 
point A is steep but decreases with increasing ni- 
trogen absorption. This results from the fact that 
as more and more vanadium is removed from solid 
solution, as vanadium nitride, the effective vanadium 
content of the solid solution is decreased, Eventu- 
ally, when the maximum amount of vanadium is 
precipitated, as vanadium nitride, the curve should 
become nearly parallel to the curve for nitrogen in 
pure iron. This trend is particularly observable in 
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is reduced below the maximum equilibrium pres- 
sure (C). The equilibrium data obtained under these Fig. 3—Relationship between the nitrogen content and 
conditions, shown as open circles in Figs. 2 and 3, square root of the equilibrium nitrogen pressure for a 
lie above curve AC. This hysteresis in the decom- 0.17 pet V alloy at 1050°C. 
position of the nitride phase results in a higher total 
nitrogen content at a given pressure and a lower ap- 0.0146 pct N, and equilibrium at nitrogen contents 
parent solubility limit (taken as the intersection of less than this is attained in 25 hr or less, while in 
the curve with the straight line at B). This effect the precipitation range the time is generally in ex- 
was observed in all experiments in the y anda tem-_ cess of 50 hr. 
perature range. In Table II are the holding times for each equi- 
The rate of approach to equilibrium, both for in- librium determination after a nitrogen removal. 
creasing and decreasing nitrogen pressure for the The actual time requirement to reach a constant 
0.042 pct V alloy at 950°C is shown in Fig. 4. The pressure after which no further change could be 
time required to attain equilibrium is generally less observed was, in all cases, many hours less than 
in the soluble range than in the range of vanadium- the time recorded. Each recorded datum is based 


nitride precipitation. For example, under condi- on substantially constant readings over a period of 
tions of increasing nitrogen pressure, the limit of at least 24 hr and, in many instances, as long as 
solubility in the 0.042 pct V alloy at 950°C is 60 hr. 
INCREASING PRESSURE DECREASING PRESSURE 
4 Ax. 
N 
5 Fig. 4—Time required to obtain equi- 
| 
Vt - HOURS 
TRANSACTIONS OF 
740-VOLUME 212, DECEMBER 1958 THE METALLURGICAL SOCIETY OF AIME 


‘ ‘ 
j 


Table I. Observations during Nitrogen Removal 


Total Py Equilibrium 

Point Nitrogen Pct V; Pct N, Mm [%V.] Py.’ Time, Hr Total Time, Hr 

Temp 750°C —0.042 pct V—Run 47 
0 0.00885 0.0154 0.0015 13.6 0.212 94 94 
1 0.0078 0.0166 0.0008 7.25 0.12 143 237 
2 0.0067 0.0194 0.005 4.6 0.088 241 478 
3 0.006 0.0216 0.00039 3.55 0.076 261 739 
4 0.0055 0.023 0.00034 2.95 0.068 213 952 
B 0.0002 0.042 0.0002 1.1 0.046 Extrap. 

Temp 850°C —0.042 pct V—Run 43 
0 0.0114 0.0122 0.0032 19.0 0.232 50 50.00 
1 0.0108 0.013 0.0028 16.75 0.218 67 117.00 
2 0.0088 0.018 0.0022 12.7 0.229 70 187.00 
3 0.00625 0.0255 0.0017 9.25 0.236 94 281.00 
4 0.0042 0.0317 0.00137 7.00 0.022 95 376.00 
5 0.00265 0.036 0.00109 5.45 0.196 50 426.00 
6 0.0015 0.040 0.0009 4.30 0.172 44 470.00 
B 0.00085 0.042 0.00085 3.9 0.165 Extrap. 

Temp 950°C —0.042 pct V—Run 34 
0 0.0255 0.0138 0.0177 18.7 0.258 156 156.0 
1 0.0240 0.0153 0.0166 17.5 0.268 193 349.0 
2 0.0207 0.0186 0.0143 14.96 0.278 136 485.0 
3 0.0182 0.019 0.0127 13.2 0.251 71 556.0 
4 0.0153 0.026 0.0109 11.3 0.294 144 700.0 
5 0.0115 0.0316 0.0086 8.9 0.281 121 821.0 
6 0.0097 0.034 0.0076 7.8 0.266 179 1000.0 
B 0.0074 0.042 0.0074 6.6 0.273 Extrap. 

Temp 950°C —0.09 pct V—Run 37 
0 0.022 0.047 0.01 10.2 0.475 26 26.0 
1 0.0183 0.056 0.009 8.65 0.484 42 68.0 
2 0.0150 0.0627 0.0075 7.47 0.467 21 89.0 
3 0.0125 0.068 0.0065 6.45 0.438 28 117.0 
4 0.0106 0.072 0.0057 5.7 0.410 23 140.0 
5 0.00925 0.0757 0.0053 5.25 0.397 42 182.0 
B 0.0038 0.090 0.0038 4.0 0.36 Extrap. 

Temp 1050°C —0.10 pct V—Run 33 
0 0.0229 0.0927 0.020 21.2 1.96 27 27.0 
1 0.0199 0.0925 0.0178 18.75 1.73 43 70.0 
2 0.0178 0.0934 0.016 16.85 1.57 70 140.0 
3 0.0164 0.0942 0.0148 15.55 1.45 47 187.0 
4 0.0138 0.0955 0.0126 13.22 1.26 94 281.0 
5 0.0131 0.0961 0.0120 12.60 1.21 68 349.0 
6 0.0113 0.0962 0.0102 10.75 1.03 23 372.0 
B 0.0088 0.10 0.0088 9.00 0.9 Extrap. 

Temp 1050°C —0.17 pct V—Run 45 
0 0.0532 0.066 0.0247 26.3 1.73 46 46.0 
1 0.0471 0.0759 04021 22.65 1.71 24 70.0 
2 0.0432 0.084 0.0195 20.65 1.73 68 138.0 
3 0.0395 0.091 0.0177 18.75 1.7 54 192.0 
4 0.0324 0.106 0.0149 15.5 1.64 114 306.0 
5 0.0295 0.113 0.0139 14.4 1.63 69 375.0 
6 0.0237 0.126 0.0117 12.05 1.52 71 446.0 
7 0.0195 0. 136 0.010 10.35 1.41 47 493.0 
8 0.0163 0.143 0.0089 9.0 1.29 46 539.0 
B 0.0057 0.17 0.0057 5.7 0.97 Extrap. 

Temp 1200°C —0.48 pct V—Run 58 
0 0.0321 0.43 0.0196 20.15 8.67 193 193.0 
1 0.0246 0.45 0.0164 16.75 7.53 47 240.0 
2 0.0174 0.46 0.0130 13.05 6.01 234 474.0 
B 0.0069 0.48 0.0069 7.8 3.75 Extrap. 

The magnitude of the hysteresis effect depends and nitrogen is removed from the system, a new 
upon the nitrogen content in excess of that required equilibrium will result at a lower nitrogen pres- 
for initial precipitation (point A). For example, if sure but at a point above the curve AC. If this 
equilibrium is established on the curve AC at a procedure is repeated beginning at a higher nitro- 


nitrogen pressure only slightly in excess of point A, gen pressure on the curve AC, the point obtained 
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upon equilibration will be still higher than the curve 
AC, If the nitrogen content has reached the point C 
and nitrogen is removed from the system, equilib- 
rium will be established at a lower pressure on the 
curve BC. In a number of cases when equilibrium 
was established on the curve BC at some pressure 
in excess of point B and nitrogen was added to the 
system, equilibrium was established again at a 
higher pressure on the curve BC. Thus, it appears 
that processes occurring along BC are reversible 
within limits of observations, whereas solution and 
evolution along AC are not reversible. 

If the denitriding process is continued and virtu- 
ally all the nitrogen is removed from the sample to 
reach a point on the branch OA, then upon increasing 
the nitrogen pressure again, the original path OAC 
is retraced. 

The limit of solubility of nitrogen in iron-vana- 
dium alloys, taken as the break point in the curve, 
appears to depend on whether it is determined under 
conditions of increasing or decreasing nitrogen 
pressure. If the nitrogen content of the alloy at 
points A and B is plotted against the total vanadium 
content of the alloy on logarithmic coordinates, a 
group of straight lines is obtained for each type of 
break point, as shown in Fig. 5. More A points were 
obtained experimentally than B points as it was 
originally thought that the true equilibrium was 
point A. 


DISCUSSION OF RESULTS 


It is obvious from the above data that the primary 
problem is to establish the cause of the hysteresis, 
for without a clear understanding of the phenomenon 
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Fig. 5—Nitrogen content of points A and B for various 
vanadium alloys. 
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it will be impossible to arrive at a conclusion re- 
garding the solubility of vanadium nitride. Several 
possibilities have been considered to explain the 
hysteresis, such as 1) there are more nitride 
phases than one; 2) nucleation of the nitride phase 
is incomplete along AC; 3) the decomposition of the 
nitride, which depends on diffusion of vanadium, 
does not reach equilibrium in the time allowed; and 
4) the two solubility limits are the result of a par- 
ticle size effect. These possibilities will be dis- 
cussed in the above order, and the experimental 
evidence for the selection o« rejection of each will 
be given. 

Perhaps the most obvious explanation of the hys- 
teresis and the difference of solubility limit is the 
assumption of a different nitride phase on the curves 
AC and BC. To be consistent with the observed 
data, one nitride phase would be formed at point A, 
and on increasing the nitrogen pressure this nitride 
phase would be converted into a more stable phase 
as the nitrogen content of the alloy increases along 
the curve AC. On decreasing the nitrogen pressure, 
the second or more stable phase would persist along 
curve BC, giving rise to the hysteresis and the 
lower apparent solubility limit. 

In addition to the well-established existence of the 
cubic VN,” Hahn” has reported a hexagonal V2N, 
and Rostoker and Yamamoto™ have determined the 
presence of a third nitride having a tetragonal 
structure. 

To determine if a different nitride phase could be 
present on the AC and BC curves, the 0.17 pct V al- 
loy was nitrided at 1050°C to a nitrogen content 
slightly in excess of point A, Fig. 3, and quenched 
in mercury. Two additional samples were carried 
through the entire cycle and brought to equilibrium 
on the BC curve where the nitrogen pressure was 
the same as the pressure in equilibrium with the 
sample quenched from the AC curve. One of these 
samples was slow-cooled and the other quenched in 
mercury. Bromine and HCl extractions were made, 
and the residues were analyzed by X-ray diffraction. 
Only one nitride phase, the cubic VN, @ = 4,13A, 
was found in the extracted residues. This value of 
the lattice constant compares well with that of 
a = 4,126A for VN:.0 reported by Hahn.” Thus, 
the explanation of the observed hysteresis by the 
presence of a different nitride phase on the AC and 
BC curves is not supported by the X-ray evidence. 

A second possible explanation of the hysteresis 
may be associated with nonuniform nucleation of the 
nitride phase. This can be reasoned in the follow- 
ing manner: as the nitrogen pressure above the 
sample is increased, nucleation of the nitride phase 
begins at some portions of the sample, but not in 
others. Thus, in those areas where the precipita- 
tion of the nitride phase takes place, the sample 
will have a higher nitrogen content than in areas 
where nucleation and precipitation have not taken 
place. In the latter areas, the nitrogen content 
will follow an extension of the straight-line por- 
tion of the curve. Thus, curve AC may be inter- 
preted as representing the average nitrogen con- 
tent between those areas where the nitride phase 
has precipitated and those where it has not, and 
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point A would occur at a higher nitrogen content 
than the true equilibrium value. The true equi- 
librium curve would be on or above the curve BC, 
If this reasoning is correct, a low-temperature 
nucleation treatment should allow equilibrium to 
be established on curve BC, 

An alloy containing 0.17 pct V, after going 
through the entire cycle and being denitrided down 
the straight-line curve OA, was equilibrated at 
1050°C to a point lying on the straight-line portion 
of the curve between the apparent solubility limits 
A and B. The alloy was then cooled to 850°C under 
the amount of nitrogen originally admitted and al- 
lowed to attain equilibrium at this temperature. 

As the solubility of the nitride at 850°C is con- 
siderably less than at 1050°C, the nitrogen pressure 
in the system decreased drastically, indicating the 
nucleation and precipitation of large quantities of 
vanadium nitride. The temperature was then in- 
creased slowly to 1050°C. If incomplete nucleation 
were responsible for the hysteresis, a sample well 
nucleated would be expected to come to equilibrium 
on the BC curve. However, in this experiment equi- 
librium was re-established at its original position 
on the straight-line portion of the curve between 
points A and B. It does not appear, therefore, that 
the hysteresis is a result of incomplete nucleation. 

The third possible explanation of the hysteresis 
may be that the true equilibrium state lies between 
the two curves AC and BC and that equilibrium in 
precipitation or decomposition is not reached be- 
cause of the slow diffusion rate of vanadium. If the 
diffusion rate of vanadium is extremely slow, 
vanadium-rich regions will surround the residual 
nitride crystals, retarding their decomposition and 
resulting in a higher nitrogen content on the curve 
BC than was observed under conditions of increas- 
ing nitrogen pressure when the vanadium was more 
uniformly distributed in the lattice. 

If the above argument is correct, it means that 
the time required for vanadium to attain a uniform 
distribution would have to be much longer than the 
equilibrating times employed. A useful measure of 
the rate of dispersion of the vanadium-rich regions 
is the ratio at time ¢ of the vanadium concentration 
at a distance ry from the original particle C,,) to the 
concentration at y = 0, Cig): This can be approxi- 
mated from the solution of the equation for diffusion 
of a solute from a point source into a spherically 
symmetric infinite medium.™ 


The average diameter of the particles on the 
curve BC is found from measurements on electron 
micrographs to be about 6 x 10° cm, and the cal- 
culated average distance between particles is about 
8 x 10°* cm. It is assumed that the diffusion rate 
of vanadium in iron at 1050°C is similar to that of 
other body-centered-cubic metals, such as tungsten, 
chromium, or molybdenum, and has a value of about 
10-*° sq cm sec™*. If relation [1] is evaluated for 
the ratio Ci,)/C(o) = 0.95, the time required to 
remove the vanadium-rich regions during decompo- 
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sition of the nitride is found to be about 2 hr. This 
result would be shortened by consideration of the 
interaction of adjacent particles. This time is 
contrasted to about 50 hr required to attain equi- 
librium in approaching the curve BC, It also ap- 
pears that as the temperature of decomposition is 
increased by about 200°C, the diffusion rate will 
change by an order of magnitude or more and thus, 
if the hysteresis were diffusion controlled, a marked 
change in the difference between the nitrogen con- 
tent of points A and B would be expected. However, 
the degree of hysteresis, as indicated by the ratio 
of the nitrogen content of points A and B in Fig. 5, 
decreases only by about 15 pct as the temperature 
is increased from 950° to 1200°C. Thus, from the 
above approximate calculation and the change in 
diffusion rate with temperature, it appears that the 
presence of large vanadium concentrations as a 
result of the slow diffusion of vanadium cannot ac- 
count for the hysteresis observed in the decomposi- 
tion of vanadium nitride. 

The fourth possible explanation of the hysteresis 
and the higher solubility limit obtained on increas- 
ing nitrogen pressure is that it results from a par- 
ticle size effect. It has been established that the 
concentration of solute Co in wt pct in equilibrium 
with a highly dispersed spherical precipitate of 
radius y is given by the Thomson relation: * 


Co 
C. RTpr [2] 


In 


where C,, is the equilibrium concentration of the 
solid solution in contact with bulk particles of the 
second phase, M is the molecular weight of the 
precipitated phase, o is its interfacial energy, p is 
its density, and R and T have their usual meanings. 
Konobeevski has shown that for highly dispersed 
precipitates the above equation has two solutions. 
For ry = r*, there is obtained an unstable equilib- 
rium, the beginning of precipitation, and for r = r**, 
a stable equilibrium between the solution and the 
precipitate of radius r**. Thus, when the particles 
are small (y = r*), their partial pressure is greater 
and more solute (nitrogen) is held in solution, This 
approach appears to fit the experimentally observed 
facts. Referring again to Figs. 2 and 3, when point 
A is reached vanadium-nitride particles of a very 
small size begin to precipitate and are in metastable 
equilibrium with a solid solution of high nitrogen 
content. Under the usual conditions of precipitation 
from a high concentration of solute, the initial par- 
ticles would be expected to grow as a function of 
time. Under the conditions of these experiments, 
however, the precipitated particles are controlled in 
growth by the availability of nitrogen, which is not 
time controlled but depends on the partial pressure 
of nitrogen in the system. Thus, as the pressure of 
nitrogen is increased, nitrogen is made available 
for growth and the particles grow along the curve 
AC approaching the stable equilibrium size r**., 
If nitrogen is removed from the system, decompo- 
sition first of the smaller and finally of the larger 
particles takes place along the curve BC, resulting 
in a lower solubility. This reasoning is capable of 
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explaining the other effects mentioned earlier. If a 
sample was nitrided to a point slightly in excess of 
point A and the nitrogen pressure reduced, an equi- 
librium was established at a point slightly above the 
curve AC corresponding to the slightly larger par- 
ticle size. If the starting point for denitriding is 
higher on the curve AC, the particle size will be 
greater and equilibrium is established at a point 
closer to the curve BC. Since the growth rate of 
the particles is apparently very slow, it appears 
improbable that the curve BC always represents a 
condition of completely stable equilibrium. One 
case in which stable equilibrium was established on 
the curve BC is illustrated in detail for Run 34 to be 
described later. 

If the above reasoning is correct, a difference in 
particle size of the vanadium nitride should be ob- 
servable between specimens quenched from a nitro- 
gen pressure slightly above point A on the curve AC 
and from the same nitrogen pressure on the curve 
BC. To check this explanation, a 75-g specimen of 
the 0.17 pct vanadium alloy was nitrided to a nitro- 
gen pressure of 81mm of mercury, which, as seen 
from Fig. 3, is slightly above point A, and quenched 
in mercury. A second 75-g sample was put through 
the entire cycle and denitrided along curve BC to 
about the same nitrogen pressure and also quenched 
in mercury. To ensure as rapid cooling as possible, 
the quartz tube containing the sample was broken 
under the surface of the mercury to allow direct 
contact between the sample and the coolant. A 
screen was used to keep the sample submerged. 
The difference in particle size, as well as the char- 
acteristic cubic shape of the precipitate, can be ob- 
served from the electron micrographs of Fig. 6(a) 
and 6(b). The particle size measured from these 
micrographs shows that those in the sample 
quenched from the ‘‘formation’’ curve AC, Fig. 6(a), 


Fig. 6—Vanadium- 
nitride particles in 
a 0.17 pet V alloy 
at 1050°C, (a) Mer- 
cury quenched from 
formation curve 
AC; (6) Mercury 
quenched from de- 
composition curve 

BC electron micro- 
graph. Picral etch. 
X23500, Reduced 
55 pet for repro- 
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are about 40 x 1077 cm, while those in the sample 
quenched from the ‘‘decomposition’’ curve BC are 
about 600 x 10-” cm, Fig. 6(b). Since some growth 
may have occurred during cooling, it is probable 
that in each case the particles were smaller at 
temperature than the measurements indicate. 

From these data, it appears that the small size 
of the original precipitate can account for the higher 
apparent solubility limit (unstable equilibrium) ob- 
tained under conditions of increasing nitrogen pres- 
sure and that these particles grow with increasing 
nitrogen content until they reach a stable particle 
size. On removal of nitrogen from the alloy, the 
decomposition takes place down the BC curve and 
the true equilibrium solubility is approached. 

Some features of the reversibility of the reaction 
along the curve BC are illustrated in the 0.042 pct V 
alloy in Run 34 which was maintained at a tempera- 
ture of 950°C for 115 days and put through some- 
thing more than a complete cycle. The data obtained 
are shown in Fig. 2. The nitrogen pressure was in- 
creased initially and followed the curve OAC as 
shown by the x points. The total time required to 
establish equilibrium at the uppermost point was 
approximately 928 hr. The nitrogen pressure was 
decreased subsequently and followed a path down 
the curve BC as represented by the triangular 
points. The total time required to reach the equi- 
librium pressure indicated was an additional 524 hr. 
To determine the reversibility of the reaction along 
the curve BC, the nitrogen pressure was increased .- 
again and equilibrium was established on the curve 
BC at the nitrogen content and pressure shown by 
the full circle point. The time required to attain 
this equilibrium was an additional 94hr. Finally, 
the nitrogen pressure was decreased for the second 
time and equilibrium was established at various 
points along the curve BC to the point B and further 
down the original straight-line curve OAC as repre- 
sented by the open-circle points. The total time re- 
quired for this second denitriding was 1214 hr, re- 
sulting in a total time for this experiment of 2761 
hr, or 115 days. This experiment illustrates quite 


‘clearly the reproducibility of the experimental 


technique and demonstrates that once equilibrium 
is established on the curve BC nitrogen can be 
added or removed from the system and equilibrium 
will be re-established at a higher or lower nitrogen 
content on this curve. 


EFFECT OF VANADIUM ON THE ACTIVITY 
COEFFICIENT OF NITROGEN 


The effect of vanadium on the activity coefficient 
of nitrogen in iron is obtained from solubility de- 
terminations up to the beginning of precipitation. 

In iron-nitrogen alloys, the solubility of nitrogen is 
proportional to the square root of the nitrogen pres- 
sure, and the activity coefficient is unity. In the 
iron-vanadium alloys the same proportionality is 
observed but the slope of the line (e.g., OA in Figs. 
2 and 3) is greater. The influence of vanadium on 
the activity coefficient of nitrogen is determined as 
the ratio of the slope of the pure iron line to the 
slope of the iron-vanadium line in the soluble range. 
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Fig. 7—Influence of vanadium on the activity coefficient 
of nitrogen in iron. 


The results are summarized in Fig. 7. It is seen 
that vanadium decreases the activity coefficient of 
nitrogen in the solid state in a manner comparable 
to its influence in liquid iron.” For each tempera- 
ture, the activity coefficient may be expressed by 
the equations: 


Log —2.2 [%V] (750°C) 
Log fV = —1.0 [%V] (850°C) estimated 
Log f¥ = —0.47 [%V] (950°C) 
Log f¥ = —0.33 [%V] (1050°C) 
Log f y= —0.18 [%V] (1200°C) 


CALCULATION OF APPARENT EQUILIBRIUM 
CONSTANT 


The closest approach to stable thermodynamic 
equilibrium with VN particles of bulk dimensions is 
represented by the curves BC. As nitrogen removal 
proceeds from C toward B, the smallest particles 
are removed first while larger particles may ex- 
perience some growth with time. The lower portions 
of the curves thus represent the nearest approach 
to stability. The apparent equilibrium constant Kk’ 
of the reaction 


VN = V + = [%V] (?y,) [3] 


is shown in Table II for each observation along the 
curves BC. The calculation is made as follows: as 
the first approximation, the amount of dissolved 
nitrogen which would be found in iron at the given 
pressure is subtracted from the total nitrogen in 
the alloy to give the precipitated nitrogen. The 
stoichiometric amount of vanadium is considered 
to be present as VN, and the remaining vanadium is 
in solution. This fixes the solubility and activity 
coefficient of nitrogen in the alloy and leads to a 
corrected value for the amount of dissolved nitro- 
gen. This is used in a second approximation which 
may be followed by a third if necessary. In all ex- 
periments, the dissolved nitrogen is so small as to 
have a negligible effect on the activity of vanadium 
as judged by the reciprocal relation:**® 
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d log LY [%N] = oid log 


Therefore, the concentration of dissolved vanadium 
[%V] is used directly in the mass-law expression. 
As can be seen from the data presented in 
Table II, there is a general tendency for the ap- 
parent equilibrium constant to decrease along the 
curve BC as the nitrogen pressure is decreased. 
The exact cause of this effect is not known, but it 
may be associated with the accuracy of the chemical 
analysis for the small amount of vanadium in the 
original alloys or with the assumption of stoichi- 
ometry in the precipitate. The error would be 
magnified at higher pressures of nitrogen where 
the amount of vanadium in solution becomes very 
small. Small amounts of other impurities in the 
alloy, such as carbon, oxygen, or metallic elements 
which have a strong affinity for nitrogen, may also 
influence the effect. 


ESTIMATION OF TRUE EQUILIBRIUM CONSTANT 


It has been established that the curve BC is in equi- 
librium with larger vanadium-nitride particles and 
that, with the passage of time and decomposition of 
the nitride, true equilibrium conditions may be ap- 
proached. The largest particle size and the nearest 
approach to stable equilibrium are represented by 
the point B which is also the least subject to the 
experimental errors mentioned above. For this 
reason, an extrapolation was made to fix point B for 
each run with the greatest accuracy permitted by 
the data. As shown in Fig. 8, if the apparent equi- 
librium constant K' is plotted against the equilib- 
rium pressure for each point of a run, in most 
cases a nearly straight line is obtained. This is 
extrapolated to a point B corresponding to the total 
vanadium content of the alloy and the corresponding 
nitrogen pressure on the line OA. Values of the 
point B thus obtained are shown in Fig. 5. Since 
this is the nearest approach to equilibrium and the 
point least subject to experimental errors, the value 


2.0 


1.6 


>"o8 
RUN 33, 0.1%V 
TEMPERATURE 1050°C 
0.4 
0.0 
4 i2 6 20 24 


PN» - MM OF MERCURY 


Fig. 8—Typical extrapolation of K’ along the curve BC to 
fix the solubility limit, point B. 
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Fig. 9—The equilibrium constant for vanadium nitride in 
qand y iron. 


of K' at each B point will be taken as the true equi- 
librium constant K, for Eq. [3]. 

In Fig. 9 the logarithm of K, is plotted against 
reciprocal temperature. From this plot the equi- 
librium product K, is found to be as follows, pres- 
sure being expressed in mm of mercury and con- 
centration in wt pct. 


In y iron: 

log K, = — 9 + 5.65 
In @ iron: 

log Kp = — "29° 5 4.77 


The standard free-energy changes in reaction [3] 
referred to 1 pct V (by weight) and one atmosphere 
pressure of Nz are as follows: 

In y iron: 


AF, = 34300 — 19.257 Pin atmospheres 
In @ iron: 
AF) = 28600 — 15.237 P in atmospheres 


THE SOLUBILITY PRODUCT 


The data of Table II establish also the value of the 
equilibrium constant in the reaction 


VN = V +N; Ky = [%V] [f° 


where K, is the solubility product; %V and %N are 
concentrations in solution, fy is the activity coef- 
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ficient of nitrogen, and that of vanadium is con- 
sidered approximately one. Again, the most ac- 
curate values are those corresponding to the B 
points, and these are plotted in Fig. 9. Equations 
for the equilibrium products and the corresponding 
free-energy change are as follows: 


In y iron: 
log Kg = — + 2.217 
A FB = 32300 — 10.407 
In a iron: 
7830 
log Kp, = — 7 2.45 
AFR = 35800 — 11.27 


METASTABLE EQUILIBRIUM, POINT A 


The data of Fig. 5 establish the value of the equi- 
librium constant K ,, the solubility product for the 
initial precipitate 


= [BY] [FON] 


The values of K, are plotted in Fig. 9, and equa- 

tions for the metastable equilibrium product and the 

corresponding free-energy change are as follows: 
In y iron: 


+ 2.0 


AF4 = 29400 — 9.157 

In a iron the A point was observed only at 850°, 
and the temperature coefficient can only be esti- 
mated by comparison of the slopes of the curves 
in the y range. The estimate gives: 


log K4 = + 1.65 
AF% = 30600 — 7.547 


The free energy of the initial precipitate particle 
in excess of the free energy of the bulk nitride may 
be taken as: 


° ° 
= AF, 


The values are presented in Table III. 

The excess free energy permits calculation of the 
particle size of the initial precipitate provided the 
interfacial energy is known and provided further 
that the free energy of the B particles is essentially 
that of the bulk phase. The interfacial energy has 
never been measured. A rough estimate, however, 
may be obtained from the work of Livey and 
Murray” who determined the interfacial energy 
between vanadium carbide and liquid copper. As an 
approximation, the rounded value of o = 1000 ergs 
cm~? will be used for the interfacial energy between 
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Table Ill. Estimated Initial Particle Size and Free Energy in 
Excess of That of Bulk Nitride at Various Temperatures 


Temp, °C Particle Radius, Cm AF Cal per Mol. 
1200 5.4 x 10°? 1050 
1050 4.4 x 1077 1250 
950 3.9 x 10°? 1400 
850 4.2 x 1100 

750 3.6 x 10°” estimated 1400 estimated 


solid iron and vanadium nitride. Fig, 10 shows the 
relation between particle radius and log Co/C,, at 
1050°C according to relation [2]. The measured 
size of the B particles is indicated by the point B’ 
from which it is concluded that the solubility differs 
by only 1 pct from that of the bulk material. 

The measured particle size in material quenched 
from just above point A, Fig. 3, is shown at A’. 
This is certainly larger than the actual size of the 
initial precipitate on account of growth during the 
quench. The particle size calculated from the solu- 
bility measurement (or the excess free energy) is 
shown at A. 

Values for the size of the initial precipitate for 
other temperatures are given in Table III, These 
sizes of the initial precipitate particles change very 
little with temperature and for practical purposes 
can be considered a constant within limits of ex- 
perimental error. 


APPLICATION TO STRAIN- AGING 


The equilibrium solubility of vanadium nitride in 
a iron at 750°C is small enough that in a steel con- 
taining 0.04 pct vanadium the residual nitrogen con- 
tent will be 0.0002 pct provided equilibrium with the 
bulk nitride is established. In the usual box-anneal- 
ing cycle, the steel is cooled slowly and the resultant 
dissolved nitrogen should be very much less than 
the above figure, surely not enough to be responsible 
for strain-aging. 

If, on the other hand, the initial fine precipitate 
fails to attain the properties of the bulk phase, the 
residual dissolved nitrogen might well be three or 
four times as great. With a shift of the metastable 
equilibrium during slow cooling, it can still be ex- 
pected that the amount of residual dissolved nitrogen 
will be very small. 

The effectiveness of vanadium in suppressing 
strain-aging therefore appears to depend upon pre- 
cipitation of the nitride and not necessarily upon the 
growth of the precipitate to bulk property size. If 
the annealing process succeeds in nucleating vana- 
dium nitride, the product will be resistant to strain- 
aging; otherwise it has the normal properties of 
mild steel. In our experiments at 750°C, great 
difficulty was observed in initiating precipitation. 

It was necessary to precipitate the nitride phase at 
a higher temperature (950°C), then cool the speci- 
men to 750°C under the amount of nitrogen origi- 
nally admitted and allow equilibrium to be estab- 
lished. The nitrogen pressure was then reduced in 
order to obtain the one point recorded. Similar 
failure to nucleate may be expected in commercial 
box annealing, but here, of course, the situation is 
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altered, perhaps for the better, by the presence of 
carbon and of nonmetallic inclusions. Annealing 
cycles for vanadium-treated steels should be aimed 
primarily at inducing nucleation; this implies that 
the temperature should be the highest consistent 
with other requirements, 


SUMMARY 


Using a Sieverts-type apparatus for determining 
the solubility of nitrogen in solid iron and in iron- 
vanadium alloys, a study has been made of the con- 
ditions under which the nitride VN precipitates 
from the solid solution. The initial very fine pre- 
cipitate forms only when the solution is highly 
supersaturated with respect to stable large crys- 
tals of the same nitride. Metastable equilibrium 
with the initial precipitate persists for many hours 
and shifts gradually toward stable equilibrium as 
the particle size increases with addition of nitrogen. 

Since the growth of the precipitate can be regu- 
lated by nitrogen input, the method offers certain 
unique advantages as a tool for studies of precipita- 
tion phenomena. 

The following thermodynamic properties of the 
system have been determined in the range 750° to 
1200°C, 

1) The solubility and heat of solution of nitrogen 
in a and in y iron in agreement with results of 
earlier investigations. 

2) The effect of vanadium on the solubility and 
activity coefficient of nitrogen in @ and in y iron. 

3) The equilibrium constant, free energy, and 
heat of formation of vanadium nitride, VN, from dis- 
solved vanadium and gaseous nitrogen. 

4) The solubility product for vanadium nitride in 
equilibrium with dissolved vanadium and dissolved 
nitrogen, 

5) The solubility and excess free energy of the 
initial precipitates of VN compared to that of the 
same substance in bulk. 
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Fig. 10—Dependence of nitrogen concentration, Co, on 
particle radius for a 0.17 pct V alloy at 1050°C, assum- 
ing a surface energy of 1000 ergs cm~?. 
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6) An approximate value for the size of the initial 
precipitate. 

Small additions of vanadium should be effective in 
eliminating strain-aging due to nitrogen in steel 
provided the annealing process is such as to initiate 
the precipitation of the nitride. The annealing tem- 
perature should be as high as possible, consistent 
with other requirements. 
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Comparison of Creep-Rupture Properties of Widmanstatten 


and Equiaxed Structures of Ti-7Al-3Mo Alloy 


F. A. Crossley and W. F. Carew 


Tue stress for rupture in 500 hr at 1000°F has 
been reported to be about 13,000 psi higher for 
Widmanstatten than for equiaxed microstructures 
for the Ti-7Al-3Mo alloy.»* Also, limited data 
indicated Widmanstatten and equiaxed micro- 
structures to have approximately the same creep 
resistance at 1000°F.’ Recently, data have been 
obtained which show Widmanstatten structures to 
be significantly more creep resistant than equiaxed 
structures at 1000°F, see Fig. 1. These data rep- 
resenj{ several ingots and several heat treatments 
of the solution treat and age type. The thermal 
history and tensile properties corresponding to the 
creep data are given in Table I. The creep data 
were taken from creep-rupture tests. The associ- 
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ated rupture data are given in Table II. It may be 
noted that total creep deformations are considerably 
greater for equiaxed structures. Previous evalua- 
tions of stability indicated that all of the structures 
tested are stable with respect to exposure to stress 
at elevated temperature.’* For a minimum creep 
rate of 10-* in. per in. per hr the difference in 
stress levels is indicated to be about 17,000 psi. 
Holden, et al.* found an irreversible contraction 
upon heating three a-f titanium alloys in the equi- 
axed condition above their 8-transus temperatures. 
The alloys were: Ti-6Al-4V, Ti-155 A (5Al-1.3Cr- 
1.5Fe-1.2Mo), and C-130 AM (4Al-4Mn). The net 
contractions in length between the original equiaxed 
and the final Widmanstatten structures measured at 
room temperature were: 0.4, 0.4, and 0.7 pct, re- 
spectively. The greater creep and rupture resist- 
ance of the Widmanstatten structure of the Ti-7Al- 
3Mo alloy may be associated with the phenomenon 
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Table |. Thermal History and Room-Temperature Tensile Properties Corresponding to Fig. 1 Creep Data 


Fig. 1 
Symbol 


Sponge 


Hardness 


Bhn 


Forging History 


Heat Treatment 


120 


120 


100 


120 


140 


120 


From 3 in diam ingot 

to %4 in. round at 2000°F, 
further reduced 55 pct 

at 1700°F. 


From 3 in. diam ingot 

to %4 in. round at 2000°F, 
further reduced 55 pct 

at 1700°F. 


From 3 in. diam ingot 
to % in. round at 1950°F. 


From 3 in. diam ingot 

to % in. round at 2000°F, 
further reduced 55 pct 

at 1700°F. 


From 3 in. diam ingot 

to % in. round at 2000°F, 
further reduced 55 pct 

at 1700°F. 


From 3 in. diam ingot 

to 1 in. round at 2000°F, 
finished to % in. round 
at 1800°F. 


1900° Ft hr-AC, 
1000° F -24 hr-AC 


1900° F -%4 hr-AC, 
1560°F -4 hr-AC, 
1000° F -24 hr-AC 


1610°F -24 hr-WQ, 
1020°F -48 hr-AC 


1400°F -4 hr-WQ, 
1000°F -24 hr-AC® 


1500° F -4 hr-AC, 
1025° F -24 hr-AC 


1610°F -24 hr-AC, 
1010° F -24 hr-AC 


Yield 
Ultimate Strength Reduc- Elonga- 
Tensile* (0.2 Pet tion of tion (in 
Struc- Strength, Offset), Area, 1 in.), 
turet Psi Psi Pct Pct 
W 160000 141000 22 10 
W 155000 139000 22 11 
W 161000 134000 26 15 
E 163000 148000 15> 8 
E Not Available 
E 160000 141000 13 10 


*Tensile data are average for two tests. 
+B transus lies just below 1900°F. 
8Specimens creep-rupture test were air cooled from the 1400°F -4 hr solution treatment. This is expected to produce no significant difference in 
tensile properties. 
bLow ductility apparently due to high aluminum content of 7.6 pct. 
tW-Widmanstatten, E-equiaxed. 


100 
Widmonstétten to Fig. 1 Creep Data 
a 
8 
Oo a Minimum 
Fig. 1 Stress, Rupture Deforma- Rate In. 
Symbol Psi Time, Hr tion, Pct per In. per Hr 
2 Ti-7AI-3Mo Alloy 
1O00°F Widmanstatten Structures 
10-4 10-3 70000 23.8 17.3 
Minimum Creep Rate, in/in/hr 50000 402 10.2 0.000067 
40000 10328 5.0 0.000027 
Fig. 1—Comparison of minimum creep rate data for 
Widmanstitten and equiaxed structures of Ti-7Al-3Mo oO 60000 45.8 5 0.00072 
alloy. 50000 224 - 0.00016 
40000 955 14.5 0.000044 
which produces the contraction. There are indica- Vv 
tions that the explanation does not lie solely in the : ‘ ; 
relative distributions of the a and 8 phases. For Equixed Structures 
example, Guard and Keeler* found £-annealed 
iodide zirconium to be more creep and rupture ° — Rig = naan 
resistant at 930° F (500°C) than a-annealed mate- 40000 119 52 0.00094 
rials. Also, Gluck and Freeman” reported the 35000 214 53 0.00034 
Ti-6Al alloy, nominally single-phase a, to have 
significantly higher 100-hr rupture strength at 60000 14.1 36 
1000°F as quenched from the £ than when cold 50000 53.4 50 oon 
worked and recrystallized in the a field. But con- pores = = 0.00087 
trarily, the estimated stress for a creep rate of 
5 x 107° in. per in. per hr at 1000°F was more than 
twice as high for the a-recrystallized materials as 40000 174 18 0.00028 


for the B-quenched material. A factor of possible 
significance was the rather large grain sizes of the 
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a-annealed materials. Explanations unrelated to the 


contraction phenomenon observed for a + f alloys 
and mutually independent for single-phase a and 
two-phase a + f alloys, as well as one embracing 
all of these observations, are possible. Conse- 
quently, the question will have to await further in- 
vestigation for solution. 

For a number of years fabricators of titanium 
alloys have been advised to conduct operations such 


that an equiaxed structure is obtained. This follows 


from the fact that the equiaxed structure has better 
room temperature tensile properties, expecially 
ductility, than the Widmanstdatten. Now it appears 
that, for maximum creep resistance at the upper 
temperature limit of application, the Widmanstatten 


. structure may be more desirable. This effect of 


structure on creep resistance should be checked in 
present commercial titanium alloys. 
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The Effect of Carbide Dispersion on the 
Strength of Tempered Martensite 


The carbide dispersions in three essentially plain carbon martensitic steels (0.42, 
- 0.56, and 0.75 pct C) have been studied after varying tempering treatments (800° to 
1250°F). The purpose of the study was to verify existing quantitative data on the re- 


aaa 


lationship between carbide spacing and tensile properties and to extend this earlier data k 
to finer structures by the use of electron microscopy. In contrast to the earlier data, 
a linear relationship between the logarithm of the mean interparticle spacing (mean-free 
ferrite path) and the yield strength does not hold for the entire vange of these tempered i 
martensite structures. However, linearity is obtained throughout this range of struc- 
tures if one considers the ferrite grain boundaries in the measurement of the mean-free 


path in the structures containing the very coarse dispersions (highly tempered) where 
the carbides occur almost entirely as large spheroids scattered at grain boundaries. 
The method of calculating ferrite grain size in tempered martensites from the car- 
bide particle diameters and volume fraction, as proposed by several investigators, was 
found to be valid only for the very coarsest carbide dispersions and not over the full 


range of tempering temperatures examined. 


The experimental data could not be rationalized according to either the Fisher, Hart 


and Pry, or the Orowan dislocation models. y 

T 

A 

A. M. Turkalo and J. R. Low, Jr. - 

tc 

Ss 

Many qualitative observations have been made given composition a steel having a fine pearlitic (é 
concerning the relationship of the carbide dispersion ' structure is stronger than that having a coarse 

and the mechanical properties of steel. With refer- pearlite. The martensitic structure tempered at a m 

ence to the strength and hardness we know that fora ____ relatively low temperature and having finely dis- Z 

A. M. TURKALO and J. R. LOW, Jr., Member AIME, are associated persed carbides gives greater strength than that te 

with General Electric Research Laboratory, Schenectady, N. Y. given by the martensitic structure tempered at a - 
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dispersion of large spheroidal carbides. However, 
quantitative data which would be extremely valuable 
in verifying theoretical explanations of the behavior 
of metals as well as useful in the practical control 
of the service properties of metals are wanting. 

The first and best-known quantitative data are 
those of Gensamer and his colleagues."* They at- 
tempted to determine the tensile properties at room 
temperature of four steels as a quantitative function 
of the measured dimensions of the aggregate struc- 
tures pearlite and spheroidite. They concluded that 
the resistance to deformation of a metallic aggre- 
gate consisting of a hard phase dispersed in a softer 
one is proportional to the logarithm of the mean- 
straight path through the continuous phase, Shape of 
carbide particle had no effect provided the mean- 
free path from particle to particle through the fer- 
rite was the same. The strength was not sensitive 
to local variations in structure; the alloy averaged 
its strength over considerable volumes. 

Work by Roberts ef al.* on the elastic limit and 
yield point of irons and iron-carbon alloys and also 
work by Shaw ef al.° on overaged Al-Cu alloys cor- 
roborated the importance of the mean-straight path 
through the continuous phase although there was 
some indication that the type of structure may have 
some effect. 

These quantitative data were obtained with the aid 
of the optical microscope. Because the electron 
microscope has a much higher resolving power it 
makes possible the quantitative study of even finer 
dispersions in metals. Thus the aim of the present 
work was to corroborate the data already available 
and to extend this earlier work to finer aggregates 
which are not resolved with the light microscope. 


EXPERIMENTAL PROCEDURE 


The compositions of the three steels used in this 
investigation were as follows: 


Steel 4 Mn Pp N) Si 
A 0.42 1.90 0.02 0.02 0.24 
B 0.56 1.30 0.02 0.03 0.22 
¢ 0.75 1.00 0.03 0.04 0.17 


The steel was received in rod form: Steel A was 
in. in diam, steel in., Steel C— 7/16 in. All 
rods used in this investigation were first swaged hot 
(1600° to 1900°F—871° to 1036°C) to 7s in. diam. 
All heat treatments were done in an air atmosphere 
during this investigation unless otherwise stated. 
The following austenitizing temperatures were used 
to give an austenite grain size of ASTM No. 7: 
steel A—1700°F (926°C), 17, hr; steel B—1600°F 
(871°C), hr; steel C—1700°F (926°C), 17/2 hr. 

In preliminary heat treatments all three steels 
were found to be susceptible to cracking when 
quenched in water. Steels A and B could be suc- 
cessfully quenched in oil at room temperatures, but 
to insure freedom from cracking in steel C, it was 
necessary to quench in warm mineral oil (150° F) 
(65°C) followed immediately by the tempering treat- 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


ment. Each of these quenching treatments resulted 
in a completely martensitic structure before 
tempering. 

For this study, as-quenched specimens from each 
steel were tempered at each of the following temper- 
atures: 400°F (204°C), 600° F (315°C), 800°F 
(426°C), 1100°F (593°C) for 1 hr, and 1250°F 
(675°C) for 12 hr. The specimens were cooled in 
air after the tempering treatment. 

After the tempering treatment the specimens 
were machined into tensile specimens the dimen- 
sions of which are shown in Fig. 1. Testing was 
done in an Instron tensile machine equipped with 
special apparatus for conducting tests at various 
temperatures. Tests were made at —320°F 
(—196°C), 70°F (21°C), and 600°F (315°C). For 
all heat treatments except the as-quenched and the 
400° F (204°C) tempered state there was one speci- 
men for each testing temperature. The rate of 
cross-head travel was 0.02 in. per min. Load vs 
elongation curves were autographically recorded. 
From these recordings the true stress-true strain 
curve, yield strength, ultimate tensile strength, and 
elongation were computed. The reduction in area 
was computed from micrometer measurements be- 
fore and after testing. 

The bottom button ends of representative speci- 
mens were cut off after the tensile test. One half 
was used for hardness determination and the other 
half for light and electron metallography. Details as 
to specimen preparation, etching, and replication are 
reported in the discussion of the microstructures. 


ELECTRON METALLOGRAPHY 


Metallographic data were obtained on the speci- 
mens mechanically polished and etched in picral or 
picral-hydrochloric acid etching reagent. Most of 
the metallographic study was done on dry-stripped- 
nitrocellulose negative replicas shadowed with 
chromium at a 25 to 35 deg angle. A few pre- 
shadowed carbon replicas were made for compari- 
son purposes. In the latter case, a thin negative 
formvar replica backed by nitrocellulose was dry 
stripped from the polished and etched specimen 
surface. Chromium was then deposited at an angle 
to the surface of the formvar followed by the depo- 
sition of a thin film of carbon normally to the sur- 
face. The nitrocellulose and formvar were then 
dissolved away leaving the carbon replica with the 
chromium shadowing, 

Several carbide extraction replicas were also 
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Fig. 2—Martensite tempered at 400° F (204°C). Nitrocellulose negative replica—chromium shadowed. X15000. Reduced 


approximately 30 pct for reproduction. 


made. A thin film of carbon was evaporated nor- 
mally to the polished and etched specimen surface. 
The specimen with the carbon film was then etched 
again for about 15 min, washed and dried. A coat 
of Zapon was applied next and allowed to dry. Then 
when the Zapon was stripped, the carbon film with 
the carbides freed by the second etch was also de- 
tached. The Zapon was then dissolved in amyl 
acetate leaving the carbon film with the attached 
carbides. 

Figs. 2 to 8 are electron photographs of typical 
structures found in the three steels after the various 
heat treatments. 


After the 400° F (204°C) temper the three steels 
show a fine structure typical of lightly tempered 
martensites containing ¢ carbide. Actually the ¢ 
carbide which is the first to form on tempering has 
begun to disappear and there are visible some 
cementite particles within the martensite needles 
and at their boundaries. 

The 600°F (315°C) temper results in the complete 
disappearance of the € carbide in steel A, but some 
of the fine structure typical of € carbide is still 
present in steels B and C. Elongated cementite 
films have been formed at martensite needle bound- 
aries. Globular and platelet cementite particles 
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Steel A Steel B | Steel C 
Fig. 3—Martensite tempered at 600° F (315°C). Nitrocellulose negative replica—chromium shadowed. X15000. Reduced 


approximately 30 pct for reproduction. 
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Fig. 4—Martensite tempered at 800° F (426°C). Nitrocellulose negative replica—chromium shadowed. X15000. Reduced 


approximately 30 pct for reproduction. 


within the martensite plates can also be seen in all 
three steels. 

After the 800° F (426°C) temper all three steels 
show an absence of the fine € structure. Some 
coarsening of the cementite particles has occurred 
and the elongated films at the martensitic bound- 
aries in addition to coarsening, tend to be more 
discontinuous. 

The 1100° F (593°C) temper results in spheroid- 
ization of the elongated particles and general 
coarsening. Also the ferrite boundaries are begin- 
ning to be visible. 


- - 


Steel 


The 1250° F (675°C) temper results in further 
spheroidization and coalescence of the cementite 
particles and growth of the ferrite grains. 

The carbon replicas, an example of which is given 
in Fig. 7, showed somewhat sharper delineation of 
structure but this fact did not affect measurement 
results significantly. 

An example of a carbide extraction replica is 
given in Fig. 8 which was taken from steel A after 
800° F (426°C) tempering treatment. No inter- 
particle distance measurements were made on these 
replicas since all carbides were not extracted. 


Fig. 5—Martensite tempered at 1100°F (593°C). Nitrocellulose negative replica—chromium shadowed. X15000. Reduced 


approximately 30 pct for reproduction. 
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Fig. 6—Martensite tempered at 1250° F (675°C). Nitrocellulose negative replica—chromium shadowed. X15000. Reduced 


approximately 30 pct for reproduction. 


RESULTS AND DISCUSSION 


Measurements of the mean-free ferrite path were 
limited to the tempering conditions which yielded 
cementite and ferrite only, i.e., 800° F (426°C) and 
above. The compositional and structural changes 
occurring during the formation and the disappear- 
ance of € carbide’ upon tempering then would not be 
a factor in this analysis of the effect of interparticle 
distance on the resistance to deformation. Also, the 
fine dispersions resulting from 600° F (315°C) and 
lower tempering treatments did not lend themselves 
to satisfactory measurements. 

The mean-free ferrite path was determined using 
the relationship P = 1 — f/N;,, where f is the vol- 
ume fraction composed of particles and N, the num- 
ber of particles per unit length intersecting a ran- 
dom line.* In accordance with the principle that the 
volume fraction of a phase is equal to the fraction 
of a random line occupied by the phase, volume frac- 
tions were determined by measurements made on 
five to seven lines in each of four directions on a 
photograph typical of a given structure and these 
results were averaged. At the same time N, was 
also determined. In three cases direct measure- 
ments between particles along the lines in the dif- 
ferent directions were also made and averaged. 
Direct measurements of distances uninterrupted 
either by carbide particles or by grain boundaries 
along lines in different random directions were also 
made for the three steels tempered at 1250°F 
(675°C). 

It was assumed that all carbide was out of solu- 
tion for the heat treatments considered, so that one 
would have expected the volume fraction to remain 
the same for a given steel regardless of the tem- 
pering treatment. However, the volume fraction 
as calculated from lineal analysis was a maximum 
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at the lower tempering temperatures and decreased 
by approximately one half as the tempering tem- 
perature and particle size increased and particle 
number decreased. The latter values were in close 
agreement with the volume fraction values calcu- 
lated from the composition of the steels. It is be- 
lieved that this discrepancy reflects errors of the 
same sign, because of etching, shadowing, and meas- 
uring effects rather than actual structural differ- 
ences. Results from a comparison of a lightly 
etched specimen with one considerably more heavily 
etched gave a noticeable decrease in volume frac- 
tion for the lightly etched specimen. However, it is 
possible to err with too light an etch because all the 
particles may not be revealed. For example, the 
structure in this particular lightly etched sample 
was not clearly delineated. 

Table I shows the results of the structure meas- 
urements. Two values of the mean ferrite path are 
given for each structure, the first is computed using 


Fig. 7—Pre-shad- 
owed carbon rep- 
lica of martensite 
tempered at 800° F 
(426°C). X20000. 
Reduced approxi- 
mately 50 pct for 
reproduction. 
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Fig. 8—Carbide extraction replica of martensite tempered 


at 800° F (426°C). X18500. Reduced approximately 35 pct 
for reproduction. 


the volume fraction of carbide computed from the 
lineal analysis, the second computed using the vol- 
ume fraction computed from the carbon content. 

It must be concluded from these comparisons of 
the volume fractions calculated in two different ways 
that our measurements of interparticle distances 
are not precise. In general, the true intercarbide 
distances will be greater than those reported, the 
error in measurement being greatest at the lowest 
tempering temperatures. However, the error is not 
great enough to influence significantly the values re- 
ported, since in the relation, P= 1 — f/N,,/f is 
small compared to 

In Figs. 9 and 10 the yield strength is plotted as a 
function of the mean-free path measurements and 
the logarithm of the mean-free path, respectively, 


based on measured volume fractions. To eliminate 
the effect of inhomogeneous yielding on the param- 
eter used as the index of strength, the stress at 
0.05 strain was also plotted but the variation of this 
strength with structural dimensions was found to be 
substantially the same as the yield strength. 

The values of the ‘‘C’’ steel fall slightly below the 
drawn line particularly at the lower tempering tem- 
peratures. This lower strength probably results 
from a tendency, present in all steels, but most 
marked in the ‘‘C’’ steel, for the carbides to be 
dispersed inhomogeneously. The structures were 
for the most part, fairly homogeneous dispersions 
of carbide in ferrite, with occasional thin, elongated 
regions of carbide-free ferrite. Fig. 11 is an elec- 
tron micrograph, after deformation, of the surface 
of a specimen of the ‘‘C’’ steel which was metal- 
lographically prepared and then elongated 5 pct in 
tension. Clearly, the deformation tends to concen- 
trate in the carbide-free regions and thus one 
would expect the strength to be lower than that for 
a homogeneous dispersion. 

From Figs. 9 and 10 it is evident that there is a 
lack of linear relationship between the mean- 
interparticle distance (open points) and the strength 
for the complete range of tempered martensite 
structures considered in this study. At the high 
tempering temperature, i.e., above 1100°F (593°C) 
the interparticle spacing does not bear the same 
relationship to the yield strength as it does in 
cases of 1100°F (593°C) tempering temperature 
and below. There is a much larger change in spac- 
ing relative to change in strength in the case of the 
steels tempered at 1250°F (675°C). 

The carbide dispersion in the steels tempered at 
1250°F (675°C) consisted mostly of large particles 
scattered at ferrite grain boundaries with few or no 
particles within the grains. Now, if one takes into 
account the ferrite grain boundaries as well as car- 
bide particles in these steels tempered at 1250°F 


Table |. Volume Fraction and Mean-Free Ferrite Path Determinations 


Tempering log, log 
Steel Temperature f, Pet Pog PLA f, Pet 
A 800°F (426°C) 15.1 0.35 3.55 6.7 0.38 3.59 
800°F (426°C) 0.33¢ 3.52 
1100°F (593°C) 11.2 0.66 3.82 6.7 0.70 3.84 
1100°F (593°C) 12.9 0.64 3.81 6.7 0.69 3.83 
1100°F (593°C) 0.70¢ 3.84 
1250°F (675°C) 8.2 2.67 4.43 6.7 2.70 4.43 
1250°F (675°C) 7.6 2.55 4.41 6.7 2.57 4.41 
1250°F (675°C) 1.024 4.01 
B 800°F (426°C) 26.9 0.27 3.44 8.8 0.34 3.53 
1100°F (593°C) 16.0 0.53 3.72 8.8 0.57 3.76 
1250°F (675°C) 11.6 2.55 4.41 8.8 2.64 4.42 
1250°F (675°C) 13.4 2.09 4.32 8.8 2.20 4.34 
1250°F (675°C) 0.884 3.94 
¢ 800°F (426°C) 29.3 0.19 3.28 11.8 0.24 3.38 
1100°F (593°C) 20.7 0.38 3.58 11.8 0.42 3.62 
1100°F (593°C) 19.7 0.40 3.61 11.8 0.44 3.64 
1250°F (675°C) 14.5 1.50 4.18 11.8 1.55 4.19 
1250°F (675°C) 0.864 4.9 


Notes: “Volume fraction based on lineal analysis. 
>Volume fraction based on chemical composition. 


°P (mean-free ferrite path) determined by direct measurement on photograph. 


4Corrected for grain boundaries. 
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-042%C (STEEL A) | 
240+ o -056%C (STEEL B) 
a ~O75%C (STEEL C) 
a -(250°F (675°C) TEMPER 
5 200+ CORRECTED FOR GRAIN 
BOUNDARIES. 
600°F 
~ 160+ 
= 6 
= 140 
| 
120;- | 
3 & _ Fig. 9—Yield strength at various testing 
> 100 temperatures vs mean-free ferrite path. 
° | 
Do | 
| 
(600°F TEST) “0 05 10 15 20 2.5 
(70°F TEST) 0 05 1.0 15 2.0 25 
(-320°F TEST) 0 05 1.0 15 - 20 25 
MEAN FREE FERRITE PATH (MICRONS) 
(675°C) in the determination of the mean-free fer- between strength and the logarithm of the mean-free 
rite path and substitutes the results obtained (solid ferrite path is obtained throughout the entire range 
points) for the mean interparticle distances for the of the tempered martensite structures considered 


same steels, then a fairly good linear relationship here. 
It is clear that the ferrite grain boundaries in- 


fluence the mean-free ferrite path less in the tem- - 


042% C (STEEL A) pered structures with finer dispersions. Fig. 12 
O -056%C (STEEL B) makes this fact apparent. The many tiny carbides 
oan 404 0754C (STEEL C) dispersed throughout the interior of the ferrite 
@,m,a- 1250°F (675°C) TEMPER grains in the 1100°F (593°C) tempered specimens 
BP CORRECTED FOR GRAIN must minimize the effect of the ferrite grain bound- | 
BOUNDARIES. ary on the mean-free ferrite path. 
200+ 4 The yield strength and logarithm of the mean-free : 
ferrite path relationships obtained by different in- 
ra eal vestigators are shown in Fig. 13. Our results are 
characterized by having the steepest slope. 
8 160+ +s Recently Hyam and Nutting® in a study of tem- 
i ° pered martensites, which were fairly highly tem- 
8 vm ie pered (930°F and above) and consequently in which 
320°F the carbides were essentially spheroidized, ob- 
a sai 4 (- 196°C) served a linear relationship between the hardness i 
a and the reciprocal of the square root of the calcu- > 
2 oo " lated ferrite grain size. To calculate the grain size 
2 they used the method suggested by Smith’® in his 
= sot a 4 “ consideration of grain growth. This method is 
_ based on the assumption that the particles are 
sot spherical, equal in size and randomly distributed. 
% OT An attempt was made to apply this method to cal- 
sek 600°F (21°C) culate the grain size in steels, A, B, and C tem- 
(315°C) pered at 1250°F (675°C) and steel A at 1100°F 
sal (593°C) where the ferrite grain boundaries could 
| N L be well delineated, and the grain size measured. 
(600°F TEST) 30 3.5 4.0 4.5 The calculated values did not correspond to the 
tes observed values —the discrepancy becoming more 
marked with lower tempering temperature, see 
a" bsg ds Table II. It was felt, therefore, that calculated 
values for steels tempered below 1100°F (573°C) 
LOG P (MEAN FREE FERRITE PATH) where the dispersion appears less uniform in size E 
Fig. 10—Yield strength at various testing temperatures or distribution would be even less meaningful, and : 
vs log P. no attempt was made to find a correlation between 
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Table Il. Comparison of Observed and Calculated Ferrite Grain Size 


Temperature Grain Diam, (mm”* ) 
Steel Calc. Obs. Cale. Obs. 
A 1250 675 4.17 ak 15 22 
B 1250 675 2.98 2.0 18.6 22.2 
Cc 1250 675 2.43 quae 20.4 20.8 
A 1100 593 0.57 1.6 42.6 25 


strength and the reciprocal of the square root of the 
calculated grain size. It is difficult to delineate the 
ferrite grain boundaries in these fine structures and 
grain size determinations by X-ray diffraction” are 
not considered to be satisfactory. 

Fisher, Hart, and Pry” and Orowan” have pro- 
posed dislocation models for the strengthening ef- 
fect of a hard phase dispersed in a soft matrix. The 
analysis of Fisher, Hart, and Pry gives the following 
relationship: 


a 
G,, 


where f is the volume fraction of the hard phase, 
o, the increase in flow stress of the dispersion 
over that of the solid-solution matrix at some fixed 
strain (e.g., 0.05) and y is the radius of the dis- 
persed particles. The Orowan analysis leads to the 
relationship 


S 


800° F (426°C). Polished and etched prior to 5 pct exten- 
sion. Nitrocellulose negative replica. X15000. Reduced 
approximately 23 pct for reproduction. 
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Fig. 12—Steel A tempered at 1100°F (593°C). Etched in 
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Picric-HCl reagent, nitrocellulose negative replica. 


where 


0 y,s is the yield strength and p is the inter- 


particle spacing. Analysis of the present experi- 
mental results according to the method of Fisher, 
Hart, and Pry did not yield a systematic variation 
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lationship obtained by different investigators. 
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, Fig. 11—Localized deformation in steel C tempered at ger | 
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of the quantity f”*/o,, with particle radius. Simi- 
larly, a linear relationship between o ,,, and the 
reciprocal of the interparticle spacing was not 
found. 


CONCLUSIONS 


1) Three essentially plain-carbon steels quenched 
to martensite and varying in carbon content from 
0.42 to 0.75 pct were studied after varying temper- 
ing treatments [800° F (426°C) to 1250°F (675°C)] 
to determine the relationship between the dimen- 
sions of the microstructure (the interparticle dis- 
tance) and the yield strength at —196°, 25°, and 
315°C. 

2) The ‘*Gensamer’’ or linear relationship be- 
tween the strength and the logarithm of the mean 
interparticle distance is not valid for the entire 
range of tempered structures considered here. 

3) In highly tempered martensites where large 
carbide particles are scattered at ferrite grain 
boundaries with few or no particles within the grain, 
the grain boundaries are important in the consider- 
ation of the mean-free ferrite path. When the grain 
boundaries as well as the carbides are used in the 
calculation of the mean-free ferrite path, in these 
steels a linear relationship is found between the 
logarithm of the mean-free ferrite path and the 
yield strength. 

4) There is no essential difference in the relation 
between structure and strength at the three dif- 
ferent testing temperatures (—196°, 25°, and 315°C) 
except for a scale shift to lower strengths as the 
temperature increases. 

5) The proposal of Hyam and Nutting® that the 


strength of tempered martensites is determined by 
the ferrite grain size is not confirmed. 
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The Effects of Pile-Irradiation on U.Si 


Specimens of U-3.8 wt pct Si alloy, heat treated to produce the « intermetallic com- 
pound (U; Si), were irradiated in the Materials Testing Reactor (MTR) to a maximum ex- 
posure of 0.104 at. pct burnup and at a maximum in-pile temperature of less than 250°C. 
The irradiation produced large changes in hardness, density, electrical resistivity, and 
mode of corrosion in 650°F water. The microstructure of the samples appeared un- 
changed but no X-ray diffraction lines were observed after the irradiation. These results 
were tentatively explained on the basis of a neutron-induced disordering reaction. 


M. L. Bleiberg and L. J. Jones 


Tue changes induced in metals by subjecting them 
to heavy particle bombardment have received wide- 
spread attention in recent years and results of such 
investigations have been reviewed by | Slater, Dienes, 
Seitz, Siegel, and Seitz and Koehler.*"* Of particu- 
lar significance are the property changes that occur 
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in uranium-base alloys due to neutron bombardment. 
These changes are generally very severe since fis- 
sion occurs within the sample, resulting in the for- 
mation of heavy, highly energetic fission fragments, 
as well as additional neutrons born in fission, which 
serve to intensify the damage generally associated 
with fast neutron bombardment of nonfissionable 
metals. The property changes in uranium and ura- 
nium alloys due to neutron bombardment have been 
summarized by Paine and Kittel® and Billington.” It 
has also been shown that neutron bombardment of 
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Fig. 1—U-Si binary phase diagram. 


metals produces effects on physical-metallurgy 
processes, such as diffusion, precipitation from 
solid solution, order-disorder, and phase trans- 
formation; these effects have recently been re- 
viewed by Thomas.® In the case of U-Mo and U-Nb 
alloys, Bleiberg, Jones, and Lustman® have shown 
that the room-temperature stable phase reverts to 
the high-temperature metastable phase as a result 
of neutron bombardment. 

In the present experiment, the properties of 
U-3.8 wt pct (25 at. pct) Si alloy specimens, heat 
treated so as to form the € intermetallic compound, 
were examined prior to and after neutron bombard- 
ment. The U-Si binary-phase diagram, shown in 
Fig. 1, as well as the properties of the € phase were 
determined by Kaufmann et al.’° The ¢€ phase (Us Si) 
is formed as a product of a peritectoid reaction at 
930°C and has very narrow compositional limits, It 
was noted by Kaufmann and coworkers that all the 
single-phase compounds in the U-Si binary system, 
other than €, were very brittle. The € phase has 
little ductility in tension but substantial ductility in 
compression and could be successfully extruded at 
850°C. 


EXPERIMENTAL TECHNIQUES 


Specimens were prepared from natural U-3.8 wt 
pet Si alloy, which was vacuum melted, cast, and co- 
extruded with Zircaloy-2 at 1700°F to 0.314 in. 
diam. The samples were obtained by machining off 
the Zircaloy-2 cladding and were ‘/i6 in. diam and 
2 in. long. Two tests were run, which are distin- 
guished as test A and test B. The samples in test A 
were heat treated at 800°C for 91 hr in evacuated 
vycor bulbs after final machining to produce the 
€ phase. In test B, however, the billet was epsilon- 
ized at 800°C for 7 days prior to extrusion and ma- 
chining and no subsequent heat treatments were 
performed on this material. The chemical analyses 
of these materials are shown in Table I. 

In both tests, seven specimens were individually 
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Table |. Chemical Analysis of U-3.8 Wt Pct Si Alloy 


Wt Pct Si Wt Pct C 
Test A 3.75 = 
Test B 3.84 0.045 


encapsulated in NaK-filled Zircaloy-2 capsules and 
irradiated in the Materials Testing Reactor (MTR) 
for 6 weeks. Attached to each capsule was an alu- 
minum end cap which contained a small piece of the 
specimen material sealed into a quartz tube. These 
were used as flux monitors which were analyzed for 
Cs-137. 

Measurements of density, hardness, electrical 
resistivity, corrosion resistance to 650°F water, 
and microstructure and X-ray analyses were per- 
formed on specially designed equipment operable 
remotely in ‘‘hot’’ cells. All pre- and post-irradi- 
ation measurements were performed in a similar 
manner along with unirradiated control specimens, 
so as to minimize any errors inherent in the equip- 
ment, Hardness measurements, microstructure, 
and X-ray analysis were performed on small pieces 
of the specimens approximately */i¢ in. long which 
were sectioned from the 2-in.-long specimens on 
an underwater cutoff wheel and mounted in a ther- 
mosetting plastic mold. 

In order to determine any effects caused by long- 
time heat treatments in-pile, unirradiated, control 
specimens were held for 6 weeks (the length of ir- 
radiation time) at temperatures of 200°, 300°, 400°, 
and 500°C. Some of these samples were exposed to 
a NaK environment during this heat treatment while 
others were heat treated in evacuated vycor bulbs. 


EXPERIMENTAL RESULTS 


Dimensional Stability and Density Changes—Visual 
examination of the irradiated specimens in both 
tests revealed that gross dimensional changes oc- 
curred as a result of neutron bombardment. In gen- 
eral, these changes were evidenced by bending 
and/or cracking of the samples and by a peculiar 
‘*‘blistering’’ and ‘‘banding’’ effect. This effect is 
shown in Fig. 2. The ‘“‘blistering’’ was largely 


Fig. 2—Specimen A17. U-3.8 wt pct Si, irradiated to 
0.044 pct burnup showing typical ‘‘blistering’’ on end. 
X10. Reduced approximately 8 pct for reproduction. 


VOLUME 212, DECEMBER 1958-759 


es 
asile 
is- 
45, 
* 
= 
n 
ME 


Table Il. Summary of Property Changes in U3Si due to 
Neutron Bombardment 


Test A Test B 

Integrated thermal 
flux, nvt x 107° 0.31 to 2.36 0.91 to 3.66 
Total at. pct burnup 0.01 to 0.07 0.028 to 0.104 
Max central temp (°C) 161 249 
Density (g per cm*)* 

Pre-irradiation 15.53 + 0.01 15.45 + 0.01 

Post-irradiation 14.96 + 0.02 14.87 + 0.02 

Pct decrease 3.7 3.8 
Hardness (Dph)** 

Pre-irradi ation 227 +6 343 + 15 

Post-irradi ation 443 +11 482 +6 

A Dph +216 + 139 


*Standard deviation of measurements + 0.01 g per cm’ — Values are 
average of six specimens in Test A, and seven specimens in Test B. 
**Values are average of six specimens in Test A (1 kg load), and 
three specimens in Test B (5 kg load). 


confined to the ends of the rod samples and in most 
cases appeared on both ends of the sample. There- 
fore it cannot be attributed to a peculiarity in the 
experimental technique, such as insufficient NaK 
coolant in the irradiation capsule. It is believed 
that these effects are due to the inherent dimen- 
sional instability of the specimens and are caused 
by the residual a-uranium stringers that are pro- 
duced parallel to the axis of the rod specimens dur- 
ing extrusion and which are not reacted with silicon 
during the epsilonizing heat treatment. 

The changes in density of these specimens are 
shown in Table II. The pre-irradiation density 
values of the samples in test A were about 15.53 g 
per cm* while in test B they were 15.45 g per cm 
This difference results from the difference in sili- 
con content between the two sets of samples (see 
Table I) as shown by Kaufmann et al.*° However, 
the decrease in density of the samples after neutron 
bombardment was similar in both tests, averaging 
3.7 to 3.8 pct. The density changes appear to be 
independent of exposure between 0.01 and 0.104 at. 
pet burnup and they are far in excess of those nor- 
mally encountered in uranium alloys due to neutron 
bombardment, namely about 0.5 pct decrease after 
0.1 at. pet 

Hardness Measurements— The U-3.8 wt pct Si 
alloy specimens exhibited very large increases in 
hardness after exposure to neutron bombardment 
as shown in Table II, The specimens in test A had 
a pre-irradiation hardness of 227 Dph while those 
in test B had a hardness of 343 Dph. This differ- 
ence can be attributed to the differences in fabrica- 
ting history since those samples of test A were heat 
treated to the € phase after extrusion and machining 
whereas the samples in test B were epsilonized in 


the billet form prior to extrusion and no further heat 


treatments performed, It is interesting to note, 
however, that after irradiation the hardness of the 
samples in both tests were nearly the same. The 
samples in test A increased 216 Dph resulting ina 
hardness of 443 Dph whereas in test B the hardness 
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increased 139 Dph units to a hardness of 482 Dph. 
These large changes in hardness were much greater 
than those reported in uranium-base alloys sub- 
jected to neutron bombardment, about 100 Vhn after 
0.1 at. pct burnup.®” It may be seen that the hard- 
ness changes were independent of exposure as were 
the density changes described above. 

Electrical Resistivity Measurements—The elec- 
trical resistivity values of the U-3.8 wt pct Si alloy 
specimens are shown in Fig. 3, where they are 
plotted as a function of temperature in the range of 
— 196° to +100°C. The irradiated epsilonized sam- 
ples exhibited very large increases in electrical 
resistivity after irradiation (approximately 350 pct 
at —196°C), and the temperature coefficient of elec- 
trical resistivity changed from the normally posi- 
tive to negative. Also, these large changes in 
electrical properties occurred at relatively low 
exposures and no further changes occurred at higher 
exposures, as shown by the measurements on sam- 
ples irradiated to 0.028 and 0.102 at. pct burnup, 
respectively. The negative temperature coefficient 
of the irradiated specimens was similar to that oc- 
curring in the disordered metastable y phase of 
U-Mo and U-Nb alloys.® Furthermore, the changes 
in electrical properties due to neutron bombard- 
ment of the U-3.8 wt pct Si alloy were remarkably 
similar to the changes in electrical properties of 
these y-phase alloys due to the neutron- induced 
phase reversal of the low-temperature stable 
a + U2Mo phase to the metastable y phase. The 
cause of the effects observed in the U-Si alloy, 
however, must be dissimilar to that noted in the 
case of transformed U-Mo and U-Nb alloys since 
no disordered-stable solid solution exists in this 
system similar to the y phase in U-Mo and U-Nb 
alloys, and the alloy as inserted in the reactor was 
predominantly single phase rather than two phase. 
Furthermore, the de-epsilonized phases of a + 6 
showed similar electrical resistivity behavior to the 


85 T | 

EPSILONIZED & | 


IRRADIATED TO 0.028 &0.102% BURNUP 


UNIRRADIATED, EPSILONIZED 


| 
LEGEND 


2 cm) 


© DE- EPSILONIZED - 950°C FOR ', TO 4 HRS. 
TO PRODUCE a+ 8 PHASES 


30 LZ EPSILONIZED- BOO*C FOR 7 DAYS 
TO PRODUCE « PHASE 
* EPSILONIZED THEN IRRADIATED 
| TO 0.028 & 0.102 % BURNUP 
-200 -150 -100 -50 ° 50 100 


TEMPERATURE - °C 
Fig. 3—Electrical resistivity of U-3.8 wt pct Si alloy as a 
function of temperature. 
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unirradiated epsilonized samples as shown in Fig. 3. 

Microstructure and X-ray Analysis—The micro- 
structure of a typical sample of U-3.8 wt pct Si 
alloy heat treated so as to produce the e€ phase is 
shown in Fig. 4. Also shown in Fig. 4 is the micro- 
structure of an epsilonized and irradiated sample. 
It may be seen that the irradiated sample photo- 
micrograph does not exhibit grain boundaries. All 
attempts at developing grain boundaries in these 
irradiated specimens have been unsuccessful to 
date. However, the microstructure of the irradiated 
specimen does not show any precipitation of a 
and/or 6 phase or of any decompositions of the e 
phase of the unirradiated structure. 

In order to determine the crystal structure of the 
irradiated material, sample B-1, whose microstruc- 
ture is shown in Fig. 4, was sectioned into three 
pieces about Ye in. long. These pieces were 
mounted in a thermosetting plastic mold so that 
the three transverse faces were touching and were 
flush with the top surface of the mold. A diffraction 
pattern was then obtained on this sample by means 
of a double crystal spectrometer similar to that 
described by Cummings et al." This pattern, along 
with that obtained on an unirradiated control sample 
prepared in the same manner, is shown in Figs. 
5(a) and 5(b) respectively. These data show that 
no diffraction lines were obtained on the irradiated 
sample. The maximum intensity of the strongest 
peak (202) at 36.2 deg in 26 in the unirradiated 
control specimen was 85 counts per sec. If this 
peak were present on the irradiated specimen it 
certainly would have been detected since the back- 
ground was only about 30 counts per sec. A small 
diffraction peak (about 10 counts per sec) was ob- 
tained on the irradiated specimen pattern at a 20 
value of 39 deg. This peak was caused by diffraction 
of the X-rays by a small area of an aluminum speci- 
men holder which supported the sample in the ap- 
paratus. The appearance of this peak is further 
evidence that the apparatus was capable of detecting 
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Fig. 4(6)— ~irredhined U-3.8 wt pet Si alloy. Epsilonized at 
800°C for 7 days. Irradiated to 0.028 at. pct burnup. X250. 


diffraction lines if they were present on this sample. 

A further observation was made in the process of 
obtaining these patterns. It was found that the dif- 
fraction pattern of the unirradiated U-3.8 wt pct Si 
alloy in the epsilonized condition could be consider- 
ably altered by very light abrasion. The unirradi- 
ated specimen whose pattern is shown in Fig. 5(a) 
was very lightly abraded on 600-grit silicon-carbide 
paper, and the diffraction pattern obtained on the 
specimen after this abrasion is shown in Fig. 5(c). 
It may be seen that the intensity of the strongest 
line (202) was reduced about 50 pct. Furthermore, 
the lines that correspond to the cubic lattice 
(h? + k? + 1? = 4, 8, 11, and 12), which were 
clearly resolved as doublets, have merged into 
single broad peaks while the remaining weak lines 
have entirely disappeared. This effect is similar to 
that observed in the ordered ¢€ phase of the U-Mo 
binary system, wherein the € phase is disordered 
to the metastable y phase by light abrasion.’ When 
the abraded surface of this specimen was removed 
by etching, the diffraction pattern returned to that 
shown in Fig. 5(a). Sufficient care was taken during 
preparation of the irradiated sample to ensure that 
diffraction effects were not obscured by improper 
surface preparation, 

Corrosion Resistance to 650°F Water—The cor- 
rosion resistance of the U-3.8 wt pct Si alloy speci- 
mens to 650°F water was determined prior to and 
after neutron bombardment, The corrosion weight 
loss as a function of time in test is shown in Fig. 6 
for the unirradiated; the unirradiated, heat-treated 
control specimens; and some of the irradiated spec- 
imens. The heat-treated control specimens were 
tested in the same autoclave at the same time as the 
irradiated specimens, and it may be seen that there 
was no change in corrosion resistance due to their 
6-week heat treatments. Four irradiated samples 
from test A and three from test B were corrosion 
tested. The samples in test A completely disinte- 
grated in 0 to 3 days corrosion time. In test B, 


VOLUME 212, DECEMBER 1958-761 


nt 

y 

is 

Ss 

a 
IF 
G 


Us Si 
UNIRRADIATED 


INTENSITY - COUNTS / SECOND 


25 30 35 40 45 50 55 60 65 
DEGREES - 20 


Fig. 5(a). 


70 75 80 


60 


50 


100 


ENO 
ial TEST 


INTENSITY - COUNTS / SECOND 
| 


Us Si 
UNIRRADIATED WITH 
LIGHT SURFACE ABRASION 


ne 
| 


30 35 40 45 50 
DEGREES - 20 


Fig. 5(b). 


IN TENSITY - COUNTS / SECOND 


25 30 35 40 45 50 55 60 65 
DEGREES - 20 


Fig. 5(c). 


however, the three samples were each sectioned 
into two pieces. After 3 days time in test, one sec- 
tion from each of the three samples disintegrated 
while the remaining sections suffered only slight 
weight changes. These remaining sections were 
then corrosion tested an additional 3 days and the 
measured weight losses are shown in Fig. 6. Ex- 
amination of these specimens after 6 days of cor- 
rosion testing revealed that a tightly adhering oxide 
film had formed on the surface, a reaction that does 
not occur in the unirradiated material. For this 
reason, the measured weight losses due to corrosion 
of these irradiated samples are not reliable. It was 
also apparent that the disintegration occurring in 
some of the irradiated specimens was due to the 
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70 75 80 


inherent brittleness of the material since these 
specimens appeared to fracture into many small 
pieces as a result of handling after corrosion test- 
ing. In fact, it appeared that these specimens 
crumbled during handling when removed from the 
autoclave rather than during the corrosion test 
period. Thus no marked change in hot water cor- 
rosion resistance was caused by irradiation, but, 
if anything, a change in the mode of corrosion 
occurred. 

Results on Heat-Treated Control Specimen—In 
order to determine what effects, if any, were due 
to the thermal treatments of the specimens in-pile, 
unirradiated control specimens were held at tem- 
peratures of 200°, 300°, 400°, and 500°C for 6 
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Fig. 6—Corrosion of U-3.8 wt pct Si alloy in 650° F water. 


weeks, which was the length of irradiation time. 
Some of the specimens were heat treated in a NaK 
environment while the others were heat treated in 
evacuated vycor bulbs. In all cases, it was found 
that these samples exhibited negligible changes in 
hardness, electrical resistivity, density, micro- 
structure, X-ray diffraction patterns, and corro- 
sion resistance due to these thermal treatments, 
as would be anticipated from the phase diagram in 
Fig. 1. These results indicate that the changes in 
properties of the irradiated specimens were in- 
duced by irradiation and not by thermal effects 
during exposure. Note that no evidence has been 
reported for a second-order transformation in 
U;Si. 


DISCUSSION OF RESULTS 


The changes in properties of the € phase of the 
U-Si alloy system due to neutron bombardment 
described above are unusual when compared to the 
changes normally encountered in uranium-base 
alloys. Not only are these changes much larger 
than normal, but it is apparent that these property 
changes occur after very small exposures in-pile. 
It is unfortunate that the property changes of this 
alloy saturated at exposures below the lowest ex- 
posure of any sample in these two tests, but the 
data presented herein are felt to be sufficient to 
examine in respect to known radiation-induced 
phenomena, 

Although it has been shown that phase transfor- 
mations occur in U-Mo and U-Nb binary alloys,” 
such a phenomena would be-unlikely in the U-3.8 wt 
pct Si alloy. The phase transformations in the U-Mo 
and U-Nb alloys occur by homogenization of the 
room-temperature stable phases into the homogene- 
ous metastable phases. In the U-3.8 wt pct Si alloy 
system, however, there is no disordered solid-solu- 
tion metastable phase as shown in Fig. 1. Simi- 
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larly, the results of these two tests do not indicate 
that the € phase decomposed to the ‘‘de-epsilonized’’ 
phases of a plus 6 since no evidence of this was 
observed metallographically or by X-ray analysis. 
However, if a neutron-induced disorder reaction is 
assumed to have occurred in this alloy (even though 
no order-disorder phenomenon has been observed 
by thermal methods) then most of the observed 
property changes as well as the rapidity of these 
changes in-pile may be explained as described 
below. 

The structure of the € phase (U3Si) was deter- 
mined by Zachariasen™ to correspond to a body- 
centered-tetragonal lattice which is pseudo-cubic 
so that if the axial ratio, c/a, were reduced from 
1.442 to 1.414 and the uranium atoms were shifted 
so that the variable parameter, y, fixing their po- 
sitions was equal to 0.25 instead of 0.231, then this 
phase would have the Cus Au-type structure. Signif- 
icantly, Cus Au has been studied very extensively, 
and it has been shown by numerous investigators 
that the ordered-structure disorders due to neutron 
bombardment.® If the UsSi were similarly affected 
in-pile then the observed negative temperature co- 
efficient of electrical resistivity would be similar 
to that noted in several disordered body-centered 
solid solutions of binary uranium alloys. Further- 
more, the magnitude of the electrical resistivity 
values in irradiated Us;Si correspond very well with 
the values obtained in the y phases of the U-25 at. 
pet Mo and U-25 at. pct Nb alloys.” 

The density of such a neutron-induced disordered 
structure in U;Si may be calculated by extrapolating 
from the known data of lattice constant, a@o, as a 
function of wt pct Mo in the y-phase, body-centered- 
cubic U-Mo alloys to find the lattice parameter at 
0 wt pet Mo of 3.474A and an interatomic distance 
equal to 3.01A. Correcting the interatomic distance 
for the change in coordination numbers from that of 
the body-centered-cubic lattice (CN 8) to those of 
the face-centered-cubic lattice (CN 12) results in an 
interatomic distance of 3.075A and a lattice constant 
of 4.354A. By assuming that the face-centered- 
cubic lattice so obtained is completely random, with 
every fourth atom a Si atom, and that no shrinkage 
results due to the substitutional solution of Si atoms, 
then the theoretical density would be 14.91 g per 
cm*, It may be seen in Table II that this value is 
in good agreement with the irradiated density value 
of Test A where the Si content was approximately 
25 at. pct (3.78 wt pct) Si. 

On the basis of the calculation above it may be 
surmised that the volume change of the material 
due to the ‘‘disorder’’ reaction would result in high 
internal stresses in the material, which would cause 
the observed increase in hardness and also the 
brittleness of the specimens, Furthermore, the 
disintegration of the samples during handling after 
corrosion testing could result directly from the 
action of these stresses plus the additional stresses 
imposed by the oxide layers observed on the 
samples. 

This assumption of a neutron-induced disorder 
reaction does not, however, explain the lack of dif- 
fraction patterns in the irradiated material. No 
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reason for this behavior can be found in the present 
test, but it can be postulated that a marked reduction 
occurs in the crystallite size in the irradiated UsSi, 
to perhaps less than 20A, to cause the diffraction 
pattern to become sufficiently diffuse to permit the 
observed effect. This effect was perhaps simulated 
to a lesser degree in the unirradiated, abraded 
sample since the intensity of the diffraction peaks 
was reduced about 50 pct from the unabraded 
condition. 

The ‘‘disordering’’ reaction of the U3Si is kinet- 
ically feasible using Brinkman’s model of displace- 
ment spikes.** By following Brinkman’s treatment 
and considering an alloy of U-25 wt pct Si it can be 
shown that about 1 x 10° atoms are disordered by 
each spike, and assuming about six spikes occurring 
per fission, then about 6 x 10° atoms are disordered 
during each fission event and the fraction of total 
atoms disordered per fission equals 1.2 x — 

By considering the enrichment of U** of the sam- 
ples, it can be calculated that this material swould be 
entirely disordered after an exposure of 10” nvt, a 
value lower than any sample in these tests. These 
results show that the kinetics of the property 
changes are consistent with the neutron- induced 
disorder reaction proposed above. 


CONCLUSIONS 


The changes in density, hardness, electrical re- 
sistivity, corrosion resistance to 650°F water, 
microstructure, and X-ray diffraction patterns of 
U-3.8 at. pct Si alloy in the € (UsSi) phase were 
determined after exposure to neutron bombard- 
ment, This material exhibited large decreases in 
density, large increases in hardness, and became 
very brittle. There were large increases in elec- 
trical resistivity and the normal positive tempera- 
ture coefficient of electrical resistivity reverted to 


an abnormal negative coefficient. The corrosion 
resistance to 650°F water appeared to be unchanged, 
although difficulty was encountered with cracking of 
the specimens because of high internal stresses in 
the material. Although the microstructure ap- 
peared unchanged, the irradiated material evi- 
denced no X-ray diffraction lines. These results 
were tentatively explained on the basis of a dis- 
ordering reaction in the material induced by neu- 
tron bombardment. 
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The Contribution of Twinning to Fiber Textures 


B. D. Cullity 


As methods for measuring fiber textures become 
more exact, it becomes justifiable to scrutinize an 
observed pole-density curve for evidence of minor 
texture components. These are disclosed by minor 
maxima or abnormally broad major maxima. One 
possible source of these minor components is twin- 
ning of the main component. 

In cubic metals and alloys, there are two kinds of 
twins: 

1) Annealing twins in face-centered cubic metals. 
These are reflection twins on {111}, and they can be 
expected to be present in recrystallization textures. 

2) Deformation twins in body-centered cubic 
metals. These are shear twins on {112}. Although 
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Technical Note 


usually formed only by impact, they might conceiv- 
ably be present in the deformation texture of se- 
verely cold-drawn wire. 

Fortunately, both kinds of twinning lead to the 
same orientation relationships. It thus becomes 
possible to prepare a single list of angles between 
various planes in parent crystal and twin, which is 
helpful in examining pole-density curves for evi- 
dence of twinning in any cubic metal or alloy. 

Such a list of interplanar angles is given in Table I. 
This table consists of three parts, corresponding to 
the three major texture components— <100>, <110>, 
and <111>—most commonly found in the fiber tex- 
tures of cubic metals. The table lists the angle ¢ be- 
tween the pole of {hi}, in either the parent crystal P 
or the twin 7, and the fiber axis <uvw>. The crys- 
tals with <uvw> parallel to the wire axis are here 
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Table |. Interplanar Angles in Twinned Crystals 


Pole 
Texture Chart 
<uvw> {Akl} 
<100> {100} P 1at0°, 2 at 90° 
T 2447, 
{110} P 4 at 45°, 2 at 90° 
T 1 at 19.5°, 2 at 45°, 2 at 76.4°, 1 at 90° 
{111} P 4 at 54.7° 
T lat 15.8°, 1 at 54.7°, 2 at 78.9° 
<110> {100} P 2 at 45°, 1 at 90° 


2 at 45°, 1 at 90° 
1 at 19.5°, 2 at 76.4° 


{110} P 1 at0°, 4 at 60°, 1 at 90° 
T 1 at 0°, 4 at 60°, 1 at 90° 
2 at 33.6°, 2 at 60°, 1 at 70.6°, 1 at 90° 


{111} P 2 et 35.3°, 2 at 90° 
T }2 at 35.3°, 2 at 90° 
1 at 35.3°, 2 at 57.0°, 1 at 74.2° 


<111> {100} P 3 at 54.7° 


1 at 15.8°, 2 at 78.9° 


{110} P 3 at 35.3°, 3 at 90° 
7 {3 at 35.3°, 3 at 90° 
2 at 35.3°, 2 at 57.0°, 1 at 74.2°, 1 at 90° 


{111} P 1 at 0°, 3 at 70.5° 
7 jiat 0°, 3 at 70.5° 
1 at 39.0°, 2 at 56.3°, 1 at 70.6° 


regarded as parent crystals. Both multiplicities and 
angles are listed. 

As an example of the use of this table, suppose a 
wire has a <100> texture and a {111} pole-density 
curve is obtained from it. Then this curve will show 
a single major maximum at @¢ = 54.7 deg. If, in ad- 
dition, some of the grains are twinned, then there 
will be three minor maxima at @ = 15.8, 54.7, and 
78.9 deg. The last will be the strongest of the three, 
because two of the four {111} poles in a single twin 
are inclined at an angle of 78.y¥ deg to the wire axis, 
and only one at 15.8 deg and one at 54.7 deg. 

Table I shows that twins of two different orienta- 
tions form, relative to the wire axis, when the ma- 
jor texture component is <110> or <111>, and some 
of these orientations are identical with that of the 
parent crystal. It is perhaps useful to state this in 
another manner by listing the directions in the twins 
which are parallel to the wire axis. Thus the pres- 
ence of twins can be thought of as contributing an ad- 
ditional texture component, or components, as fol- 
lows: 


1) If <100> is the major texture component, then 
twinning adds a <221> component. 


2) If <110> is the major component, twinning adds 
<110> and <114> components, each in equal 
amounts. 

3) If <111> is the major component, twinning adds 
<111> and <115> components, in the ratio of one 
part <111> to three parts <115>. 


Transformation Kinetics of Two Titanium Alloys 


in the Transition Phase Region 


The temperatures and times which govern the existence and nature of the stable and 
metastable structures for two heat-treatable titanium alloys known to form an w phase 
have been determined. The alloys, Ti-13Mo and Ti-8Cr, representative of two classes 
of systems, show different mechanisms of transformation. TTT diagrams of the two al- 


loys have been constructed. 


S. A. Spachner and W. Rostoker 


Fo tiowinc the discovery of the w transition 
phase in certain titanium-chromium alloys by Frost, 
Parris, Doig, and Schwartz,’ much interest has 
centered on the alloys in which this phase is found 
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and its mode of precipitation. The w phase has been 
found in alloys of Ti-Cr, Ti-Fe, Ti-Mn, Ti-Mo,” 
and Ti-V.*° The temperature-time-transformation 
characteristics have, as yet, not been determined 
for most of these. In this study, such transforma- 
tion characteristics have been investigated for two 
heat-treatable titanium alloys known to exhibit 
transition phase phenomena. The alloys chosen, 
Ti-8Cr and Ti-13Mo, are representative of two 
classes of binary equilibrium systems. In the 
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former case, the system features eutectoid de- 
composition from f to (a + TiCr,). In the latter 
case, the transition temperature of 8 to a is simply 
depressed by alloy addition. 

While the measurement of physical properties is 
generally used to follow the rates at which trans- 
formations occur, the identity of the emerging and 
disappearing phases when very finely dispersed can 
be assigned unambiguously only by X-ray diffrac- 
tion. Since the w precipitate is extremely fine, op- 
tical metallography is unsuitable. 

The principal difficulty to be overcome before 
X-ray powder photography methods could be used 
was the problem of titanium specimen fluorescence. 
Titanium fluoresces weakly when exposed to copper 
radiation. Normally, this effect is of no conse- 
quence. Satisfactory photographs of 8 and f-plus- 
a@ lines may be obtained in a period of 6 hr or less. 
During this relativeiy short time of exposure, the 
fluorescent effect causes little fogging of the film. 
However, if it is necessary to increase the film ex- 
posure time to 30 or 40 hr, the fluorescent effect 
becomes extremely noticeable and will mask the 
faint diffraction lines. Exposures of this duration 
are necessary for w-phase photography because of 
the small amount of this phase present. Difficulty 
with specimen fluorescence was apparently en- 
countered by Brotzen, Harmon, and Troiano,®* in 
using copper radiation for w-phase photography. 
These investigators succeeded in determining only 
a few of the w lines found in Ti-15V alloy. 

Molybdenum radiation was chosen to reduce this 
fluorescence because the mass absorption coeffi- 
cient of titanium for molybdenum radiation is 
23.7 g per sq cm, in contrast to 204 g per sq cm 
for copper radiation. The reduction in the accuracy 
caused by the use of shorter wave length x-radia- 
tion was not considered to be a significant factor. 
An overall improvement was noted in the photo- 
graphs obtained. Exposure times of 30 to 40 hr 
yielded weak but sharp w-phase lines against a low 
background intensity. 

Resistometric measurements were used prima- 
rily to determine the times for initiation and com- 
pletion of transformation. The identity of time- 
temperature dependent phase fields between initi- 
ation and completion of transformation was 
accomplished largely by X-ray work. 


EXPERIMENTAL WORK 


A) Alloy Preparation—Five-pound melts of 
Ti-13Mo and Ti-8Cr were prepared from 103 BHN 
sponge. Double melting techniques were used to 
assure ingot homogeneity. The alloys were first 
melted in a tungsten-electrode argon-atmosphere 
furnace, forged to 1 % in. round, then centerless 
ground and threaded so as to form a 4-ft length of 
l-in. rod. The rod was then remelted in a con- 
sumable electrode, argon-atmosphere, cold-mold 
furnace. After being forged to % in. round, ap- 
proximately 3 lb of each material was centerless 
ground into ¥4 by 3-in. cylinders for use as speci- 
mens in TTT curve determination. 
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B) Determination of Transformation Kinetics by 
the Resistometric Technique—The current-potential 
method of Graft, De Lazaro, and Levinson* was 
used in the determination of the resistivity of the 
heat-treated rod specimens. In practice, each 
specimen was solution treated at 900°C in a helium 
atmosphere for 30 min, quenched into a lead or 
eutectic solder bath at some given temperature 
between 250° and 700°C for a given time, and 
water-quenched. The specimens were then cleaned 
and polished for resistivity determination. A 400°C 
upper limit on the use of solder baths was deemed 
necessary to prevent tin contamination. 

C) Debye-Scherrer X-Ray Powder Photography— 
Minus 200-mesh powders of Ti-8Cr and Ti-13Mo 
were prepared by filing. A portion of powder suf- 
ficient for three X-ray powder specimens was 
placed in a Vycor tube, evacuated to less than 0.1- 
pressure, filled with argon, and sealed. Tubes were 
then heated to 900°C, held at this temperature for 
30 min, and water-quenched. Following this trans- 
formation to the 8 phase, the specimens were im- 
mersed in lead or solder baths at the desired tem- 
perature for varying lengths of time, and water- 
quenched. 

This procedure of quench and reheat was neces- 
sary because of the poor thermal conductivity of 
loose powder which would lead to insuppressible 
transformation to (a + 8) at slower quench rates. 
To check that the transformation rates in these 
alloys by direct isothermal heat treatment and by 
quench and reheating were not substantially dif- 
ferent, comparative resistivity-time curves were 
made. One comparison is shown in Fig. 1. There 
seemed to be no evidence that the rates were dif- 
ferent in these specimens. 

It might also be argued that the kinetics of trans- 
formation of powders may not be comparable to 
solid specimens, and certainly there is evidence in 
the literature that this could be true. To check 
this, a large number of comparative patterns were 
taken of filings from heat-treated rods and of filings 
which had undergone a complete but identical heat- 
treatment cycle. Since no distinguishable differ- 
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ences were observed, it was concluded that the two 
experimental results were comparable. 

Thirty-five Ti-13Mo and twenty-three Ti-8Cr 
patterns were made of isothermally transformed 
powders by molybdenum radiation. Exposure times 
varied between 30 and 40 hr, at tube settings of 
50 kv, 15 ma, using a zirconium filter. 


RESULTS 


A) Electrical Resistivity—Resistivity-time 
curves obtained from isothermally transforming 
specimens held at temperature from 0.1 to 
10,000 min in the 250° to 700°C temperature range 
for Ti-13Mo and Ti-8Cr are shown in Figs. 2(a), 
2(b), and 3(a), 3(b). In general, the resistivity de- 
creased with time. An exception, however, was 
noted in the 700°C range. In this range, the re- 
sistivity appeared to increase between 30 and 
120 min. This effect was observed in two different 
specimens which were heat treated in this range. 

The relation between the general shape and points 
of inflection of these curves and the appearance and 
disappearance of the transition phase was deter- 
mined by results of the powder X-ray diffraction 
studies. 

B) Powder X-Ray Photography— 

1) 7Tt-13Mo—Forty-hour exposures showed more 
than forty measurable lines in Ti-13Mo powder 
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Fig. 3(2)—Resistivity as a function of transformation time 
for a Ti-8 pct Cr alloy. 
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Fig. 2(6)—Resistivity as a function of transformation time 
for a Ti-13 pct Mo alloy. 


specimens, in addition to 8 and a lines, for par- 
ticular heat treatments. Comparison of Debye- 
Scherrer and electrical resistivity data indicated 
that the start of the 8 — (8 + w) transformation 
could be determined by electrical resistivity data, 
the resistivity of w apparently being considerably 
less than that of 8. However, only an approximate 
idea could be obtained of the location of the 
(8 + w + a) field on a TTT plot from resistivity 
data alone. Clear plateaus do not exist in this 
field. The relation of the resistivity of the w 
phase to the resistivity of the a phase, or the mode 
of precipitation of w from (8 + w) to (8 + w + a) 
could account for such behavior. If the resistivity 
of the w phase is approximately that of the a phase, 
no plateau would be detected in the (8 + w + @) re- 
gion. If a relatively small amount of w precipitates 
initially, gradually increasing with time, a plateau 
would again not be in evidence. The relative effect 
of each possibility cannot be appreciated without an 
a priori knowledge of the resistivity of the w phase. 
However, the existence of plateaus at 400°C and be- 
low in the (8 + w) range, Fig. 2(b), indicates that 
transformation at these temperatures proceeds by 
stages, not continuously. 

2) Ti-8Cr-—Comparison of powder pattern and 
resistivity data, Figs. 3(a), 3(}), gave results 
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Fig. 4—Time-temperature-transformation curve for a 
Ti-13 pct Mo alloy. 


similar to the Ti-Mo alloy with one significant ex- 
ception. At temperatures between 400° and 500°C, 
powder patterns indicated that the normal w phase 
was replaced by another transition phase. At tem- 
peratures above 500°C, the § phase transformed 
directly to this new structure; and below 400°C, 
directly to the conventional w. An analysis of the 
powder patterns of the two transition phases has 
been published in a separate paper ;° at this point 
it can be said that they are very similar structur- 
ally. The two transition phases have been desig- 
nated w, (conventional w) and wz. 

Evidence of TiCr, was searched for in all of the 
patterns, but in the time-temperature range of study 
none was found. 

C) TTT Diagrams—The TTT diagram for Ti- 
13Mo from 0.1 to 10,000 min in the 250° to 700°C 
temperature range is shown in Fig. 4. The dia- 
gram shows the TTT curve superimposed upon the 
data points which were obtained for its construc- 
tion. It may be seen that three types of reactions 
take place: at temperatures over 575°C, B = B + a; 
from 500° to 575°C, B= B+w~B+iw+a-P+aQ; 
below 500°C, B+w. 

The TTT diagram for Ti-8Cr from 0.1 to 10,000 
min in the 250° to 700°C temperature range is 
shown in Fig. 5. Three types of reactions are seen 
to occur. Above 500°C, 6 — wz, + a. Between 400° 
and 500°C, B+ w4~B+w4+WR~ 

(It is possible that a may coexist with w,4 as well as 
with wp in the second step of the reaction. X-ray 
powder methods, in this case, were not sufficiently 
sensitive to determine this. The reaction listed is 
the simplest which can account for the observed 
phenomena.) Below 400°C, the reaction is 


B+ wy. 


SUMMARY 


Using resistometric measurements to define the 
times of initiation and completion of transformation 
and X-ray diffraction to define the states of aggre- 
gation throughout the course of transformation, it 
has been possible to construct TTT diagrams for 
two prototype alloys, Ti-13 pct Mo and Ti-8 pct Cr, 
respectively. In both instances, double C-type re- 
action curves have been disclosed by which it may 
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be deduced that two competitive nucleation and 
growth processes can be operative. In the case of 
the Ti-13 pct Mo alloy, reaction categories may be 
described as: 


>575°C B-B+a 
500° to 575°C Br 
<500°C B-B+w 


In the case of the Ti-8 pct Cr alloy, reaction cate- 
gories are described as follows: 


>500°C B- 

400° to 500°C B= B+ B+ Wy + Wp 

<400°C B+ wy, 


The lattice cell parameters of w, and wz, appear 
to be the same; for an orthorhombic cell a = 6.203; 
b = 6.498, c = 13.63A. In spite of the almost iden- 
tical apparent cell size, the powder pattern line 
sequences are not the same, which indicates a dif- 
ference in atomic distribution. It would seem rea- 
sonable to imagine that wy, is the transition struc- 
ture whence £ converts to a and that wz is the 
transition structure whence £ converts to the 
eutectoid (a + TiCr,). This would account for w, 
appearing in the Ti-8 pct Cr alloy but not in the 
Ti-13 pct Mo alloy. 

It might be argued that the w phases observed by 
X-ray diffraction were not the product of isothermal 
transformation but rather of anisothermal trans- 
formation insuppressible by the quench. While it 
is known that anomalously hard £ produced by water 
quenching the Ti-8 pct Cr alloy does indeed contain © 
some w, the amount is so small as to be barely 
visible in X-ray powder patterns. Such structures 
for simplicity have been designated as £ structures. 
The designation (8 + w) in the accompanying figures 
represents line intensities of the transition phase 
which are of the same order of magnitude as the £ 
phase and in fact, the progress of the reaction 
B ~ B+ wis often best followed by noting the de- 
creasing intensity of the 8 lines compared to those 
of w. In the latter stages of transformation above 
500°C, 6 disappears entirely from the structure of 
the Ti-8 pct Cr alloy. 


Key to Symbols 
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Fig. 5—Time-temperature-transformation curve for a 
Ti-8 pct Cr alloy. 
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Secondary Recrystallization in Silicon Iron 


Effects of impurities on the (110) [001] secondary recrystallization texture were 
studied by making specific impurity additions to high-purity silicon iron, The primary 
recrystallization texture was found to be very weak, but a (110) [001] component was 
detected. It was found that the presence of impurities is necessary in order for the 
strong (110) [001] texture and secondary recrystallization to develop. The impurities 
formed a dispersed second phase. A function of the inclusions is to inhibit normal 
grain growth, and thus maintain the driving energy for secondary recrystallization. 
An analysis was made of the combined effects of inclusions and texture on the driving 
energy for secondary recrystallization. The results are consistent with the analysis. 
In order to account for the strong (110) [001] texture it seems necessary to suppose 
that (Z + Ug) is lower for (110) [001] grains in material with impurities than other 
components of the primary recrystallization texture. & is the specific surface energy 


and Uqis the residual strain energy. 


John E. May and David Turnbull 


Tue (110) [001] texture in silicon iron is of con- 
siderable interest both from the technological and 
scientific points of view. Its occurrence was re- 
ported more than 20 years ago.*"* The texture de- 
velops by means of secondary recrystallization® 
and can be very strong, that is, greater than 90 pct 
alignment even though the primary recrystalliza- 
tion texture is weak or complex. This behavior 
is in contradistinction to the face-centered metals 
which develop their strong secondary recrystalliza- 
tion texture from a strong primary recrystalliza- 
tion texture.”’® 

The microstructural changes accompanying the 
(110) [001] texture formation in silicon iron are as 
follows: When properly prepared cold-rolled sheet 
(i.e., 0.015 in. thick) is annealed at about 800°C, 
primary recrystallization occurs and a fairly stable 
fine-grained primary recrystallized matrix of about 
0.02-mm-diam grain size is produced. The mate- 
rial at this stage does not have the strong (110) [001] 
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texture. As the temperature is raised to about 
900°C, relatively large grains appear in the fine- 
grained matrix and they grow at the expense of the 
smaller grains to many times the sheet thickness. 
In time the complete sample is consumed by these 
large grains. This process of the growth of rela- 
tively few grains (about one in 10° primary grains) 
at the expense of many grains is called secondary 
recrystallization.® Since all the secondary grains 
are of essentially (110) [001] orientation, the strong 
texture is developed by this secondary recrystalli- 
zation process. 

Theories of the (110) [001] texture in polycrystal- 
line silicon iron have been proposed by Decker and 
Harker” and by Dunn.*»"* Decker and Harker have 
shown that grains initially in the (110) [001] orien- 
tation will upon annealing after cold-rolling, re- 
crystallize back to the initial orientation. To ac- 
count for the sharp texture in silicon iron they 
propose that (110) [001] grains become more highly 
strained than grains in other orientations and there- 
fore recrystallize first. They are then the lowest 
energy grains and can consume their higher energy 
neighbors. Grains in orientations other than (110) 
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[001] are presumed not to undergo primary recrys- 
tallization according to Decker and Harker. 

Dunn*** has shown that the orientation dependence 
of the rate of secondary grain growth is not strong 
enough in silicon iron to account for the secondary 
recrystallization texture. He therefore proposed an 
oriented nucleation-growth selectivity theory” to 
account for the sharp texture. According to this 
theory secondary recrystallization nuclei are large 
primary grains of a very weak component in the pri- 
mary recrystallized matrix. Oriented nucleation 
then would produce large primary grains of (110) 
[001] orientation and these would grow at the ex- 
pense of other primary grains in deviating orienta- 
tions. 

In order for complete secondary recrystallization 
to occur the primary grains must remain small 
relative to the larger grains that must consume 
them. Inhibition of normal growth may be achieved 
by the existence of either second phase inclu- 
sions” ** or a strong primary recrystallization 
texture. They are referred to as impurity inhibition 
and texture inhibition of normal grain growth. It is 
therefore necessary to know the nature of the in- 
hibiting effect in a system in order to understand its 
secondary recrystallization behavior. 

Morrill** and Fast” have reported unsuccessful 
attempts to obtain the strong (110) [001] texture in 
high-purity silicon iron. Fast, however, reported 
that the (110) [001] texture may be obtained by in- 
troducing nitrogen into the high- ~purity silicon iron. 
Hibbard and Geisler have shown’ that the primary 
recrystallization texture in silicon iron is very 
weak. One therefore surmises that second phase 
inclusions formed in the nitrided material and that 
impurity inhibition may play a dominant role in the 
formation of the (110) [001] texture in silicon iron.* 


*A correlation between watt losses in silicon-iron magnetic sheet 
and the Mn/S ratio was obtained several years ago by Mr. T. F. Davis 
of the Pittsfield Works Laboratory of the General Electric Co. Mr. E. J. 
Fitz of the same Laboratory later improved the secondary recrystalliza- 
tion response of high-purity silicon iron by adding metallic sulfides. 


A quantitative idea of the manner in which im- 
purities can affect secondary recrystallization may 
be derived by considering the effect of inclusions on 
the driving energy. In the following section we as- 
sume surface free energy to be the driving energy 
for secondary recrystallization and predict effects 
inclusions should have on secondary recrystalliza- 
tion. 


Theory of Effects of Inclusions on the Driving 
Energy for Secondary Recrystallization—When in- 
terfacial tension is the driving energy for grain- 
boundary migration, the free-energy change for the 
process in the absence of inclusions is usually 
written as AF = 20 V/r where V is the gram atomic 
volume of the substance, o is the surface tension, 
and rv is the radius of curvature of the spherical 
boundary. Zener” calculated the force due to in- 
clusions restraining boundary migration to be 
(3/4) op/r, where p is the volume fraction of in- 
clusions and y, is their mean radius. The result- 
ing driving energy for a spherically curved inter- 
face in the presence of inclusions is: 
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Eq. [1] is valid only for relatively small quantities 
of inclusions. Otherwise the proper expression is 
20V 

(T= p/2) ~ 

A secondary grain, however, is composed of many 
curved interfaces and the number of these inter- 
faces depends upon the size of the secondary grain. 
A two-dimensional view cut through a secondary 
grain in a primary recrystallized matrix is shown 
in Fig. 1. For the following analyses consider the 
radius of the secondary grain as the radius of an 
inscribed circle (R;) or a circumscribed circle (Rf ,) 
about a regular polygon of (”) sides. The length of 
a side (c) of the polygon is subtended by an arc of 
radius 7 as shown in Fig. 1. This arc is the pri- 
mary secondary interface. The internal angle 
formed by the polygon sides surrounding the sec- 
ondary grain is ¢ and let @ be the actual angle be- 
tween secondary primary boundaries of the same 
grain commonly referred to as the dihedral angle. 
The curvature of the secondary primary interface 
is given by” 


0/2) [2] 


The secondary-primary grain boundary surface 
tension 0, and the primary matrix surface tension 


related by cos 0/2 = on, /20;, and 


sin 5 =|1 — (32) J The relation between the 
radius of the inscribed circle (R;) of the secondary 
grain polygon and the length of one of its sides (c) 

is conveniently given by tan 7/n = c/2R;. Substi- 

tuting into Eq. [2] gives the curvature of the cusps 

of a secondary grain in terms of the size of the 


2 Zk. 
o; 
Xi SECON DARY 
GRAIN 

PRIMARY 

GRAINS 
Fig. 1—Definition of symbols used in Eqs. [1] through 
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secondary grain R; and R,, the size of a side of a 
secondary grain (c) (considered as a polygon) and 
the surface tensions of the secondary-primary 
boundaries (0, ) and the primary matrix bounda- 


Eq. [3] may be verified for the case of a regular 
hexagonal network, that is, when all grains are six 
sided and all sides are straight. Under this condi- 
tion o,, =o, and 1f = 0 so that Eq. [3] reduces to 
R; = cV3 which is true for a hexagon. 


The net driving energy due to surface energy of 
a secondary grain in the presence of inclusions is 
obtained by combining Eqs. [3] and [1] to give 


% 


3 
5% (4] 


Nucleation of Secondary Recrystallization—From 
Eq. [4] we see that the net driving energy for growth 
of a secondary grain is positive so long as the grain 
is large enough and the inclusion factor (I = % p/%o) 
is below a certain value. The critical size for nu- 
cleation of secondary recrystallization in the pres- 
ence of inclusions is obtained from Eq. [4] by set- 
ting AF = 0. The result is given by 


2 % 
[5] 
Cc 
1— Ic sec n/n 


where D;* is the diameter of the inscribed circle of 
the grain of critical size and m is the number of 
sides to that grain. Here bothc and are functions 
of D; but we shall see that this difficulty can be re- 
duced. The largest value sec 1/n can have is 2 


5 
p* 
Fig. 2—Relationship of critical size for nucleation (DX) 
with respect to cord (c) and primary grain size (d). 
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(for a three-sided two-dimensional grain) and this 
decreases rapidly to about unity as the number of 
sides increases. The relationship between c and D; 
can be determined graphically by drawing second- 
ary grain polygons of internal diameter d; and 
evaluating the average chord length c as a function 
of D;/d;. The average value, c, must be used be- 
cause as the secondary grain grows the number of 
chords increases and each chord can vary in size 
in two dimensions from 0 to 2d;/V3 as it passes 
through the hexagonal matrix grains. 

Fig. 2 shows the relationship thus determined 
between D/c and D/d;. For large values of Dj/d;, 
c varies between narrow limits so we can let 
c = (a)d; where (a) can be considered as a constant 
of about 3/4. The more useful expression for the 
critical size for nucleation of secondary recrystal- 
lization can be written as 


[6] 


When the critical size is small, a more accurate 
value may be obtained by solving for D/c and de- 
termining D/d from Fig. 2. 

When inclusions are not present Eq. [6] becomes 


D;* Co 2 ‘a 
[7] 


and when o, > o,, without inclusion we have 


D;* 
which is similar to Burke and Turnbull’s” and 
Smith’s*” expression except for the constant. 
Driving Energy for Growth of a Large Secondary 
Grain—It is apparent from Eq. [4] that the net driv- 
ing energy for growth of a secondary grain increases 
during the early states of growth and becomes es- 
sentially constant at large values of R. For a rel- 
atively large secondary grain the net driving energy 
for boundary migration with inclusions present, 
Eq. [4], reduces to 


— a, 1) [9] 


where / now stands for the inclusion factor 
(3/8 p/7,). 

Eq. [9] would be more useful if it were written in 
terms of the primary grain size diameter (d) instead 
of (c). As the secondary grain grows the number of 
sides increase and each chord (c) can vary in size 
as discussed in the preceding section. For a large 
grain we can set c = ad; where d; is the diameter of 
the inscribed circle within the primary matrix 
grains. As shown in the preceding section an av- 
age value of (a) of about (3/4) maintains and this 
value can be used for a large grain. Eq. [9] then 
becomes 
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Table | 
Ingot No. Pct, Si S c Mn 
1 3.34 0.000 0.003 0.000 
2 2.84 0.046 0.006 0.110 
Ordinary heat 3.22 0.015 0.024 0.052 
i 


When impurities are absent Eq. [10] becomes 


AF 


which is similar to Turnbull’s’® expression except 
the constant is evaluated here. 

A general idea of the maximum amount of second 
phase material that will permit secondary recrys- 
tallization may be obtained from Eq. [6]. If we 
assume 7, ~ 107°, d; ~ 10°* cm and we let o, /c,, 
be alternately 1 and 10, then the volume fraction of 
inclusions should be less than 3 pct or 0.3 pct de- 
pending upon o, /c,,. A maximum volume fraction 
of 0.3 pct to 3 pct seems plausible. 


[11] 


EXPERIMENTAL PROCEDURE 


The objective of the experimental work to be re- 
ported here was to determine the effect impurities 
have on the development of the strong (110) [001] 
texture in silicon iron. We will compare the be- 
havior and properties of ordinary silicon iron known 
to develop the strong (110) [001] texture with a high- 
purity heat of silicon iron and another heat of silicon 
iron into which manganese and sulfur were added to 
the high-purity base materials. 

Alloys for this study were prepared by means of 
vacuum melting and casting into 6-lb ingots. Elec- 
trolytic iron and 99.95 pct Si were used as base 
materials. Injected impurities were electrolytic 
manganese and C.P. iron sulfide. Chemical analy- 
ses of ingots prepared by this technique are listed 
in Table I. These heats will be referred to as the 


high-purity heat for ingot No. 1 and the manganese- 
sulfide heat for ingot No. 2. The ordinary heat was 
supplied by the Allegheny Ludlum Steel Co. in the 
form of 0.100-in. hot-rolled band. 

The ingots were forged at temperatures between 
1000° and 800°C to 2 by 1 in. bars. The bars were 
hot-rolled to thicknesses of from 0.2 in. to 0.4 in. 
after which they were cold-rolled to 0.100 in. and 
annealed. Reduction to 0.014 in. was accomplished 
by cold-rolling to an intermediate gage of 0.028 in., 
annealing, and then cold-rolling to final thickness. 

Annealing treatments were carried out ina 
molybdenum-wound furnace with a hydrogen at- 
mosphere of dew point —60°F. 

The response to a high-temperature anneal which 
customarily produces the (110) [001] texture in 
ordinary silicon iron was studied by annealing the 
14-mil cold-rolled sheet at 1100°C for 3 hr. The 
temperature was increased from 400° to 1100°C 
at a rate of 50°C per hr. 

To study the effect of temperature on secondary 
recrystallization behavior a gradient furnace was 
used in which the effect of temperature could be ob- 
served on a single sample prepared as described 
above. The temperature range used here was 800° 
to 1150°C. Samples were quenched directly into 
that temperature gradient. 

Quantitative evaluation of the amount of (110) [001] 
texture was made with a recording torque magne- 
tometer. The specimen torque curves were com- 
pared with the torque curve of (110) [001] oriented 
single crystal of silicon iron and results are dis- 
cussed in terms of percent of single crystal torque. 
The maximum torque obtained on a (110) [001] 
single crystal was 147,000 dynes per sq cm. 

Rolling and low temperature annealing textures 
were determined by the quantitative transmission 
method of Decker, Asp, and Harker.*° Pole figures 
were constructed by means of a direct recording 
X-ray diffraction spectrogoniometer as devised by 
Geisler.** Mo Ka radiation was used with a Zirco- 
nium filter. Intensity contours are expressed in 
multiplicities of the diffracted intensity from the 
same plane of a powder sample of randomly ori- 
ented crystals. 


3(a)Ordinary heat annealed 1100°C for 
3 hr Mag. X2. Reduced approximately 
7 pet for reproduction. 


3(6)High-purity heat annealed 1100°C 3(c)High purity + MnS annealed 1100°C 
for 3 hr Mag. X2. Reduced approxi- 
mately 7 pct for reproduction. 


for 3 hr Mag. X1. Reduced approx- 
imately 7 pct for reproduction. 


Fig. 3—Response to high-temperature anneal. 
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Fig. 4—Effect of temperature and compo- 
sition on secondary recrystallization. 


RESULTS 


Ordinary Silicon Iron—Secondary Recrystalliza- 
tion Behavior—The macrostructure resulting from 
the 1100°C anneal is shown in Fig. 3(a). The large 
grain size is typical of materials that have under- 
gone secondary recrystallization. The orientations 
of the large grains were determined by X-ray back 


reflection and confirmed to be of the (110) {001] type. 


Magnetic anisotropy measurements indicated the 
strength of the texture to be equal to 85 pct effective 
(110) [001] texture. The effect of a range of anneal- 
ing temperatures on the recrystallization behavior 
was studied by means of the gradient technique. A 
treated sample is shown in Fig. 4(a). The largest 
grains have formed at about ¥00°C and decrease in 
size (increase in number per unit area) until about 
1050°C is reached. Thereafter, the grain size ap- 
pears essentially independent of temperature. A 
fine-grained primary recrystallized matrix has 
formed between 800° and 900°C. 

Normal Grain Growth—Preliminary observations 
indicated that normal grain growth in the material 
is very slow. For our purpose here it will be suf- 
ficient to represent the grain size as a function of 
temperature. The material was cold-rolled from 
0.100 in. to 0.028 in. and annealed at the designated 
temperature for 15 min. The results are plotted in 
Fig. 5. It is seen that the grain size increases from 
0.012 mm at 700°C to only 0.02 mm at 900°C, after 
which secondary recrystallization occurs. A typical 
microstructure of the material is shown in Fig. 6(a). 

Intermediate Gage Deformation Texture—The 
intermediate gage deformation texture was obtained 
from 0.029 in. material previously cold-rolled from 
0.100-in. hot-rolled band. The pole figure is shown 
in Fig. 7(a) and can be described as consisting of a 
[110] parallel to the rolling direction with the prin- 
cipal components being the (112) <110> and (001) 
[110] orientations. The (111) <112> component is 
also present but is very weak. These components 
have been found by other investigators.” ** 

Intermediate Gage Annealing Texture—The inter- 
mediate gage annealing texture was determined on 
material previously cold-rolled from 0.100-in. hot- 
rolled band to 0.029 in. and annealed at 850°C for 
15 min. The (200) pole figure is shown in Fig. 8(a). 
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The best developed component of the texture is the 
(111) <112> orientation. Another component can be 
described as (001) in the rolling plane and [100] 
direction 20 deg from the rolling direction. The 
texture is somewhat similar to those already pub- 
lished.” 

Rolling Texture—Final Gage—The rolling texture 
of the ordinary heat for 50 pct cold-reduction in 
thickness to 14 mil is represented by the (200) pole 
figure in Fig. 7(6). Before rolling, the material of 
0.028-in. gage was annealed at 850°C for 15 min. 
The texture can be interpreted as consisting of a 
(111) <112> component at 4X intensity as its 
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Fig. 5—Effect of temperature on grain size. 
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duced approximately 10 pct for reproduction. 
Fig. 6—Inclusions in silicon iron. 


strongest component and (001) [110] as the next 
strongest component. 
Low-Temperature Annealing Texture—The texture 


of the primary recrystallized matrix was investi- 
gated on 0.014-in. material annealed at 800°C for 
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30 min. The (200) pole figure is shown in Fig. 8(d). 
It is a very weak texture and is interpreted as con- 
sisting chiefly of a (110) [001] component and a 
(111) <101> component. 

High-Purity Heat (Ingot No. 1)—Secondary Re- 
crystallization Behavior—The high-purity material 
was given the same final annealing treatment given 
the ordinary heat described previously. In contrast 
to the ordinary heat, the high-purity heat, Fig. 3(d), 
has developed a much smaller grain size of about 
five times the sheet thickness. This type of re- 
sponse is not generally characteristic of secondary 
recrystallization in silicon iron. A general idea of 
the final texture of this material, sufficient for our 
purpose, may be obtained by comparing the magnetic 
torque anisotropy of this material with silicon iron 
that does develop the strong (110) [001] texture (see 
experimental procedure). A typical torque curve is 
shown in Fig. ¥. It is clear that this material does 
not contain the strong (110) [001] texture. The torque 
curve suggests at most 20 pct effective (110) [001] 
texture. 

The microstructural changes as a function of 
temperature as developed by the temperature gra- 
dient method are shown in Fig. 4(b). It is apparent 
that secondary recrystallization has not occurred 
in this high-purity material prepared as described 
here. Magnetic torque measurements were made 
on discs punched from this specimen and the re- 
sults indicate uniformly low torque values essen- 
tially independent of temperature within this tem- 
perature range and suggestive of at most 10 pct 
effective (110) [001] texture. 

Normal Grain Growth—The temperature de- 
pendence of grain size for the high-purity material 
was studied in the same manner as for the ordinary 
heat. The results are shown in Fig. 5 for a 15-min. 
anneal of the 0.028-in. material. A typical micro- 
structure at this stage is seen in Fig. 6(0). 

Rolling Texture—The rolling texture for 50 pct 
cold-reduction in thickness is shown by means of 
the (200) pole figure in Fig. 7(c). It is interpreted 
as consisting of a (111) <112> component at 4X 
intensity. Other components rotated about a com- 
mon [111] normal to the sheet surface, 7.e., (111) 
<101> could be present at slightly above unit in- 
tensity. The (110) [001] component could possibly 
be present at slightly above unit intensity. 

Low-Temperature Annealing Texture—The low- 
temperature annealing texture (750°C for 1 hr) is 
shown by means of the (110) pole figure in Fig. 8(c). 
The texture is extremely weak but its strongest 
component is the (111) <112>. 

Manganese Sulfide Heat—Secondary Recrystalli- 
zation Behavior-The macrostructural response to 
the 1100°C anneal can be seen from Fig. 3(c). The 
large grain size is similar to that developed by the 
ordinary heat and is characteristic of secondary 
recrystallization. Orientations of nine grains se- 
lected at random were determined by X-ray back 
reflection and found to be (110) [001]. These are 
shown in stereo-graphic projection in Fig. 10. Mag- 
netic torque anisotropy measurements made on this 
material indicated 90 pct effective (110) [001] tex- 
ture. The torque curve is shown in Fig. 9 and it is 
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Fig. 7(a)—Ordinary heat intermediate-gage rolling texture 
0.100 in. Cold-rolled to 0.029 in. 
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Fig. 7(c)—High-purity heat final-gage rolling texture. 
Cold-rolled from 0.029 in. to 0.014 in. 
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Fig. 7(6)—Ordinary heat final-gage rolling texture. Cold- 
rolled from 0.029 in. to 0.014 in. 
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Fig. 7(d)—MnS heat final-gage rolling texture. Cold-rolled 
from 0.029 in. to 0.014 in. 
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Fig. 8(a2)—Ordinary heat intermediate-gage annealing 
texture. 850°C — 15 min. 
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Fig. 8(6)—Ordinary heat final-gage low-temperature an- 
nealing texture. 800°C — 30 min. 
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Fig. 8(¢)—High-purity heat final-gage low-temperature 
annealing texture. 750°C — 1 hr. 
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Fig. 8(¢)—MnS heat final-gage low-temperature annealing 
texture. 850°C — 1 hr. 
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Fig. 9—Comparison of torque curves for high-purity 
silicon-iron and high-purity silicon-iron with manganese 
sulfide. 


similar in shape to a (110) [001] oriented single 


crystal. 
The effect of temperature on the secondary re- 


crystallization behavior as developed by the gradient 


furnace technique is revealed by the specimen in 
Fig. 4(c). The largest grains again appear at about 
y00°C although they may actually have started at 
1000°C. The size of the secondary grains then de- 
creases as the quenching temperature rises. The 
secondary grains are of the (110) [001] orientation. 

Normal Grain Growth- The temperature depend- 
ence of normal grain growth for this material is 
shown by the isochronal curve in Fig. 5. The grain 
size developed at these temperatures is similar to 
that developed by the ordinary heat and is much 
smaller than the grain size of the high-purity heat. 
The microstructure at this stage is shown in 
Fig. 6(C). 

Rolling Texture—The rolling texture of the final 
gage material into which manganese and sulfur 
were added intentionally is shown by the (200) pole 
figure in Fig. 7(d). The material had previously 
been annealed at 900°C for 15 min and then cold- 
rolled from 0.028 in. to 0.014 in. The texture can 
be interpreted as consisting chiefly of (111) [112]- 
type components and lower intensity components 
rotated about the [111] normal to the sheet surface. 
The 1X intensity areas in the rolling and cross- 
rolling directions were checked as possible spuri- 
ous areas caused by diffraction from (112) and 
(11G)-type planes by white radiation. They were 
not found to be spurious. Examination of the (110) 
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pole figure of the same material rules out any sig- 
nificant intensity contribution by either (110) [001] 
or (110) [110] components although a (100) [001] 
component could possibly be contributing at about 
unit intensity level. 

Low-Temperature Annealing Texture—The tex- 
ture of the primary matrix into which the (110) [001] 
texture grows is shown by the (200) pole figure in 
Fig. 8(d). The texture is weak and complex but is 
interpreted as containing a (110) [001] component, 
(111) <112> type component and other remnants of 
the deformation texture rotated about a [111] axis 
normal to the sheet surface. A (110) pole figure 
agreed with the (200) pole figure. The 1X and 2X 
intensity areas 55 deg from the surface normal in 
the rolling direction may possibly be axes of rota- 
tion of components not detected here. 

Identification of Inclusion— The inclusions seen 
in Fig. 6(c) were identified in situ by electron dif- 
fraction from the surface of the specimen. The 
material was 0.028-in. gage and annealed at 900°C 
for 15 min. It was given a metallographic polish 
and a 5 pct Picral etch. The sample yielded a 
complete diffraction pattern for manganese sulfide. 

Summary of Microstructural Changes—A repre- 
sentation of the microstructural changes accom- 
panying the formation of the (110) [001] texture is 
shown in Fig. 11. The dashed line represents the 
grain size produced during a 1-hr interval as a 
function of temperature of high-purity silicon iron 
into which no impurities were intentionally added 
(undoped). The solid line is the grain size of the 
primary matrix of the doped material that has not 
yet been consumed by the secondary grains. 


SUMMARY OF EXPERIMENTAL RESULTS 
1) Neither the strong (110) [001] texture nor 


ROLLING DIRECTION 


Fig. 10—Plot of cube poles of nine individual secondary 
grains selected at random from MnS heat after final anneal. 
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secondary recrystallization was observed to oc- 
cur in high-purity silicon iron into which impurities 
were not intentionally added. 

2) The strong (110) [001] texture does occur in 
high-purity silicon iron into which manganese and 
sulfur were intentionally added. 

3) Manganese sulfide inclusions were identified 
in the material into which manganese and sulfur 
were added. 

4) Normal grain growth is greatly retarded in 
materials into which impurities have been added. 

5) If the materials with impurities are quenched 
to very high temperatures secondary recrystalliza- 
tion is reduced and the (110) [001] texture is 
weakened. 

6) Material containing a greater amount of dis- 
persed second phase will support secondary re- 
crystallization and develop (110) [001] texture at 
higher temperatures than material containing less 
second phase. 

7) The intermediate-gage (0.029 in.) rolling tex- 
ture consists essentially of (112) <110> and (001) 
[110] components. The intermediage-gage annealing 
texture contains a weak (111) <112> texture. 

8) The final-gage rolling textures are of the 
(111) <112> type. The low-temperature annealing 
textures are exceedingly weak but can be seen to 
contain remnants of the deformation texture and the 
(110) [001] component. Other minor components 
such as (111) <110> were also identified. 


DISCUSSION OF RESULTS 


The preceding results have shown pronounced ef- 
fects of impurities on the development of the (110) 
[061] texture in silicon iron. Although the distribu- 
tion of impurities was not determined for the or- 
dinary heat, it was shown in the preceding section 
that the intentionally added manganese and sulfur 
combined to form manganese-sulfide inclusions. 
The resulting inhibition of normal grain growth ob- 
served in heat No. 2, Fig. 5, was presumably caused 
by the dispersed manganese-sulfide phase. Since 
the high-purity heat was relatively free of inclu- 
sions, Fig. 6(c), normal grain growth was signifi- 
cantly less inhibited than in the manganese- sulfide 
heat. The primary-matrix grain size for the high- 
purity material at 950°C is about 0.08 mm, Fig. 11, 
and about 0.02 mm for the manganese- sulfide heat. 
The driving energy for growth of a secondary grain 
at 950°C in the MnS heat then will be about 4 times 
the driving energy for growth of a secondary grain 
in the high-purity heat. A function of inclusions 
therefore is to maintain a stable matrix of fine 
grains so the grains may more readily be consumed 
by secondary grains. Somewhat similar observa- 
tions were made on thoriated tungsten by Jeffries” 
and on aluminum manganese by Beck et al.*® In 
Al-Mn alloy it was observed that normal grain 
growth instead of secondary recrystallization oc- 
curred at a temperature at which the dispersed 
phase dissolved. 

It was noted that in the gradient strips, Fig. 4, 
the size of secondary grains decreases as the 
quenching temperature is increased above the tem- 
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perature at which secondary recrystallization starts. 


We can attribute this behavior to the decrease in the 
(G/N) ratio where G is the growth rate of secondary 
grains and N is their nucleation frequency. The 
strength of the (110) [001] texture also decreases in 
about the same manner as the secondary grain size. 
We attribute this behavior to impurities dissolving 
at a sufficient rate for normal grain growth in the 
untransformed regions to proceed rapidly enough to 
significantly decrease the driving energy for sec- 
ondary recrystallization in those regions. In addi- 
tion it is possible that grains in other than (110) 
[001] orientation also grew on a microsecondary 
recrystallization scale and thereby decreased the 
driving force of (110) [001] oriented secondaries. 

We also observed, Fig. 4, that the strength of the 
(110) [001] texture was higher at increased temper- 
atures for the manganese sulfide heat than for the 
ordinary heat. The secondary grain size also com- 
pared similarly. The manganese sulfide heat, con- 
taining more MnS than the ordinary heat therefore 
must have maintained a more stable matrix at these 
higher temperatures. 

It remains now to account for the fact that all the 
secondary grains have essentially the (110) [001] 
orientation. The extent of the secondary recrys- 
tallization transformation (X) of a single orienta- 
tion is functionally dependent upon the growth rate 
(Ge) of secondary grains of that orientation, and 
their nucleation frequency (N,). Knowing Gg and 
Ng for all different orientations, Xg could be cal- 
culated and one could determine the relative im- 
portance of these variables in developing the final 
texture. According to one viewpoint (oriented 
growth hypothesis) there is an equal population of 
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Fig. 11—Grain size as a function of temperature for 50 pct 
cold-reduction to 0.014 in. thickness. One hr anneal. 
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nuclei in all orientations and preferred orientations 
are entirely due to the dependence of growth rate on 
orientation. Opposed to this are the oriented nucle- 
ation and oriented nucleation-growth selectivity 
hypotheses that nuclei are present only in select 
orientations. Reviews of these theories have been 
made by Burgers,” Burke and Turnbull,” Beck,”® 
and Dunn” so they will not be presented here. 

Some kinetic data obtained by Dunn is pertinent 
to the results presented here. Dunn*®?’ determined 
the growth rate of secondary grains as a function of 
orientation in polycrystalline silicon iron. The pre- 
viously unpublished results of Dunn are shown in 
Fig. 12 in which it is noted that growth rates de- 
crease as the orientation of secondary grains depart 
from (110) [001]. This is somewhat surprising in 
view of the very weak matrix texture. However, 
the orientation dependence of growth rate is also 
very weak, that is, secondary grains deviating up 
to 35 deg from (110) and [001] have the same rate of 
growth as (110) [001] grains. The presence in the 
secondary recrystallization texture of orientations 
deviating up to 35 deg from (110) [001] is far less,° 
Fig. 12, than would be expected if the rate of nucle- 
ation were the same for all orientations. We are 
therefore forced to invoke with Dunn” at least an 
oriented nucleation-growth selectivity theory—if not 
an oriented nucleation theory alone to account for 
the strong (110) [001] texture. The relative impor- 
tance of oriented nucleation and growth selectivity 
cannot be established until nucleation frequencies 
are measured as a function of orientation. We must 
therefore look into a mechanism of nucleation.* 

*The term nucleation as we use it here does not imply the formation 
of stable grains by fluctuations. The nuclei are conceived to be pri- 
mary recrystallized grains which have a slightly lower specific surface 
energy (2) or residual dislocation energy (Ug) than the surrounding 
grains. The nucleation period is then a period of slow growth during 


which = + Ug of the growing grains becomes negligible relative to the 
corresponding quantity for the matrix grains. 


Since the presence of a dispersed second phase 
appears necessary to produce the (110) [001] tex- 
ture we must answer the question of how inclusions 
affect the nucleation mechanism. According to the 
assumed mechanism, nucleation is orientation de- 
pendent because of the o, /a,, term in Eq.[5]. The 
larger the a, /o,, ratio the greater will be the crit- 
ical size for a given dispersion of inclusions. Using 
the MnS heat as an example, with values of p = 2.5 
x 107*, %) ~ 10-* cm from Fig. 6(c) and d = 3 x 107° 
cm, we find (as previously described) the critical 
size for nucleation of secondary recrystallization 
as a function of 0, /a,,. The result is shown in 
Fig. 13. However, the inclusion size is very likely 
smaller than 10~* cm since we are not measuring 
inclusions we cannot see. If an inclusion size of 
¥> ~ 107° cm is taken the critical size increases 
much more rapidly, as seen in Fig. 13. This com- 
parison is meaningful to the extent we are able to 
specify 0, /o, in the nucleation model. Since we 
cannot specify o,/o,, we may use this approach to 
get an idea of o,/o,, for nucleation. If r, ~ 107° 
then a reasonable limit of o,/o,, < 3 would seem to 
obtain. Nucleation in the presence of inclusions in 
regions where o,/a,, is low, is in any case most 
favored because a smaller critical size is neces- 
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Fig. 12—Effect of orientation on growth rate of secondary 
grains (after C.G. Dunn). 
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Fig. 13—Calculated variation of critical size with o, /a,, 
and size inclusions rg. 
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Table Il 


Treatment Texture 


Cold-reduction of hot-rolled 


band and annealing (111) <112> 


(111) <112> 
(110) [001] 


50 pet cold-reduction to final thickness 


Low-temperature anneal 


sary. A highly favored situation would appear to 

be a primary grain in some unique orientation for 
low average o, between itself and its neighbors, and 
surrounded by neighboring primary grains which 
between themselves have high average o,,. 

The sequence of orientation changes leading to 
the (110) [001] texture are interesting and are 
tabulated in Table II. 

The (110) [001] component produced by primary 
recrystallization continues to grow by secondary 
recrystallization. The secondary recrystallization 
texture is related to the deformation texture by a 
35 deg rotation about a common [110] axis. A simi- 
lar observation was made by Dunn” on silicon-iron 
single crystals and by Liu and Hibbard™ on face- 
centered cubic metals except in face-centered cubic 
metals the [111] pole is the axis of rotation. 

The sequence of orientation changes described 
above is also similar to those observed by Dunn” 
for primary recrystallization of single crystals. 
The rolling texture of a crystal of (111) [112] 
initial orientation is (111) <112> and the primary 
recrystallization texture is (110) [001], (111) <110> 
plus a few other components. One can therefore 
view the polycrystalline problem in terms of the 
origin of the primary recrystallization texture 
derived from grains of specific initial orientations. 
It also suggests that specific results obtained from 
single crystal experiments are applicable to texture 
development in polycrystalline materials. 

In addition to the (111) <112> initial orientation 
as a source of (110) [001] nuclei, grains in the (110) 
[001] initial orientation may be considered as pro- 
posed by Decker and Harker.” Grains initially in 
(110) [001] orientation will recrystallize back to 
that orientation upon 40 to 70 pct cold-reduction, 
although they may have a mean (110) [001]° or a 
sharp (111) <112>™ deformation texture. If (110) 
[001] grains recrystallize first, as proposed by 
Decker and Harker, that component could surpass 
critical size ahead of other components of the tex- 
ture. Decker and Harker propose that during roll- 
ing, the (110) [001] grains become most highly 
strained, and during annealing these regions re- 
crystallize first, forming strain-free, low-energy 
regions. These low-energy regions according to 
Decker and Harker, if numerous enough in a suffi- 
ciently fine grained matrix will be able to com- 
pletely consume the higher energy regions sur- 
rounding them. The higher energy neighboring re- 
gions are presumed to recover somewhat but not 
recrystallize. Dunn’ has proposed that during 
primary recrystallization (110) [001] grains are 
formed of somewhat larger size than the average 
primary grain size. In addition, Dunn™ has ob- 
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served in single crystal work that the larger of the 
early forming primary grains may grow into sec- 
ondary grains. However, we need not impose the 
condition that (110) [001] grains recrystallize first 
or get supercritical during primary recrystalliza- 
tion. It seems sufficient to presume here that in 
the material with impurities processed as we have 
described, the (110) [001] grains, for whatever 
reason, have lowest free energy in the primary 
recrystallized matrix. That is, we may suppose 
that 2 + U,is minimum for grains in (110) [001] 
orientation where 2 is the specific surface energy 
and U, is the residual strain energy. The assump- 
tion is consistent with the observations of Dunn and 
Koch® who find secondary grains having lower dis- 
location densities than primary grains. The as- 
sumption (with regard to low ~) is also consistent 
with the analysis presented in the foregoing in that 
the driving energy is greater when low-energy 
interfaces replace higher energy interfaces. Be- 
sides grain-boundary interfaces the term surface 
also includes the specimen sheet surface with which 
the (110) plane is coincident. If the surface energy 
of the (110) plane in the sheet surface is lower than 
other planes in the sheet surface this would also 
help to reduce (2 + U,) for the (110) [001] crystals. 
Although it appears that only grains in select ori- 
entations are potential nuclei for secondary recrys- 
tallization of silicon iron, this does not imply that 
the primary recrystallization texture is determined 


by the orientation dependence of nucleation. In fact - 


if there is a strong growth selectivity in primary 
recrystallization, an equal population of secondary 
recrystallization nuclei in all orientations cannot 
result. 


SUMMARY AND CONCLUSIONS 


The (110) [001] secondary recrystallization tex- 
ture in silicon iron was investigated in high-purity 
materials in which the impurity content was con- 
trolled. It was determined that the presence of a 
dispersed second phase was necessary in order for 
the strong (110) [001] texture to develop. A function 
of the inclusions is to maintain a stable matrix of 
fine grains which are consumed during annealing 
by the growth of secondary grains of (110) [001] 
orientation. A dispersed second phase was iden- 
tified as manganese sulfide. 

Texture studies were made at various stage’ of 
processing. The sequence of orientation changes 
are similar to those observed in single crystals by 
Dunn. The initial 70 pct deformation from hot- 
rolled band produced a texture containing (112) 
<110> and (001) [110] components. The annealing 
texture contained (111) <112> as principal com- 
ponent. Subsequent cold-reduction of 50 pct gen- 
erally produced a (111) <112> + (001) [110] texture. 
The primary recrystallization matrix into which 
(110) [001] secondary grains grow has a very weak 
texture and contains remnants of the deformation 
texture and the (110) [001] components. A (111) 
<110> component was also found. The secondary 
recrystallization texture is related to the deforma- 
tion texture by a 35 deg rotation about a common 
[110] axis. 
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A theory has been formulated which predicts the 
combined effects of inclusions and relative grain- 
boundary energies of secondary and primary matrix 
grains on the driving energy and the nucleation of 
secondary recrystallization. 

The ‘‘mechanism’’ by which the strong (110) [001] 
texture predominates appears as follows. Process- 
ing by rolling and annealing of the sheet prior to the 
final cold-reduction establishes specially oriented 
grains, which upon cold-reduction and annealing 
undergo primary recrystallization to grains of (110) 
[001] orientation. The (110) [001] grains make up a 
small volume fraction of the fully recrystallized 
material. The larger of the (110) [001] grains grow 
at the expense of the primary recrystallized grains 
which have a very weak preferred orientation, but 
are kept from growing very much by the second- 
phase inclusions. In this manner the whole sample 
is transformed to the (110) [001] orientation. Al- 
though the (110) [001] oriented grains are among 
the fastest growing grains, the growth rate alone 
(relative to other oriented secondary grains) is not 
sufficient to obtain the strong (110) [001] texture. 
The (110) [001] grains must also surpass the criti- 
cal size for nucleation ahead of grains in other 
orientations. It is proposed that the strong (110) 
[001] texture develops because in material contain- 
ing inclusions the (110) [001] grains have lowest 
free energy and hence greater driving energy than 
grains in other orientations. 
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Rolling and Annealing Textures of Beryllium and Hafnium Sheet 


J. H. Keeler 


Questions raised during earlier investigations 


of the Lgeemrenes orientation in titanium’ and zirco- 
nium*®* sheet led to the examination of the rolling 
and annealing textures of beryllium and hafnium 
sheet. Since the c/a ratios are 1.568 and 1.584, 
less than that of ideal close packing, 1.633, it 
would be expected that the preferred orientations 
would be similar to those exhibited by zirconium 
and titanium. This was found to be true. However, 
in several regards the orientations observed for 
beryllium differed from those reported by Smigels- 
kas and Barrett* and so are given here. The orien- 
tations for hafnium are presented since only the 
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Technical Note 


cold-rolling texture has been reported in the un- 
classified literature.° 

The pole figures were determined by trans- 
mission using an X-ray spectrogoniometer 
with copper K,, radiation and the automatic pole- 
figure recorder designed by Geisler described 
previously.° The intensity units in the pole fig- 
ures in this case are only arbitrary since cali- 
bration against a random sample of the same 
material was not considered necessary for the 
original purpose of the examination. 

The beryllium sheet, cold-rolled from 0.036 in. 
to 0.006 in., a reduction of about 84 pct, exhibited 
a split texture with the [1010] direction in the 
rolling direction as shown in Fig. 1. The same 
specimen annealed in vacuo for 1 hr at 1000°C 
showed no change in orientation, These textures 
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Fig. 1—(1010) pole figure for 84 pct cold-reduced Be sheet. 


The same specimen annealed in vacuo for 1 hr at 1000°C 
had the same orientation. 


differed from those of Smigelskas and Barrett by 
being split rather than being spread. There is 
agreement that the [1010] is in the rolling direction 
but in this instance there was a tilt of approxi- 
mately 35 deg in the transverse direction. 
Crystal-bar hafnium was used. No analysis of 
this material was made for zirconium, the major 


RD 


Fig. 3—(1010)pole figure for Hf sheet annealed 1 hr at 
1100°C. 
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Fig. 2—(1010) pole figure for 70 pct cold-reduced Hf sheet. 


impurity, but it can be estimated as being 3 pct 
or less. 

The deformation texture of 70 pct cold-rolled 
hafnium, Fig. 2, was similar to that for the beryl- 
lium and that previously previously reported for 
hafnium’ although the tilt about the rolling direction 
of about 15 deg was less. Hafnium sheet annealed 
in vacuo for 1 hr at 800°C or as shown in Fig. 3 for 
1 hr at 1100°C showed [1010] pole concentrations no 
longer in rolling direction. No unique texture can 
be given from the pole figure. However, two of the 
orientation descriptions possible are: a) [1010] di- 
rections in the rolling plane 25 deg from the rolling 
direction with the basal plane tilted about 20 deg in 
the transverse direction and b) [1010] directions 
rotated 30 deg from the rolling direction about an 
axis 25 deg in the transverse direction from the 
normal to the sheet. 
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Fracture of Zinc-Monocrystals and Bicrystals 


Tests of zinc monocrystals have shown that the fracture stress of zinc is reduced by 
as much as X100 by small amounts of prior plastic glide. Tests of zinc bicrystals have 
shown that the effect of a grain boundary on fracture depends markedly on the type of 
boundary. Symmetric boundaries have no effect on either plasticity or fracture. Anti- 
symmetric boundaries raise the plastic resistance but do not reduce the fracture stress. 
Asymmetric boundaries cause marked embrittlement. It is shown that fracture begins 
along the glide plane of a group of blocked dislocations; not ahead of the group and not 
below it. This is consistent with the behavior of bubble rafts. A simple, approximate 
theoretical treatment is given which is qualitatively and semi-quantitatively consistent 


with the experimental results. 


J. J. Gilman 


"THEORIES of fracture in metals have been based 
primarily on the dependence of fracture strength on 
grain size. This dependence was first observed by 
Masing and Polanyi.’ These workers, as well as 
Orowan,” and Davidenkov and Wittman,* thought the 
grain size could be equated with the crack size in 
the Griffith condition for crack propagation.* In 
this way they could account for the observed pro- 
portionality between fracture stress and the recip- 
rocal square root of the grain size. 

The chief results of recent investigations of the 
fracture strength of polycrystals are summarized 
in Fig. 1. Low for iron,® Petch for iron,® Green- 
wood and Quarrel for zinc,” Petch and Zein for 
zinc,*® and Hauser, Landon, and Dorn for magne- 
sium* have all found that the fracture stress of a 
polycrystal is proportional to the reciprocal square 
root of the grain size. Also, they find that, for large 
grain sizes, the fracture stress lies near the ex- 
trapolation of the yield-stress curve determined at 
small grain sizes; where measurable plastic strain 
precedes fracture. Low® has gone a step further 
and shown that, in Range 1, the fracture stress in 
tension is almost identical to the yield stress in 
compression for a piven grain size. Homes and 
Gouzou, *° and Low® also have shown that, in Range 
2 of Fig. 1, microcracks form when the yield stress 
is reached, but they do not cause failure until the 
stress reaches a much higher value. 

The fact that yielding always precedes fracture 
suggests that fracture is induced by plastic flow. 

A mechanism by which this might occur was first 
proposed by Zener.’ He pointed out that blocked 
dislocations would cause stress concentrations 
which might cause fracture. The blocking would be 
caused by grain boundaries. This idea has been 
developed by Eshelby, Frank, and Nabarro,” by 
Koehler,** and by Stroh.’* By means of etchpits 
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blocked dislocations have been observed in brass 
by Jacquet, in zinc by Gilman,*® and in lithium 
fluoride by Gilman and Johnston.’” The blocked- 
dislocation theory and the experiments that bear 
on it have been summarized by Mott.*® 

One of the strong points of the blocked-dislocation 
theory is that it can explain the grain-size depend- 
ence of the fracture stress in a natural way. How- 
ever, Low’ has pointed out that the theory is not 
satisfying when it is considered quantitatively. Gil- 
man’® also has criticized the theory and presented 
an alternative interpretation of the relation between 
fracture stress and grain size. Since the blocked- 
dislocation theory is not the only theory that can ex- 
plain in the grain-size effect, it is necessary to find 
other evidence either to support or deny it. 

In this investigation the following points were 
studied: 

1) If blocked dislocations normally cause frac- 
ture, then the fracture stress ought to be very high 
in the absence of plastic glide. Is it? 

2) If dislocations must be blocked in order for 
metals to fracture, then certain types of grain 
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Fig. 1—Summary of experimental results on fracture of 
polycrystals. 
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Fig. 2—Prototypes 
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boundaries which can block dislocations ought to 
lead to fracture, while others should not. Is this 
true ? 

3) Several predictions have been made concern- 
ing the position of cracks with respect to a line of 
blocked dislocations. Which of these is correct? 

The effects of different kinds of grain boundaries 
were investigated by using zinc bicrystals. Because 
zinc crystals have only one glide system, the ge- 
ometry of plastic deformation is well defined. Since 
there are only a few distinct types of zinc bicrystals, 
relatively few experiments are sufficient to survey 
their behavior. The prototype bicrystals which can 
be formed from zinc crystals (or other crystals with 
single glide systems) are illustrated in Fig. 2. 
Other bicrystals are simply variations of these 
basic types. 

The prototype bicrystals can be characterized 
most simply by the axes about which the crystals 
rotate during an extension or compression of the 
bicrystal. In “symmetric” bicrystals, the crystals 
rotate about axes parallel to each other and to the 
plane of the boundary between the two crystals. In 
“antisymmetric” bicrystals the rotations are about 
parallel axes which lie perpendicular to the plane of 
the crystal boundary. Finally, in “asymmetric” bi- 
crystals the rotations are about nonparallel axes. 


EXPERIMENTAL 


‘The crystals were grown in split graphite molds 
from 99.999+ pct Zn purchased from the New Jersey 
Zinc Co. The procedure for making bicrystals was 
first to cast polycrystalline slugs with two projec- 
tions at the bottom. The projections were then cut 
off, and oriented monocrystals were welded onto the 
stumps. The oriented monocrystals were cylindrical 
rods, grown by techniques that are described else- 
where.”’ The polycrystalline slugs, with seed crys- 
tals attached, were replaced into the graphite molds 
and the assemblies were sealed inside evacuated 
Pyrex tubes. Partial melting of the zinc followed by 
slow solidification (1 in. per hr) yielded bicrystals, 
Fig. 3(a). The bicrystals were cut to size with a 
jewelers’ saw. Then, to relieve handling strains, 
the bicrystals were placed in a transite block and 
heated in air at 400°C for 72 hr. They remained 
inside the transite block while the block was cooled 
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in air to room temperature. After this anneal, 
each crystal was mounted for support in a bakelite 
fixture, and chemically polished in equal parts of 
HNO, (conc.), H,O, (30 pct), and EtOH.” Finally, 
the bicrystals were mounted in carefully aligned 
grips. The grips may be seen in Fig. 3(b). Car- 
borundum grit was glued to the inside surfaces of 
the grips to prevent slippage. 

Three kinds of tests were performed on mono- 
crystals: 

a) Rectangular monocrystals—had the same shape 
and orientation as the bicrystals; grown and tested 
in the same way. 

b) Cylindrical monocrystals—crystals of 0.150- 
in. diam with x, = 90°. Grown in precision glass 
tubes. 

c) Monocrystal by % by %ie-in. slabs 
that were acid-cut and cleaved from a large crysial. 
Basal planes parallel to the slab faces. 

The methods for gripping the monocrystals are 
shown in Fig. 4. The rectangular monocrystals 
were tested for direct comparison with the bicrystal 
tests, whereas the cylinders and slabs were tested 
in order to obtain fracture-stress values where 
glide did not precede fracture; and, in the case of 
the slabs, where surface defects did not lower the 
fracture stress. 

All of the tests were done with an Instron tensile 
testing machine. To secure proper alignment of the 
bicrystals, and to obtain room-temperature and low- 


temperature data for each bicrystal, advantage was - 


taken of the fact that zinc crystals recover from 
small tensile strains in less than 24 hr. Each rec- 
tangular crystal and bicrystal was mounted in the 
machine and extended about 0.3 pct at room tem- 
perature; then, after being unloaded but without be- 


Fig. 3—Zinc bi- 
crystals. a) As 

grown from ori- 

ented seeds in 

split graphite mold. 
X'/2. 6) Fractured 
symmetric zinc bi- 
crystal. X1. Both 
reduced approxi- 
mately 43 pct for Z 
reproduction. 
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Fig. 4—Gripping methods used for tests of monocrystals. 
a) Rectangular monocrystals — same as bicrystals ; 5) cy- 
lindrical monocrystals — basal plane 90° to axis; c) mono- 
crystal slabs — external surfaces unloaded and stress ap- 
plied normal to basal plane. 


ing removed from the machine, each specimen was 
aged 24 hr at room temperature and extended a 
second 0.3 pct; then after another 24-hr aging pe- 
riod the specimens were immersed in liquid nitro- 
gen and extended to fracture. When the initial align- 
ment was good the first two curves of these series 
were identical; when the two curves differed 
slightly, the second one was considered to be 
reliable. 


RESULTS 


Rectangular Monocrystals and Bicrystals—Table I 
lists the orientations and test results for the rec- 
tangular monocrystals and bicrystals. x, = angle 
between glide plane and tension axis; A, = angle be- 
tween glide direction and tension axis; 9 = angle 
between the plane containing the tension axis and the 
glide direction, and the normal to the grain bound- 
ary. By “strain-hardening increment” is meant the 
difference between the 0.03 and the 0.3 pct offset 
yield stresses. For the crystal orientations that 
are listed this gives approximately constant strain 
increments, so the difference in the two yield 
stresses is an indication of the slope of a stress- 
strain curve. In a few cases duplicate crystals 
were tested, and two rows of data are given in 
Table I. 

The data indicate that: 

a) The yield stresses and rates of strain-harden- 
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ing of zinc monocrystals and symmetric-bicrystals 
are approximately the same. This confirms previ- 
ous results. 

b) The ductility (as measured by the pct elonga- 
tion at fracture) of symmetric bicrystals is as great 
or greater than that of monocrystals. Thus, the in- 
troduction of a grain boundary into a crystal does 
not necessarily change either its flow stress or its 
fracture stress. 

c) Of the three bicrystal prototypes, antisym- 
metric bicrystals have high yield stresses and the 
highest hardening rates, but also high ductility. 

d) Asymmetric bicrystals are very brittle; al- 
though they have high yield stresses and they strain- 
harden rapidly. In these tests, one of the asymmet- 
ric bicrystals (no. 4) fractured at room tempera- 
ture, and another (no. 6) fractured while it was being 
cooled to 78°K. 

e) The normal stress on the basal plane at frac- 
ture is approximately the same for monocrystals, 
symmetric bicrystals, and asymmetric bicrystals. 
It varies with the orientations of the crystals, being 
higher for crystals with high values of x.. Foranti- 
symmetric bicrystals, the fracture stress is at least 
twice as great as for the other crystals (except for 
Single crystal no. 6). 

The microstructural changes which occurred dur- 
ing deformation indicate some of the reasons why 
the different types of bicrystals had different me- 
chanical properties: 

a) Monocrystals—fracture always occurred where 
the crystals were gripped. Several different grip- 
ping methods were used, but none was successful in 
preventing fracture near the grips. Grips mounted 
in gimbals would minimize this effect but probably 
would not prevent it entirely. Failure always oc- 
curred either directly at a grip or at a “bend plane” 
produced by the inhomogeneous strains near a grip. 

b) Symmetric bicrystals—fracture usually oc- 
curred within the gage length of a specimen. The 
cracks started near the boundary between the two 
crystals as shown in Fig. 5(a). Fracture was pre- 
ceded by glide which “intermeshed” at the boundary 
as in Fig. 5(b); this gave macroscopically homoge- 
neous strains throughout these specimens, and 0 av- 
erage strain at the boundary. 

The form of the cracks shown in Fig. 5(a) is quite 
significant because it shows that fracture occurs 
within blocked glide bands and not in the crystal 
ahead of a blocked glide band. Fig. 6 compares the 
crack forms that would be observed in the two cases, 
and it is clear from Fig. 5 that the case of Fig. 6(0) 
is the operative one. 

c) Antisymmetric bicrystals—up to about 31 pct 
elongation, fracture did not occur in these speci- 
mens. However, the strains near the boundary were 
very inhomogeneous (Fig. 7); several modes of de- 
formation operated near the boundary in order to 
accommodate the inhomogeneous strains. These 
modes included twinning, kinking, deformation on 
(1122) planes and on other nonbasal planes. It ap- 
pears that twinning occurred on more than one habit 
plane but this was not investigated in detail. When 
fracture did occur it started at the outer edges of 
the specimens. 
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Table |. Mechanical Properties of Rectangular Zinc Bicrystals and Monocrystals (extension rate = 0.5 in. per min) 


Strain-Hardening Normal Stress at 


Orientation Offset Yield Shear Stress, gper Increment, g per Fracture, gper Pct Elongation 
Type Code Angles Sq Mm Sq Mm Sq Mm at Fracture 
Xo 6 300°K 78°K 300°K 30°K.78°K DOK 


0.03 0.3 0.03 0.3 
Pct Pct Pct Pct 


BA... 4 
Symmetric (Regular) ( ) 7.2 30.7 378 430 35 0.5 
2 
7A 28 408 17 
Symmetric (Regular) ( ) 27.5 33.2 38.5 46.5 5.7 8.0 = 39.2 => 4.3 
1 
8A 43 44 2 
Symmetric (Regular) ( ) 29.2 33.8 41.0 45.9 4.6 4.9 = 24.8 _ 1.0 
‘\ 8B 43 45 7 
A 
9A 37 47@ 0 27.4 33.2 38.0 45.4 5.8 if 66.0 = 3.3 
Symmetric (Regular) ( ( 
9B 37 44 4 26.8 31.0 36.9 42.0 4.2 §.1 = 55.0 = 2.8 
10B 78 #79 16 
(Irregular) ) 32.8 44.1 11.3 202 0.2 
10B 75 76 12 
14A 39 478 90+ 
Antisymmetric ( ) 50.8 66.2 69.7 92.8 15.4 23.1 = 117 _ 1.6> 
14B 38 45 87- 
89+ 
Antisymmetric ( ) 40.8 54.8 62.0 83.9 14.0 21.9 — >129 _ Be | 
we 90- 
| 5 
Asymmetric ( ) 47.6 60.3 66.3 ~85.3 12.7 ~19.0 55.8 oo 0.1 
88 
13A 36 468 90 
Asymmetric ( ) 40.5 49.8 54.5 _ 9.3 7 —_ 46.2 _ 0.04 
13B 35 44 2 
4A 65 65 42 
Asymmetric ( ) 45.7 54.0 8.3 82.2 <0.03 
4B 70 70 10 
6A 70 70 30 
Asymmetric ( ) 36.2 43.5 0 
6B 70 70 21 


8For these bicrystals, two glide directions were approximately equally stressed; for all others one glide direction was dominant. 
>Failed due to surface defect. 


Rectangular Monocrystals 


3 65 65 12 29.4 33.0 - 3.6 89.0 
4 62 63 67 19.5 24.2 20.4 25.7 4.7 53 = 49.0 _ 1.6 
5 43 56 20 23.6 27.6 46.6 - 4.0 _ _ 61.0 - 0.06 
6 71 «71 2 37.4 42.8 47.5 _ 5.4 _ _ 141.0 - 9.1 
8 65 67 2 31.0 36.2 40.0 _ 5.2 - - 97.0 _ 0.2 
20.3 23.6 25.8 29.5 3.3 71.0 - 0.6 
4 61 63 17 2.8 31.3 39.0 42.3 5.5 ie 86.0 - 0.6 
d) Asymmetric bicrystals—fracture always Cylindrical Monocrystals— Table II lists the frac- 
started in those crystals where the plane defined ture stress of cylindrical crystals that were pulled 
by the glide direction and the tension axis was per- nearly perpendicular to the basal plane. (x, = 90° 
pendicular to the boundary. These crystals showed would be the ideal case.,) 
only basal-glide markings. The crystals, in which Under the conditions that prevailed during the 
the plane defined by the glide direction and the ten- growth of these crystals, the X¥>9 = 90° orientation 
sion axis was parallel to the boundary, usually was unstable. The orientation did not remain con- 
showed accommodation markings of the same type stant along the length of the growing crystals but 
as those in antisymmetric bicrystals. wandered between 88° and 90°. Thus is was not 
In asymmetric bicrystals, as in symmetric bi- possible to test perfectly aligned 90° crystals. 
crystals, fracture occurred within the blocked glide Because the crystals did not have x, exactly equal 
bands and not in front of them. to 90°, there was always a small component of 
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Fig. 5—Boundary 

» region of symmet- 
ric bicrystals. 

X100. Reduced 

= approximately 30 
pet for reproduc- 
tion. a) Typical 
crack starting near 
boundary; 5) bound- 
ary showing “mesh- 
ing” together of un- 
homogeneous glide 
packets. 


shear stress on the glide plane. At fracture, this 
component of shear stress amounted to 30 to 50 g 
per sq mm which was enough to cause small amounts 
of glide prior to fracture, since the critical shear 
stress of these crystals is 10 to 20 g per sq mm. 

Fracture usually occurred near the grips and it is 
believed that blocking of glide by the grips caused 
the fractures. Microscopic examinations after 
fracture revealed a few widely spaced glide bands 
in these crystals. 

Tests of this type were unsuccessful at —196°C 
because differential thermal contraction near the 
grips introduced small cracks which resulted in 
very low fracture stresses. Several grip designs 
and cements were used to alleviate this problem but 
none was successful. 

Monocrystal Plates— Table III lists the fracture 
stresses of plates pulled normal to the basal plane 
as shown in Fig. 4(c). The nominal stresses are 
listed; that is, the fracture load divided by the 
cross-sectional area of the cyllindrical grips. 

This nominal stress is somewhat higher than the 
average of the actual stress because the stresses 
spread somewhat laterally into the plate. On the 


Table Il. Fracture Stresses of Cylindrical Zinc Monocrystals 
(extension rate = 0.005 in. per min) 


Fracture Stress, 


Crystal Xo g per Sq Mm Temp 
1 88 843 Room 
2 88 1480 Room 
3 88 1150 Room 
4 88 2580 Room 
5 88 2210 Room 
6 89 3140 Room 
7 88 2100 Room 
8 86 1265 Room 
9 86 2880 Room 

10 86 348 -196°C 
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Table Ill. Nominal Fracture Stresses of Zinc Monocrystal Plates 
(extension rate = 0.005 in. per min) 


Tested at -196°C Tested at Room Temperature 


Crystal No. On g per Sq Mm Crystal No. oo, g per Sq Mm 
1 2706 1 1920 
2 1183 2 1900 
3 1854 3 4500 
4 1850 4 1800 
5 2430 5 2200 
6 2706 6 5530 
7 2400 1340 
8 1822 8 1620 
9 4476 9 4060 

10 4092 
11 4540 
12 2400 


other hand, even though the solder was filleted at 
the re-entrant corners, some concentration of 
stress would be expected at the corners. This 
would make the actual maximum stress somewhat 
higher than nominal stress. According to values 
given by Timoshenko,™ the stress-concentration 
factor for this configuration would be ~ 2.5; cer- 
tainly not more than 3. 

The plate specimens usually failed by cleavage 
of the crystal just beneath the solder joint. The 
solder itself did not fail. This type of fracture oc- 
curred either because the soldering somehow 
weakened the crystal near the joint, or because 
concentrated stresses caused failure of this region. 
A few crystals failed in the body of the crystal 
about 1 mm from the joints. 

Whatever the reason for failure of the monocrys- 
tal plates, the fact remains that the fracture 
stresses for these specimens were as much as 
75 times higher than the fracture stresses of the 
bicrystals and monocrystals where glide preceded 
fracture. If stress concentration operated in these 
tests, the fracture stresses were higher than the 
nominal stresses; and perhaps as much as 200times 
the values for bicrystals. 

Microscopic examination of the fractured surfaces 
of these specimens did not reveal glide lines due to 
nonbasal glide. Also, the cleavage surfaces did not 
contain large numbers of cleavage steps as would 
have been expected if appreciable nonbasal glide had 
preceded fracture.” 

Data of Other Workers—Table IV lists the avail- 
able data on the fracture strength of (0001) planes 
of zinc. It may be seen that the present values are 
the highest that have been observed except for tests 
by Classen-Nekludova*® on crystals immersed in 
acid. The one very exceptional value of 170,000 g 
per sq mm is either unreliable, or else it repre- 
sents a crystal for which x, was so close to 90° 
that no glide preceded fracture. For all other val- 
ues listed in the table it is likely that a small 
amount of glide preceded fracture. 


DISCUSSION 


The fact that the fracture stress of zinc is very 
high in the absence of prior glide proves that dis- 
locations are directly associated with low fracture 
stresses. 
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Table IV. Fracture Stresses of Zinc (Basal Cleavage) 


Highest Value Reported for 
Normal Stress at Fracture, 


Source g per Sq Mm 
-196°C Room Temp 
Schmid ?® 180 
Fahrenhorst and Schmid?” 300 
Jenckel 1400 
Classen-Nekludova?® 4350 (air) 
- 6800 (acid) 
170000 (acid) 
Deruyttere and Greenough °° 500 
Greenwood and Quarrell ~360* ~4300 * 
Petch and Zein® ~430° 
Present Work: 
Plates 4540 5530 
Cylinders 348 3140 


*Extrapolated values. 


Previously it was puzzling that the fracture stress 
of polycrystals extrapolated at infinite grain size to 
the strength of monocrystals, Fig. 1. Now it is clear 
that this is true only if glide precedes fracture in a 
monocrystal. When no glide precedes fracture 
(which never happens for a polycrystal), the strength 
of a monocrystal is far higher than the extrapolated 
value. 

Fig. 8 shows the large effect that small amounts 
of strain have on the fracture stress of zinc. The 
initial orientation angle, x,, is a variable in Fig. 8 
in addition to the shear strain prior to fracture. 
However, there are two reasons for believing that 
the shear strain is the significant variable. First, 
the variation with x, is much greater than the vari- 
ation of any obvious geometric factor. Second, for 
values of X, near 90°, fracture occurred almost 
simultaneously with the onset of plastic shear. 

It is believed that two factors account for the 
large strains needed for fracture at low values of 
Xo. First, the normal stress on the cleavage plane 
decreases rapidly as x, decreases, for a given ap- 
plied tensile-stress. Second, but more important, 
is the fact that the shear stress on the blocked dis- 


(a) (b) (c) 


Fig. 6—Forms of cracks when fracture is associated with 
blocked glide bands. a) Glide band blocked by grain bound- 
ary; 6) crack formed within blocked glide band; c) crack 
formed opposite to blocked glide band. 


788-VOLUME 212, DECEMBER 1958 


Fig. 7—Boundary region of strained antisymmetric bicrys- 
tal (the dark lecticular markings are twins, not cracks). 
X100. Reduced approximately 32 pct for reproduction. 


locations that cause fracture becomes large as Xx, 
decreases. This means that the obstacle that blocks 
the dislocations must be very strong. In monocrys- 
tals the obstacles that are initially present are prob- 
ably not strong enough to block sufficient disloca- 
tions to cause fracture, but as the strain increases, 
strong obstacles are formed by dislocation stale- 
mates,* by kink bands,®* by bend planes,** by sur- 
face layers,** and by interactions with the grips. 

The present results also show that glide alone is 
not enough to result in fracture. Two other condi- 
tions must be fulfilled: a) the blocked glide must 
be blocked. 6) The blocked dislocations must be 
edge dislocations; blocked screw dislocations will 
not result in fracture. 

Edge dislocations move toward the boundaries of 
both symmetric and asymmetric bicrystals. How- 
ever, they are not blocked from entering the bound- 
ary in symmetric bicrystals because the boundary 
displacements are compatible;”* but in asymmetric 
bicrystals they are blocked by the incompatible 
strains. This evidence proves the first of the two 
foregoing conditions. Condition b) is proved by the 
fact that antisymmetric bicrystals (screw-disloca- 
tion boundary and screw dislocations blocked at the 
boundary) are ductile. 

Three different predictions have been made con- 
cerning the position of the crack that results from 
blocked dislocations, Fig. 9. Koehler’**® and Stroh’ 
predicted that it should occur as in Fig. 9(a). 
Zener’ and Stroh® predicted that it should occur 
as in Fig. 9(b). Bullough® suggested that, by anal- 
ogy with the fracture of bubble rafts, it should oc- 
cur as in Fig. 9(c) (see also Fig. 10). The present 
study indicates that the last choice is the correct 
one for actual crystals. This is certainly true for 
zinc, it is very likely true for other crystals in 
which the primary glide and cleavage planes co- 
incide; it may be true for all crystals. 

Several approximate treatments of the blocked- 
dislocation theory have been made. Some of these 
considered the conditions for crack formation as at 
a and 6 of Fig. 9. These are clearly unrealistic. 
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Fig. 8—Effect of glide prior to fracture on fracture stress 
of zinc crystals (at — 196°C). 


One other treatment, that of Deruyttere and Green- 
ough*” considered the correct configuration, Fig. 
9(c), and the present approximate treatment is simi- 
lar to theirs. 

Consider a crystal that is under a tensile stress, 
o, and contains a group of, n, blocked edge disloca- 
tions as in Fig. 1l(@). The dislocations are acted 
on by a shear stress T = o Sin x, Cos x,. Where x, 
is the angle between the glide plane and the tensile 
axis. The dislocations lie on a glide plane of 
length, D. The group of n dislocations is approxi- 
mately equivalent to one large dislocation of strength 
nb(b = magnitude of Burger’s vectors of individual 
dislocations) located at 3D/4. 

Suppose that a crack of length 2 forms within 
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the group of blocked dislocations as in Fig. 11(d). 
Then surface energy is created, some of the strain 
energy due to the normal stress o, = osin’ x, is 
released, and some strain energy due to the shear 
stress, T, is released. For both the shear stress 
and the normal stress, the region is which the re- 
laxation occurs has a diameter of about 2L. The 
new surface has an energy of 4Ly if the crystal has 
unit thickness, and the specific surface energy is y. 
The strain-energy density due to the normal stress 
is 0) °/2E where E is the Young’s modulus; thus, 
the relaxed tensile strain-energy is about Oy2/2E 
x (7L?). The equivalent dislocation has shear- 
strain energy within the relaxed region equal to 


G (nb)? 


[aa — v)] In L/7%, 


where G = shear modulus, v = Poisson’s ratio, 
yr, = const.*® Thus, the total energy of the crystal 
of Fig. 11(b) is 


2 
= ‘ a On, 2 
E, = energy at (a) + 4yL OE (7L* ) 


This energy increases with increasing L to a maxi- 
mum value and then decreases. When E, has a 
maximum or minimum value 


2 
dE 10, G nb)? 1 


This equation may be written 


Lt? _ AL* + B= 0 


where 
4VE 
A=—5 
1 On 
Bs EG nb \? 
3 (1 v) T On 


If fracture is to occur without thermal nucleation, 
then the energy E; must decrease monotonically 
with L. This condition can only be fulfilled if the 
two roots of the foregoing equations are identical so 


SHEAR STRESS 


OBSTACLE 
(c) 


(b) (a) 


Fig. 9—Three predicted positions for crack formation rel- 
ative to group of blocked dislocations. a) Ahead of blocked 
dislocations; 4) by coalescence of leading dislocations of 
blocked group; c) along glide planes of blocked dislocations. 
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Fig. 10—Cracking along glide plane of dislocation in bubble 
raft. a) Dislocation with no tensile stress; b) dislocation 
with tensile stress perpendicular to glide plane. 


there is an inflection in E,(L) but no maximum. 
The two roots are equal if: 


Hence the fracture condition is 


n= 


For zinc the following numbers seem appropriate: 


y (0001) ~ 650 ergs per sq cm 
b = 2.65 x cm 


o = 3200 g per sq mm = 3.2 X 10° dynes per sq cm 
Xo = 89.5° 
E= > =3.54x 10" dynes per sq cm 
S55 
G= = 3.84 x dynes per sq cm 
44 
S 7.3 
= = aaa = 0.26 
26.3 


so that n = 250. 

The shear stress required to hold” blocked dis- 
locations in a length D of glide plane is given by®® 
Tt = (3Gnb)/(27D). For the present zinc crystal 
D~ 0.4 cm so 


tT ~ 3X 10° dynes per sq cm = 30g per sq mm 


The applied shear stress was 
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Fig. 11—Formulation of crack from of blocked dislocations. 


o sin x, Cos x, ~ 3200 cos 89° 
~ 55 g per sq mm 


or just about enough to hold the blocked group in 
place. The stress on the obstacle would be 


250 X 55 


nT 


12 


14 kg per sq mm 


which is less than the yield stress (~47 kg per sq 
mm) of the brass grips which blocked the glide. 

It may be seen that this approximate theory is 
quantitatively self-consistent, and the results are 
quite similar, of course, to previous treatments of 
the problem. However, since the theory is quite 
approximate and the number of dislocations, n, was 
not actually observed, the interpretation should not 
be accepted without doubt. If this point of view is 
correct, then dislocations may be considered to be 
stable but subcritical Griffiths cracks which can 
become critical in size in the presence of concen- 
trated stresses. 


SUMMARY 


The three main results of this investigation are: 

a) The normal stress for fracture of zinc is 
sharply reduced by prior plastic glide. 

b) The effect of a grain boundary on fracture 
depends markedly on the type of boundary. The 
three prototypes behave as follows with respect to 
monocrystals: 

Symmetric—no effect on either plasticity or 
fracture 

Antisymmetric—raises plastic resistance but 
no effect on fracture 

Asymmetric—embrittled 

c) Fracture occurs within blocked glide bands 
and not in the region in front of them. 

It is believed that these results demonstrate ina 
direct way that: 
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a) Dislocations can reduce greatly the fracture 
stress of zinc under certain conditions. 

b) Blocked edge dislocations are potent in reduc- 
ing the fracture stress; screw dislocations are not. 
c) In order for edge dislocations to reduce the 
fracture stress appreciably, strong obstacles to 

their motion must be present. 

d) Fracture occurs along the glide planes of 
groups of blocked dislocations. 

A semi-quantitative interpretation of these re- 
sults is given which is numerically consistent with 
all the experimental facts. 

It is shown that the fracture stress of zinc in air, 
in the absence of prior glide, can be as high as 
5530 g per sq mm at room temperature and 4540 g 
per sq mm at -196°C. These are the highest re- 
ported values for tests in air, although higher values 
have been reported. for tests in acid. 


It is shown that the plastic resistance of sym- 
metric zinc bicrystals to plastic flow is the same 
as for monocrystals; for antisymmetric bicrystals 
the plastic resistance is much higher than for 
monocrystals, and the strain-hardening is more 
rapid; asymmetric bicrystals have more plastic 
resistance than monocrystals but the effects are 
obscured somewhat by brittleness. 


ACKNOWLEDGMENTS 


Mr. V. J. DeCarlo was indispensable to this in- 
vestigation. He grew the crystals, determined the 
orientations, and performed a major share of the 
mechanical tests. There was little left for the 
author to do except to have discussions with Dr. J. 
R. Low and to set the results in writing. Dr. W. G. 
Johnston gave valuable criticisms of the manuscript. 


REFERENCES 


4G. Masing and M. Polanyi: Zur Reissverfestigung von Zink Durch 
Kaltrecken, Zeitschrift fiir Physik, 1954, vol. 28, p. 169. 

2. Orowan: Die ehdhte Festigkeit dunner Faden, der Joffe-Effect und 
vernandte Erscheingen vom Standpunkt der Griffithshen Bruchtheorie, 
Zeitschrift fur Physik, 1933, vol. 86, p. 195. 

3N. Davidenkov and F. Wittman: Mechanical Analysis of Impact Brittle- 
ness, Technical Physics, USSR, 1937, vol. 4, p. 308. 

4A. A. Griffith: heory of Rupture, Proceedings, First International Congress 
of Applied Mechanics, Delft, 1924, p. 55. 

SJ. R. Low: The Relation of Microstructure of Brittle Fracture, ASM 
Trans., 1954, vol. 46A, p. 163. 

°N. J. Petch: The Cleavage Strength of Polycrystals, Journal, Iron and 
Steel Institute, 1953, vol. 174, p. 25. 

1G. W. Greenwood and A. G. Quarrell: The Cleavage Fracture of Pure 
Polycrystalline Zinc in Tension, Journal, Institute of Metals, 1954, vol. 82, 
p. SSL 


*N. F. Petch and F. Zein: The Fracture of Metals, Progress in Metal 
i 1954 vol. 5, p. 17. 
R. Low: Dislocations and Brittle Fracture in Metals, Deformation and 
Flow 4) Solids, Madrid, ed. by R. Grammel, Springer, 1956, p. 
G. A. Homes and J. Gouzou: Mechanism of Metal Rupture, Rev. de 
Metallurgie, 1950, vol. 47, p. 678. 
1G, Zener: A Theoretical Criterion for the Initiation of Slip Bands, Phys- 
ical Review, 1946, vol. 69, Sa 128; The Micro-Mechanism of Fracture, AS. 
Trans., 1948, vol. 40A, p 
sy, Eshelby, RG Prcenk, and F. R. N. Nabarro: The Equilibrium of 
Linear Arrays of Dislocations, Philosophical Magazine, 1951, vol. 42, p. 351. 
8]. S. Koehler: The Production of Large Tensile Stresses by Dislocations, 
Physical Review, 1952, vol. 85, p. 480. 
4A. N. Stroh: The Formation of Cracks as a Result of Plastic Flow, 
Proceedings of the Royal Society, 1954, vol. A223, p. 404. 
1Sp, A. Jacquet: Experimental Research on the Microstructure of the vgs 
crystalline Solid Solution Copper-Zinc, Acta Metallurgica, 1954, vol. 2, p. 
16}, J. Gilman: Etch Pits and Dislocations in Zinc Monocrystals, A/ME, 
Trans. , 1956, vol. 206, p. 998; JOURNAL OF METALS, August, 1956. 
17}, J. Gilman and W. G. Johnston: to be published. 
18nN, F. Mott: Fracture in Metals, Journal, Iron and Steel Institute, 1956, 
vol. 183, p. 233. 
wr J. Gilman: Propagation of Sreusrer Cracks in Crystals, Journal of 
App ied Physics, 1956, vol. 27, p. 
J. J. Gilman and V. J. Aw ty Growth of Oriented Square Zinc Mono- 
crystals, Review of Scientific Instruments, 1955, vol. 26, p. 1079. 
. Gilman and V. J. DeCarlo: Chemical Polishing of Pure Zinc, AJME 
Trav. as ‘1956, vol. 206, p. 511; JOURNAL OF METALS, May, 1956. 


Kinetics of Iron Ore Reduction 


W. M. McKewan 


A large amount of work has been reported in the 
literature on reduction of cubes, spheres, or regu- 
larly shaped particles of iron ore. Previously, it 
has been difficult to evaluate these data because no 
equation has been developed that would yield one or 
more constants for comparison of overall reduction 
rates. 
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Technical Note 


Iron ore in the process of gaseous reduction is a 
complex system. The reduction takes place through 
the series Fe2O3- Fe304- FeO- Fe. Edstrom and Bit- 
sianes’ have reported that the gas-solid type of re- 
action was found only at the FeO-Fe interface and 
that the internal reduction proceeded by elementary 
diffusion of iron. Therefore, during reduction oxy- 
gen is essentially removed from the system only at 
the FeO-Fe interface. Kinetically, it is reasonable 
to consider iron ore in the process of reduction as a 
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] Substituting the values for and A in Eq. [1]: 


4 Integrating: 7, d, f = Kt [6] 


‘| Eq. [6] states that the reaction product layer grows 
linearly with respect to time. This is in agreement 


% 
“sas | with the work of Stalhane and Malmberg,’ who re- 
No. 8 CUYUNA HEMATITE 4.28 1.0 
No 1@ MARQUETTE HEMATITE — §.12 ° ported that the iron zone advances linearly with time. 
Of | The fractional reduction, R, is defined as the weight 
of oxygen removed, divided by the total weight of 
oxygen originally present as iron oxide. R can also 
be represented in terms of the fraction of the mate- 
rial that has reacted: 


Fig. 1—Reduction curves of 9/ 16 in. cubes of hematite at 
800° C in hydrogen from Joseph.‘ 


W 
simple two-phase system oxide-metal. R= W,> Z [7] 
The reduction of iron ore by hydrogen under in- B77 Ody 
creased pressure was studied by Tenenbaum and 
Joseph.” They showed that increasing the hydrogen Ra ln fy [3] 
pressure materially increased the rate of reduc- 
tion. This is in accordance with work of Diepschlag,° fmt) [y] 
who found the rate of reduction of iron ores by either 
carbon monoxide or hydrogen was much greater at Substituting the value of f in Eq. [6]: 
higher pressures. He used pressures as high as 
seven atmospheres. The effects of both pressure %d,[1-(1- R) | = Kt [10] 
and temperature would have to be determined before “ 
the mechanism of iron ore reduction could be de- 
scribed. However, the fact that there is a strong The same equation can be derived for a cube. Any 
pressure effect is an indication that the rate of re- particle whose shape is similar to a sphere or a 
action is controlled at the oxide-metal interface cube could be approximated by Eq. [10]. 
rather than by diffusion through the reaction product The data of many investigators are fitted by 
layer. Eq. [10]. Joseph* reduced 9/16-in. cubes of iron ore 
If the hypothesis is made that the rate of reaction _in hydrogen at 800°C. His data for three hematite 
is controlled at the oxide-metal interface, a rate ores are shown in Fig. 1. The data plotted accord- 
equation can be derived that will describe most re- ing to Eq. [10] are shown in Fig. 2. Stalhane and 
ported data. Let us consider a sphere of iron ore, Malmberg’ reduced magnetite spheres in carbon 


of initial radius, 7), density, d), and initial weight, monoxide at 950°C. Their data for 1, 2, 3, and 4mm 
Wo. Assume that the rate of formation of a uniform spheres of the same ore are shown in Fig. 3. When 
reaction product layer is proportional to the reced- Eq. [10] is used, the data for the different spheres 
ing surface area, A, of the remaining oxide. If W is give the same rate, as is shown by Fig. 4. The re- 
the weight of the material reacted, then: duction data of Lewis® are also fitted by Eq. [10]. 
However, in this set of data, the rates decrease for 


dw 


= KA [1] 
sob 
where K is a proportionality constant having the di- 
mensions ML~*t~', K will be a function of tempera- 
ture, pressure and gas composition. If y is the radius 
of the unreacted oxide sphere, then the fractional 
thickness of the reaction product layer, f, is defined ~~ *% I 
as (7, -1)/r,,. Thus: r 
= S! 
be 
A = 4n(7,- [2] gm /cm* min Ww 
oor 
as 
We redo fro) dy [3] Cl 
is 
TIME IN MINUTES 
41 —fro) dt [4] Fig. 2—Data of Fig. 1 replotted in accordance with Eq.[ 10}. 
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Fig. 3—Reduction curves of magnetite spheres (various 
sizes) in carbon monoxide at 950°C from Stalhane and 
Malmberg.° 


larger cubes of ore. This is possibly due to the 

character of the ore and the experimental conditions. 
Eq. [10] has been shown to represent kinetically 

the reduction of a wide range of iron ores. There- 

fore, the constant K can be used for a comparison 

of various ores under various conditions. 
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Fig. 4—Data of Fig. 3 replotted in accordance with Eq. [10]. 
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Preferred Orientation in Rolled Uranium Rods 


A study has been made of the preferred orientation in uranium rods rolled to various 
reductions at 300° and 600°C. The rods used for the 300°C final rolling were obtained 
from three groups which had been previously either rolled at 600°C, or rolled at 300°C 
and annealed at 550°C, or B treated. The rods used for the 600°C final rolling were ob- 
tained from material previously B treated. It was found that, regardless of the starting 
material, the orientation obtained was the same if the reduction at 300°C was approxi- 
mately 70 pct or greater. A considerable variation in orientation was observed in rods 
with lower reduction. The type of orientation developed by 600°C rolling is somewhat 
different from that obtained by 300°C rolling. The recrystallization texture in rods rolled 
at 300°C may be described as consisting of (010) and approximately (140) fiber-texture 
components. Thermal cycling and thermal-expansion data are also given for these rods. 


Melvin H. Mueller, Harold W. Knott, Warren P. Chernock, and Paul A. Beck 


PREFERRED orientation studies by Harris’ of 
rolled uranium rods indicated that hot rolling to a 
small reduction of area caused the (010) planes to 
become strongly oriented and the (110) planes 
weakly oriented perpendicular to the rolling direc- 
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tion. The relative intensities of these two fiber 
texture components were reversed upon rolling 

to higher reductions of area. Cold rolling caused 
the (010) planes to become strongly aligned and the 
(130) planes weakly aligned perpendicularly to the 
rolling direction. 

The present investigation was undertaken to ex- 
plore in more detail the effect on the rolling tex- 
ture of variables, such as the penultimate condition, 
the final rolling temperature and reduction of area. 
In addition, the recrystallization texture of rolled 
uranium rods was also investigated. 
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EXPERIMENTAL 


Material Studied— The rods used in this study 
were fabricated from two castings of biscuit metal 
uranium as shown in Fig. 1. The 1-in. rods were 
then machined to a precalculated diameter so that 
¥,-in, diam round rods were obtained after the var- 
ious final reductions. Thus three sets of rods were 
rolled at 300°C from different starting conditions 
and one set was rolled at 600°C after 6 heat treat- 
ing. Each set included rods with final reductions of 
area ranging from 0 to 70 pct. 

Preferred Orientation—One of the methods used 
for the determination of preferred orientation was 
the modified Schulz reflection technique, as de- 
scribed previously.” 

Three different sections were cut from each rod: 
a transverse section, a 45 deg section, and a longi- 
tudinal section. The cold work was removed from 
the plane surface of each section by hand polishing 
and electropolishing. 

The intensity data obtained from various reflec- 
tions from these sections were first plotted in the 
form of pole charts, z.e., the diffracted intensity, 

I, was plotted as a function of the tilting angle, ¢, 
which the reflecting plane normal enclosed with 
the rolling direction in the range 0 to 90 deg. A 
corrected plot of I+ sin ¢ vs ¢ was then prepared, 
as described earlier. 

Although seven different pole charts [i.e., (002), 
(020), (110), (021), (111), (131), and (240)] were ob- 
tained for each of the twenty-eight sets of speci- 
mens, the results are presented here by using the 
(002) and (200) pole charts only. 

The second method used for the study of pre- 
ferred orientations was the determination of ‘‘in- 
verse pole figures.’’ 

In order to determine the various I,,, values’ 
for an inverse pole figure, the transverse section 
of the uranium rod was mounted on a diffractome- 
ter. The integrated intensity from thirty-six dif- 
ferent reflections, which did not overlap other 
reflections, was then obtained. The values for 
the I deg (##k/) for a random specimen were ob- 

‘tained in the same way, by using a rod-shaped hot- 
compressed powder specimen. The ‘‘p’’ values’ 
were then calculated from these intensity values 
according to the method discussed previously°® for 
specific values of a and £, as defined by the indices 
hkl of the diffracting plane. The inverse pole fig- 
ures for the rolling direction were then obtained for 
some of the specimens by plotting the ‘‘’’ values on 
an (001) standard projection for uranium, ° 
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at 300°C. 


Beto treat. 
—A, 0-70% Red. 


treat. 


plus 2 hes 00-70% Red 
550°C 


at 300°C, 


a soc. Fig. 1—Schedule of rolling procedure used 
for uranium rods. 


Thermal Expansion and Thermal Cycling—The 
thermal expansion coefficients were determined at 
room temperature and 100°C, according to the 
method described by Mayfield.® Theoretical ex- 
pansion coefficients in the axial direction for a 
number of ‘‘ideal’’ fiber textures were calculated 
from the expansion coefficients reported” for the 
three principal directions in the a-U. These cal- 
culated expansion coefficients are shown in Table I. 

In order to determine the effect of thermal cy- 
cling on these uranium rods, accurate length meas- 
urements were carried out on 1-in. rod specimens 
after 100 and 200 heating and cooling cycles in the 
range of 50° to 400°C. A holding time of 2 min at 
50°C and 5 min at 400°C with a 5-sec heating and 
cooling transfer time was used. It should be pointed 
out that by cycling in a temperature range below the 
recrystallization temperature it was possible to 
carry out these measurements without change in 
texture due to recrystallization. 

Extensive experience with thermal cycling indi- 
cates that In L/Lo is proportional to N, where L is 
the length after cycling, Lo is the length prior to 
cycling, and N is the number of cycles. The rate of 
growth from thermal cycling is characterized by the 
coefficient G7, which is defined as Gr, = (1/L) 

x (dL/dN) 10° = (1/N) (In L/Lo) 10° in. per in. per 
cycle. Gy is the slope of the straight line of In L/L, 
vs N. 


EXPERIMENTAL RESULTS 


The pole charts for the various degrees of rolling 
at 300°C after three different penultimate treat- 
ments and those for rolling at 600°C after 6 treat- 
ment are given in Figs. 2 to 7, 9, and 10. The data 
given in Figs. 4 and 5 for 0 pct reduced rod refer 
to the 550°C recrystallization texture after 80 pct 


Table |. Calculated Expansion Coefficients for the Directions 
Indicated in an «-U Single Crystal 


Cale T. E. C. (X 10° In. per 


Direction Perpendicular to: In. per °C 
(991) 23 
(021) 6 
(010) -1 
(140) 4 
(131) 5 
(120) 9 
(110) 14 
(100) 18 
Random 15 
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Fig. 2—(002) pole chart of 300°C rolled rods with prior 
600°C rolling (A;). 
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Fig. 3—(200) pole chart of 300°C rolled uranium rods with 
prior 600°C rolling (A;). 
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Fig. 4—(002) pole chart of 300°C rolled rods with prior 
550°C anneal (B). 


rolling at 300°C, since this was the penultimate 
condition for the series in question (B). Fig. 11 
gives one quadrant each of the inverse pole figures 
for rods rolled at 600°C to 0 to 70 pet reductions 
after 6 treatment as determined by the corrected 
Harris method.° These reciprocal pole figures are 
in reasonably good agreement with the correspond- 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


40 


% REDUCTION 


RO. 20 


Fig. 5—(200) pole chart of 300°C rolled uranium rods with 
prior 550°C anneal (B). 
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Fig. 6—(002) pole chart of 300°C rolled rods with prior B 
treatment (A,). 
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Fig. 7—(200) pole chart of 300°C rolled uranium rods with 
prior treatment (Ay,). 


ing pole charts in Figs. 9 and 10, considering the 
experimental difficulties arising out of the large 
grain size of the 6-annealed material. 

Fig. 12 gives the experimental values of the 
thermal expansion coefficients and Fig. 13 shows 
the G; parameter obtained for thermal cycling. 
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Fig. 8—Inverse pole figure of 300°C 
rolled rods with prior B treatment. 
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DISCUSSION 


When round uranium rods are rolled at 300°C to 
a sufficiently high reduction (70 pct or greater*) the 


*Previous unpublished work at Argone with a uranium rod rolled at 
300°C to a 93 pct R. A. after 8 treating and another rod rolled with the 
same procedure after recrystallization in the « range gave similar tex- 
ture to that found in the presently discussed 70 pct reduced rods. 


fiber texture is practically the same regardless 

of prior fabrication history. This texture may be 
described by a concentration of the fiber axis be- 
tween the (010) and (041), with considerable spread 
toward the (100), including a possible minor maxi- 
mum near the (120). These results are in fairly 
close agreement with the texture reported by 


% REDUCTION 


300} 


Fig. 9—(002) pole chart of 600°C rolled rods with prior g 
treatment (C). 
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Harris’ for cold-rolled rods after light reductions, 
where a strong concentration of fiber axis near the 
(010) and a weak concentration near the (130) was 
found. Since the angular difference between the 
(130) and (120) is only 11 deg it is possible that 
these maxima arise from very nearly the same 
orientation. In a concurrent investigation of the 
fiber texture of extruded uranium rods Jetter and 
McHargue® also found a strong maximum near 
(010) to (041) and a weaker maximum near (110) 

to (331), this weaker maximum here is even further 
from the Harris (130) than the (120) maximum 
found in the present work. Experience with a 
number of rolled uranium rods indicated that the 
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Fig. 10—(200) pole chart of 600°C rolled uranium rods 
with prior gp treatment (C). 
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Fig. 11—Inverse pole figure of 600°C 
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rolled rods with prior £ treatment. 


degree to which both maxima approached the pe- 
riphery of the (001) standard projection was dif- 
ferent for different samples taken from the same 
rod as well as different rods. In some samples the 
maxima were at the periphery, as clearly shown in 
the (001) pole charts, while in other samples the 
maxima were somewhat inside the periphery, as 
found for extruded rods by Jetter and McHargue.® 
Below 70 pct rolling at 300°C the preferred ori- 
entation may vary considerably, depending upon the 
starting texture. 

The texture in rods £ treated and then rolled at 
600°C varies from a near random condition pro- 
duced by £ treating, to a strong (110) component 
with considerable spread toward and including (010) 
after 70 pct reduction. Smaller amounts of reduc- 
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Fig. 12—Plot of the thermal expansion coefficient vs the 


amount of reduction given uranium rods at 300° and 600°C. 
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tion (C rods 10 pct and 45 pct reduced) show an ini- 
tial intensity increase near the (010) with some in- 
tensity around the (110). After further reduction 
there is a relative increase in the (110) component 
with respect to the (010). These observations are 
similar to those made by Harris for hot-rolled rods 
with light and heavy reductions. 

The textures observed in the uranium rods may 
be related to those reported for rolled and for 
rolled and recrystallized uranium sheet. In sheet 
rolled at R.T. and at 300°C the major texture com- 
ponents also concentrated (010) poles near the roll- 
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Fig. 13—Plot of thermal cycling G7 values vs the 
amount of reduction given uranium rods. 
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ing direction®’” and, in the case of 300°C rolling, 
there was some concentration of (110) poles in that 
direction. With increasing sheet-rolling tempera- 
ture in the a range, the (110) component in the roll- 
ing direction becomes more prominent,*””* as 
described above for rods. All investigators found 
the greatest concentration of (002) poles for uranium 
sheet approximately 90 deg to the rolling direction, 
and usually displaced approximately 35 deg from the 
normal direction. Correspondingly, there is a (002) 
concentration in the case of rods at 90 deg from the 
rolling direction. For recrystallized uranium sheet, 
two of the major texture components have a high 
concentration of approximately (140) and (010) poles® 
in the rolling direction, showing some analogy with 
the fiber textures observed for recrystallized ura- 
nium rods. 

The thermal expansion data, as presented in 
Fig. 12, may be summarized as follows: The C and 
Az rods, which were 6 treated prior to final rolling, 
show approximately the same coefficients initially, 
but are different after rolling at 600° and 300°C, 
respectively. This may be expected on the basis 
of their textures. The Ai, A2, and B rods have 
considerably different coefficients initially, but 
assume approximately the same coefficient after 
70 pet reduction, in agreement with the similarity 
of their textures after rolling. Although the ex- 
perimental thermal-expansion coefficient changes 
distinctly with the type of preferred orientation 
present, the value of the coefficient cannot be cal- 
culated accurately from the ‘‘ideal orientations’’ 
alone, disregarding the very considerable orienta- 
tion spread observed in each case. 

The value of the growth parameter, G7, in ther- 
mal cycling is very low for £-treated rods, which 
have large grain size and quite random orientation. 
On the other hand, G7 is quite large for 600°C- 
rolled rod, and very large after 300°C rolling and 
recrystallization. When rods corresponding to 
these various conditions are 300°C rolled, the G7 
values become progressively more equal. The G7 
values tend to go through a minimum at a rolling 
reduction of 10 pct, an unexplained phenomenon. 


CONCLUSIONS 


1) If round uranium rods are rolled at 300°C to 
a sufficiently high reduction (70 pct or greater) the 
rolling texture will be approximately the same re- 
gardless of the starting texture. This final texture 
found is in agreement with that reported by Harris’ 


X-ray Projection Microradiography 


F. W. von Batchelder 


Tue principles of microradiography and their ap- 

plication practically coincided with the discovery of 

X-rays. These principles were first used in the 

metallurgy field by Heycock and Neville’ in a study 
F. W. VON BATCHELDER is associated with the U.S. Naval 


Research Laboratory, Washington 25, D.C. 
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in which there is a strong concentration perpendic- 
ular to the rolling direction of planes with orienta- 
tions between (010) and (041) and a weaker concen- 
tration in the vicinity of (120). 

2) Anear random orientation may be produced 
by heating uranium rods ifito the 8 range. 

3) The recrystallization texture in round ura- 
nium rods rolled at 300°C consists of a fiber tex- 
ture near (140), with considerable spread of the 
plane normal to the fiber axis toward the (010). 

4) The thermal expansion coefficients in uranium 
rods agree qualitatively with the values expected on 
the basis of single crystal coefficients and of the 
observed textures. 

5) Although the growth observed in uranium rods 
after thermal cycling appears to be affected by the 
texture, a full interpretation on this basis has not 
yet been found. 
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Technical Note 


of the dendrite structure of alloys of Au-Na, Au-Al, 
Cu-Al, and Ag-Al. The method was introduced in 
the USA by Clark’ after a visit to France. Scores 
of papers have been written, and a very complete 
bibliography on this subject was compiled by the 
Eastman Kodak Company. ° 

Although a number of papers have discussed X-ray 
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Fig. 1—Bronze Navy “G” Metal (a) X15; (6) X50. Enlarged 
approximately 3 pct for reproduction. 


projection microradiography, no application of it 
seems to have been made in the field of metallurgy, 
probably because no fine-focus X-ray equipment was 
commercially available. Sample preparation is 
similar to that required for a conventional micro- 
radiograph. The sample is placed adjacent to the 
window of the fine-focus X-ray tube. Magnification 
is determined by distance between sample and film, 
and in our experimental setup a magnification of 
X50 was obtained at a distance of 1 m. No special 
techniques are necessary; the projection microra- 
diographs are made on industrial fine-grain X-ray 
film, and processed and viewed like regular radio- 
graphs. Exposure times are seconds and minutes 
compared to minutes and hours for the conventional 
microradiograph, and the time-consuming optical 
magnification step is eliminated. The projection 
microradiographs are comparable to the conven- 
tionally made microradiographs in their resolution 
of detail. 

Figs. 1 and 2 illustrate projection microradio- 
graphs made from 0.003-in. to 0.008-in. thick metal 
sections. These were made with a Hilger micro- 
focus unit operated at 45 kv, 250 ua, using a Cu tar- 


Fig. 2—Typical projection microradiographs: (a) Tool 
steel VCl; (5) Monel metal “S”; (c) Malleable iron; 

(d) Naval brass grade A. X15. Enlarged approximately 
3 pct for reproduction. 


get, 40- focal spot, and Kodak industrial type M 
X-ray film. Higher magnifications with better defi- 
nition can be obtained from available equipment hav- 
ing a 1-y focal spot, but because of lower energy 
output such units are usually restricted to thinner 
or less dense metal sections. 
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Determination of the Limiting Segregation of 


Gallium in Zone-Refined Germanium 


Measurements are made of the ultimate distribution of an acceptor impurity element, 
gallium, in a zone-refined ingot of germanium, The' results are in good agreement with 
the author’s theoretical expression for the ultimate distribution, when the value k = 0.18 


for the distribution coefficient is used. 


L. W. Davies 


One of the most important applications of the 
zone-melting process of Pfann’ concerns the re- 
fining of materials with respect to impurities whose 
distribution coefficient k differs from unity. The 
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repeated passage of molten zones along an ingot 
concentrates the impurities for which k < 1, for 
example, towards the end to which the zones move. 
It is desirable to know the ultimate distribution of 
impurity after the passage of an infinite number of 
zones of constant length; this is also the distribu- 
tion which is unchanged by the passage of a further 
molten zone. 
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An expression for the ultimate distribution was 
derived in the original paper of Pfann,’ although no 
account was taken in his analysis of the ‘‘feedback’’ 
from the distribution of impurity in the last zone, 
which must always freeze normally. Burris, 
Stockman, and Dillon? presented some results 
for the ultimate distribution, including the effect 
of ‘‘feedback,’’ obtained by numerical methods of 
integration. An analytical solution to the problem 
was subsequently obtained by the author.* It seemed 
worthwhile to obtain experimental information on the 
ultimate distribution for comparison with theory, | 
and it is the purpose of this paper to describe the 
results of such an investigation. 


EXPERIMENTAL DETAILS 


An electrical method of detecting the impurity 
concentration was used; if the impurity acts asa 
donor or an acceptor in germanium, then from 
measurements of the resistivity it is possible to 
deduce the concentration. An impurity with large 
value of k < 1 was desirable in order to be able to 
determine the distribution accurately over several 
zone-lengths, and also to minimize errors arising 
from the presence of other impurities with smaller 
values of k. The experiment was carried out with 
gallium as the (acceptor) impurity, for which an 
equilibrium value k = 0,10 has been reported.* 

From the work of Burris e¢ al.’ it is known that 
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Fig. 1—Limiting distribution of gallium in zone-refined 

ingot of germanium. @— experimental values; — theoret- 


ical distribution, with 4 = 0.18. 
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nine zone passes are sufficient to give a distribu- 
tion very little different from the ultimate over the 
last four zone-lengths of the ingot, for the case 
k = 0.1 and an initially uniform distribution of im- 
purity. In this experiment an ingot of germanium 
(length 10 cm, mass 70 g) was first zone-purified 
in a graphite crucible, and 2 mg of spectrograph- 
ically pure gallium introduced at the end of the ingot 
towards which the molten zones were moved. Nine 
molten zones were then passed through the ingot; 
the zone length visible at the surface was maintained 
at 2.5 + 0.2 cm by manual control of the power out- 
put of the induction heater. This was considered a 
sufficient number of passes to yield the ultimate 
distribution. An atmosphere of purified, dry hydro- 
gen was used, with the direction of travel of the in- 
got, moved relatively to the fixed induction coils of 
the heater, at an angle of 4 deg to the horizontal in 
order to prevent material transfer. 

A rod of germanium of cross-sectional area 
8 x 107? sq cm was subsequently cut longitudinally 
from the ingot, and the resistivity determined by 
measurement of the potential difference which ex- 
isted between probes spaced 0.2 cm apart when a 
current flowed in the rod. The density of gallium 
acceptor atoms was calculated from the resistivity, 
using values of hole mobility computed from the 
formula of Brooks® for mobility limited by scatter- 
ing by ionized impurities, in conjunction with a value 
for the lattice-scattering mobility » = 1900 sq cm 
volt™*sec™* at 300°K. The results are plotted in 
Fig. 1. 


COMPARISON OF RESULTS WITH THEORY 


According to the author’s theory,* the distribution 
y(x) of impurity in successive zone-lengths from the 
last end to solidify is given by 


yo. (x) = 1 (N— N-—-1<x<WN; 


Tas (x) 


N-—~2<x< 


r-1 
(N- r— ys] 


R(kR+1)...(k+r— 1 


k+re-l 


XM{ir,r +k, r— x)}, 


In these expressions * is the distance along the 
ingot, measured in units of the zone-length; the 
ingot is N zones in length. 
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a(a + 1) 


is a confluent hypergeometric function, and y, is the 
value of y(x) atx = N—Yr. 

An attempt has been made to choose the theoret- 
ical curve of best fit to the experimental results. 
There are two parameters in the above expression 
whose values are subject to choice: the distribution 
coefficient k, and the absolute value of the concen- 
tration of impurity at any one point in the ingot, say 
y,- In Fig. 1, the continuous curve is that given by 
the theory for Rk = 0.18, with the value of y, chosen 
to fit the distribution in the normally frozen zone. 


M(a, Bz) 


DISCUSSION 


The agreement between the experimentally de- 
termined distribution of gallium in the ingot and 
theory appears from Fig. 1 to be reasonably good; 
the value k = 0.18 determined experimentally is 
consistent with the accepted value* k = 0.10 and 
the rate of passage of the molten zones used here 
(5.4 x 107° cm sec~'), together with the fact that 
the stirring in the liquid arising from the induc- 


tion heating was not complete. In considering the 
discrepancies between experimental values and 
theoretical curve, account must be taken of the 
slight ‘‘smoothing’’ of the results by the probe 
method of resistivity measurement, and of the dif- 
ficulty in maintaining the length of the molten zone 
constant over the whole cross section of the ingot. 
In addition, some assumptions of the theory are 
not fulfilled in practice: for example, the impurity 
concentration cannot become infinite at the end of 
the ingot, and the distribution coefficient may not 
be constant in value over the range of gallium con- 
centration encountered in Fig. 1. 

Agreement between theory and experiment is not 
good at the high-resistivity end of the ingot, where 
the experimental values are more subject to errors 
arising from the presence of traces of impurity. 
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The Constitution of Zirconium-Uranium Alloys 


Containing Oxygen or Nitrogen 


The extent of the a-plus-8 zirconium region in the binary zirconium-uranium system 
at 660°C has been determined. The phase boundary occurs at 31 wt pet U. This deter- 
mination is based upon a quantitative study of zirconium-uranium alloys containing oxygen 
and nitrogen; the data were employed in extrapolating to zero oxygen and nitrogen content 
in order to determine the constitution of binary alloys. 

On the basis of the data obtained, revisions in the constitutional diagrams of the zir- 
conium-uranium and zirconium -uranium-oxygen systems are proposed. A partial zirco- 


nium -uranium -nitrogen diagram is presented. 


A. A. Bauer, G. H. Beatty, and F. A. Rough 


As a result of recent studies, the constitution of 
the zirconium-uranium system has been fairly well 
defined. A diagram for the system is shown in 

Fig. 1. However, both oxygen and nitrogen are 
known** to have a pronounced effect on the limits 
of both B- and €-phase regions. It has been shown 
that small amounts of oxygen severely constrict the 
compositional limits of these phase regions in the 
ternary zirconium-uranium-oxygen system. A 
previously published tentative diagram® shown in 
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Fig. 2 illustrates the 8-phase constriction resulting 
from oxygen additions. 

Generally, iodide zirconium has been used in con- 
stitutional studies of zirconium-uranium alloys. 
While this is the highest purity material available, 
cast iodide zirconium-uranium alloys will generally 
average from 200 to 300 ppm O and from 50 to 60 
ppm N. Thus, while the constitution of the zirco- 
nium-uranium system is fairly well defined, it must 
be realized that this definition applies to alloys con- 
taining in the vicinity of 250 ppm O and 50 ppm N. 

The present investigation was undertaken to ac- 
curately determine the boundary between the a- 
plus-8 and £ phases at a single temperature in the 
binary zirconium-uranium system by quantitatively 
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Fig. 1—Zirconium-uranium constitutional diagram. 


determining the effects of oxygen and nitrogen on 
this boundary. 


EXPERIMENTAL TECHNIQUES AND ANALYSIS 


Alloys containing 22 to 70 wt pct U and controlled 
additions of oxygen and nitrogen were prepared. 
Specimens were heat treated at 660°C and subjected 
to quantitative lineal analysis. 

An analysis of the requirements for mathematical 
treatment of the quantitative data obtained to define 
the a-plus-§-zirconium region of the ternary zir- 
conium-uranium-oxygen and -nitrogen systems was 
made. Equations of a suitable form for insertion in 
an IBM 650 computer were developed. 

Alloy and Specimen Preparation—Alloys contain- 
ing 22, 40, 50, 60, and 70 wt pct U were prepared 
from biscuit uranium and zirconium of three dif- 
ferent oxygen levels: crystal-bar zirconium con- 
taining about 50 ppm O; normal sponge zirconium 
containing about 1000 ppm O; and sponge zirco- 
nium to which oxygen was added in a modified 
Sieverts apparatus to bring its oxygen level to 
about 3000 ppm. The alloys were double arc- 
melted by consumable-electrode arc-melting 
techniques. 

Alloys of 22, 40, and 45 wt pct U containing 
greater amounts of oxygen were arc-melted by 
tungsten-electrode techniques from biscuit uranium, 
iodide zirconium, and iodide zirconium to which 
10,000 ppm O was added. The oxygen was added in 
a modified Sieverts apparatus. 

Alloys of 22 and 40 wt pct U containing nitrogen 
were similarly prepared. However, the nitrogen 
was initially added to iodide zirconium by arc- 
melting it under a nitrogen atmosphere. 

The final castings were forged and rolled at tem- 
peratures between 790° and 840°C to ¥2- and ¥/4-in. 
rod. Specimens were cut off for heat treatment, 
chemical analysis, and vacuum-fusion analysis. All 
specimens were pickled to remove evidence of sur- 
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face contamination. Chemical analyses indicated 
that the intended uranium compositions had been 
achieved within + 0.5 wt pct U. Consequently, nomi- 
nal compositions are employed throughout this re- 
port. The nitrogen content, by analysis, was from 
40 to 70 ppm in the alloys containing various 
amounts of oxygen. Other nitrogen and oxygen 
analyses are tabulated in later sections of this re- 
port. Oxygen contents were determined by vacuum- 
fusion analysis. 

All specimens for study were heat treated for 
100 hr at 660°C and water quenched. Heat treat- 
ments were performed in a vacuum furnace under 
a pressure of 5 X 10°° mm Hg or less. 

Metallography and Quantitative Lineal Analysis— 
After heat treatment, specimens were mounted in 
bakelite, ground wet through 600-grit paper, and 
polished on Forstmann’s cloth with Linde B as the 
abrasive. The specimens were etched with a mix- 
ture consisting of 30 cm® lactic acid, 30 cm® nitric 
acid, and 6 to 10 drops of hydrofluoric acid. 

Quantitative lineal measurements were obtained 
by using a Hurlbut counter. From four to eight 
traverses were made on a single specimen surface. 


The areas for measurement were randomly selected. 


All measurements were confined to the centers of 
the specimens because a small amount of surface 
contamination was evident. 

Specimens prepared from zirconium containing 
50, 1000, and 3000 ppm O and containing 50, 60, and 
70 wt pct U were examined metallographically. In- 
formation on the uranium-rich limit of the boundary 
between the 8 phase and a-plus-f phase was sought. 

Mathematical Assumptions and Equations—The 


quantitative treatment of a two-phase ternary sec- 
tion is very similar to that applied to a two-phase 
region in a binary system. Complications are 
introduced by the fact that the phases in equilibrium 
in a series of binary alloys, heat treated at the 
same temperature, are of the same composition, 


Zirconium, — 


Fig. 2—Tentative zirconium-uranium-oxygen ternary sec- 
tion at 650°C (1200° F). 
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alloys will have compositions that fall on different 
tie lines and, consequently, the composition of the 
equilibrium phases will vary. Thus, while analysis 
of a single composition is theoretically sufficient to 
determine the phase boundary in a binary system at 
a single temperature, if the other boundary is known, 
analysis of a minimum of two compositions is re- 
quired for determination of a single boundary ina 
ternary system, assuming that the remaining bound- 
aries of the two-phase region have been defined. 

In order to analyze the quantitative data obtained, 
the following assumptions concerning the nature of 
the two-phase a-plus-f region of the ternary zir- 
conium-uranium-oxygen and -nitrogen systems 
were made: 

1) The phase region can be represented as a 
regular quadrilateral with no curvature to any sides. 
2) The tie lines connecting the a- and £-zirco- 

nium phases in equilibrium move up from zero 
oxygen content in such a manner that the ratio of 
oxygen or nitrogen in the 8 and a@ phases remains 
constant. This ratio is defined by the phase bound- 
ary between the a-plus-§-zirconium region and the 
region containing a-plus-f8 zirconium and a ura- 
nium. 

3) The uranium content of the a-zirconium phase 
remains constant at 0.5 wt pct; neither oxygen nor 
nitrogen affect this solubility significantly. 

An equation relating the uranium and gas (oxygen 
or nitrogen) contents of the specimen for analysis 
and of the a and £ phases has been derived employ- 
ing the lever law. Thus, from the lever law 


Uc - U4 _ G4 - G 
U, —-U, Gy Gp 
and 


Ug -Uc _ Gc -G 
Up G4, Gz 


Combining these two forms 


Uses & [1] 


where 
Ug = uranium content of equilibrium £8 phase 
Uc = uranium content of analyzed specimen 
U, = uranium content of equilibrium a phase 
Gc = gas content of analyzed specimen 
Gp = gas content of equilibrium 6 phase 
G4 = gas content of equilibrium a phase 
Since the quantitative data are obtained in the 
form of volume percentages a conversion to weight 
percentages of the a and £ phases is required. This 
is accomplished by the following equations: 


100 (v/o @) (Pp) 
Wo a)ip,) + W/0 BY 
and 
100 (v/o 8) (p86) 


B= Goa) (pa) + W/08) 
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where w/o, v/o, and p refer to the weight per- 
centages, volume percentages, and densities of 
the a and phases. 

The gas contents of the a and 6 phases were de- 
termined from the equation: 


100 G 
Cy * ays [4] 
where 
G 
(5) 


the ratio between the gas content of the a and 8 
phases. This ratio follows from the second as- 
sumption made in the analysis. 

The order in which the equations are employed 
in treating experimental data are [2], [3], [4], [5], 
and [1]. 

Values for the densities of the a and 8 phases 
were taken from experimental data.** Since the 
solubilities of uranium in a zirconium and of oxy- 
gen in the § phase are extremely limited, their 
effect on density of the respective phases has been 
assumed to be negligible. For computer applica- 
tion, equations were fitted to the curves of change 
in density with composition. For the 8 phase, the 
equation developed was 


p, = 6.5352706 + 0.041150252 U, 
+ 0.0001893009 Uj, + 0.0000044419833 U; 


The density of the 8 phase was treated over two 
ranges of oxygen content. 
For 


G, < 1.8, p, = 6.5400 + 0.0160430 G, + 0.0114577 Gi 
and for 
G, = 1.8, p, = 6.503 + 0.05706 G, 


These equations are based upon data for the zirco- 
nium-oxygen system. Since similar data were not 
available for zirconium-nitrogen alloys, it was as- 
sumed that, with small error, these equations were 
applicable to their treatment in view of the simi- 
larity of the effects of oxygen and nitrogen on zir- 
conium. 

It is seen that in this analysis, the following are 
known: U,, the uranium content of the a phase, 
0.5 wt pct U; Uc and Gc, the uranium and oxygen 
or nitrogen contents, respectively, of the specimen 
submitted to quantitative lineal analysis; vol pct a 
and vol pct 8, the measured volume percentages of 
the a and f phases, respectively; p, and Pas the 
densities of the a and £8 phases in the form of the 
equations given previously; and k, the ratio of gas 
contents in the a and § phases, respectively. The 
value for k was selected as 45 and was based upon 
additional metallographic studies following initial 
mathematical analysis of the experimental data. 

Thus, five basic equations are necessary for 
solution of the five following unknown quantities: 
Ug and Gz, the uranium and gas content of the £ 
phase; G,, the gas content of the a phase; and 
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Table |. Quantitative Lineal Data on Zirconium-Uranium Alloys 
the a and f phases present at equilibrium. 


Composition, Wt Pct Volume Per- 
centage (v/o) 
Uc Gc of « and B EXPERIMENTAL RESULTS 
Alloy Ureniem Oxygen® Nitrogen Metallographic and Quantitative Lineal Data—The 
0-1 22 0.0227 = 44.48 55.52 results of quantitative lineal measurements are 
46.01 53.99 tabulated in Table I. Typical microstructures in 


eet payee Fig. 3 show the variation in the amount of a phase 
f ; in Zr-40 wt pct U alloys as the oxygen and nitrogen 
0-2 22 0.0910 - 46.76 53.24 contents change. 
RG In addition to these data, a series of alloys con- 
46.94 53.06 taining 50, 60, and 70 wt pct U prepared from zir- 
46.33 53.67 conium with oxygen levels of approximately 50, 
galls 1000, and 3000 ppm were examined metallograph- 
0-3 22 0.2610 - 46.35 53.65 ically. The oxygen contents of the alloys prepared 
is ps averaged about 250, 500, and 1400 ppm O. From 
50.41 49.59 these alloys, it was established that only in the 70 
wt pct U alloys was a uranium present at 660°C. 
22 6.7670 * Also, the 70 wt pct U alloy was two phase when the 
65.00 35.00 oxygen content was 500 ppm or less while when the 
68.00 32.00 oxygen content was 1400 ppm a fairly large amount 
0-4 40 0.0286 «: 3.15 96.85 of a zirconium was present. The 50 and 60 wt pct 
2.47 97.53 alloys had small amounts of a zirconium present 
on ar when the oxygen content was 500 ppm, the amount 
: of a zirconium increasing noticeably when the ' 
0-5 40 0.0782 - 11.05 88.95 oxygen level increased to 1400 ppm. 
anes oe From these observations, it was estimated that 
9.79 90.21 maximum oxygen solubility at 600°C in the 8 phase 
was between 500 and 600 ppm and occurred ata ‘ 


04 40 0.2000 composition of approximately 65 wt pct U. 
20.78 79.22 Calculations— The results of the calculations are ; 
18.13. 81.87 plotted in Figs. 4 and 5. Each quantitative lineal 
22.65 77.35 determination was treated separately; there are 46 


18.62 81.38 data points on the oxygen ternary plot and 19 data 


24.92 75.08 points on the nitrogen ternary plot. The curves 
0-8 40 0.4560 - 32.00 68.00 drawn through the data points were calculated from 
36.00 64.00 the data themselves. The equations for the curves 
31.00 69.00 are 
37.00 63.00 
Gg = 0.001643 Up, - 0.05121 for the zirconium- 
0-9 40 0.5690 uranium-oxygen system : 
37.00 63.00 Gp = 0.001230 Uz, — 0.03748 for the zirconium- ‘ 
40.00 60.00 uranium-nitrogen system. 
0-10 45 0.5460 - 33.00 67.00 Employing these equations to calculate the phase 
limits in the binary system between the and 
36.00 64.00 a-plus-8 phase regions, composition limits of 31.2 e 
and 30.5 wt pct U, respectively, are obtained. A a 
N-l 22 0.2025 average value of 31 wt pct U is further 
51.90 48.10 calculated. b 
a = In making the calculations, a series of approxi- v 
’ : mations was made in arriving at the final values Z 
N-2 22 - 0.3800 59.00 41.00 shown. Thus, initial estimates of the densities of a 
pe = the a and 8 phases were made. From these initial t! 
60.00 40.00 Values, oxygen and uranium contents of these phases g 
were calculated, the calculated contents serving as n 
N-3 40 - 0.1215 —o — the basis for a reselection of the densities. After p 
16.70 83.30 three or four such approximations, no variation in e 
nig a the fifth significant figure of calculated composi- y 
: ; tional values was observed. The program for the c 
N-4 40 - 0.2430 29.90 70.10 IBM 650 was devised to provide the feedback of 
i ae information necessary for the successive approxi- n 
25.60 74.40 mations. t 
27.90 72.10 Since the alloys studied were not true ternary al- tl 
"Average nitrogen content of oxygen-containing alloys was 60 ppm. loys, both oxygen and nitrogen being present in addi- 6 
bAverage oxygen content of nitrogen-containing alloys was 250 ppm. tion to the zirconium and uranium, an additional n 
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Fig. 3—Microstructures of Zr-40 wt pct 


estimate of the effect of the base levels of nitrogen 
and oxygen in the alloys containing varying amounts 
of oxygen and nitrogen was made. The estimate was 
based on examination of the raw quantitative data, 
which show that the volume percentage of a ina 
Zr-40 wt pet U alloy containing 2000 ppm of oxygen 
averages 18.4, while the volume percentage of a in 
the Zr-40 wt pct U alloy containing 1215 ppm nitro- 
gen averages 20.4. Thus, since both oxygen and 
nitrogen have the same constricting effect on the 

B phase, 1200 ppm N produces an effect roughly 
equivalent to 2000 ppm of oxygen, or, oxygen is 

¥, as effective as nitrogen in producing 8-phase 
constriction. 

Consequently, an adjustment in the oxygen and 
nitrogen levels of the alloys was made in an at- 
tempt to place the alloys on a ternary basis. Since 
the base levels of oxygen and nitrogen were 250 and 
60 ppm respectively, an addition of 150 ppm to the 
measured nitrogen levels was made in order to 
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U alloys containing oxygen and nitrogen. 


compensate for the base-level oxygen contamina- 
tion. An addition of 100 ppm to the measured oxy- 
gen levels was made in order to compensate for the 
base-level nitrogen contamination. The effect of 
possible interaction between oxygen and nitrogen 
has not been considered. 

In these calculations, as indicated earlier, a value 
of k= 45 was employed for the ratio of oxygen or 
nitrogen between the a and 8 phases. Ratios of 40 
to 90 were investigated, the principal effect of 
changes in ratio being to produce a change in slope 
of the 8 vs a-plus-f phase boundary. Thus this 
ratio has no effect on the extrapolated value for the 
phase boundary in the binary system. The value of 
k= 45 is found to provide a satisfactory value for 
the maximum oxygen solubility in the 8 phase. This 
value is calculated to be 556 ppm oxygen at a com- 
position of 65 wt pct U, which is in agreement with 
the metallographic observations reported on the 50, 
60, and 70 wt pct U alloys. 
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Fig. 4—Calculated experimental data 
points for zirconium-uranium-oxygen 
alloys. 
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Fig. 5—Calculated experimental data 
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On the basis of this value, the oxygen content of tion of oxygen in zirconium-uranium alloys. Thus, u 
the a-zirconium phase existing in equilibrium with on the basis of a heat treatment at 660°C and a h 
B containing 556 ppm oxygen is calculated to be quantitative measurement of the phases present, an a 


25,020 ppm. Again, this value is relatively in- 
sensitive to choice of a value for ?. 

For nitrogen, maximum solubility in the 8 phase 
is 425 ppm. Nitrogen content of the a phase in 
equilibrium with the 65 wt pct U 6 phase of this 
nitrogen composition is 19,125 ppm. 

Variation in Constitution with Oxygen Content— 
The calculated phase boundary has been employed 
in preparing a series of curves showing the volume 
percentage of a phase as a function of oxygen and 
uranium content at 660°C in zirconium-uranium 
a-plus-8 phase alloys. These curves are shown in 
Fig. 6. 

The pronounced effect of oxygen on constitution 
is apparent from these curves. A binary Zr-35 wt 
pct U alloy is single-phase 8. However, 1000 and 
10,000 ppm O produce microstructures in which the 
volume percentage of a increases from zero to 17 
and 55 pet, respectively. The importance of con- 
trol and knowledge of alloy oxygen content for pre- 
diction of constitution is evident from these values. 

A projected use for these curves is the estima- 
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estimate of oxygen content is possible. Such an es- 
timate should be fairly accurate in the higher ura- 
nium alloys but becomes more uncertain as uranium 
content decreases, since the variation in amount of 
a@ phase present becomes less sensitive to oxygen 
content. 

During the course of these calculations, an equa- 
tion for the tie lines connecting the a and B phases 
in equilibrium was determined. This equation also 
results directly from the lever law. The equation 
is given below. 


Go =a+m 


where 


(G4 — Gp) 
(U, Up) 


(G4 Gp) 
m= 
- Up 
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Fig. 6—Volume percentage of a phase as a function of ox- 
ygen and uranium content in zirconium-uranium alloys. 
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SUMMARY AND CONCLUSIONS 


Quantitative lineal data have been obtained on a 
series of zirconium-uranium alloys containing cal- 
culated additions of oxygen and nitrogen. From 
these data, the phase boundary between the 8 and 
a-plus-8-zirconium region of the zirconium- 
uranium ternary systems with oxygen and nitrogen 
has been determined. The calculated phase bound- 
aries have been put in the form of an equation. As- 


Zirconium , % 
Fig. 8—Proposed revision of zirconium corner of zirco- 
nium -uranium-oxygen ternary diagram at 660°C. 


65 65 90 100 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


900 
- 800 
Fig. 7—Proposed © 
revision of zirco- Bre 
. . . 
nium-rich portion § \ 
of zirconium-ura- € 
Buta 
diagram a 
600 
| € €+ay 
) 10 20 30 40 
Uranium, 


sumptions as to the geometry and limits of the 
phase region were required for the calculations; 
these have been stated. 

Extrapolation of the data to zero oxygen content 
results in a calculated phase boundary at 660°C of 
31 wt pct U in the binary zirconium-uranium 
system. 

Maximum solubility of oxygen in the 8-zirconium 
phase occurs at a composition of 65 wt pct U and is 
556 ppm O. Maximum nitrogen solubility, 425 ppm, 
occurs at the same uranium composition. Oxygen 
and nitrogen contents of the a phases in equilibrium 
with these saturated B-phase compositions are 
25,020 and 19,125 ppm, respectively. 

Upon the basis of these calculated values, revi- 
sion of the zirconium-uranium and zirconium- 
uranium-oxygen constitutional diagrams is proposed. 
The revised partial diagrams are shown in Figs. 7 
and 8. The principal features of the proposed revi- 
sions are the slightly wider solubility range in the £ 
field with respect to zirconium content in the zirco- 
nium-uranium system and the more restricted a- 
plus-f field in the ternary system with respect to 
oxygen content of the a phase. 

A partial diagram for the zirconium-uranium- 
nitrogen system, Fig. 9, is also proposed. This 
diagram is exactly similar to the previous ternary 
diagram with the exception of the more restricted 
solubility limits. 


Zirconium , % 


Fig. 9—Proposed zirconium corner of zirconium-uranium- 
nitrogen ternary diagram at 660°C. 
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Grain Boundary Shear in Aluminum 


Observations have been made of the behavior of grain boundaries under a constant 
shear stress, using controlled orientation tricrystal specimens of aluminum. Grain 
boundary shear was observed to take place, without overall deformation of the component 
crystals, accompanied by localized deformation and boundary migration. 

Measurements were made of the boundary shear as a function of time during the 
tests and the effects of stress, temperature, boundary angle, and added impurities were 
determined. From these data, curves were obtained for the stress required to produce 
a given shear in a given time, and it was found that this stress increased markedly when 
the test temperature dropped below 425°C. Attempts were made to determine an activa- 
tion energy for the shear process relating shear rate with temperature, but no single 
activation energy was found which fitted the data. 

Boundary shear behavior was found to depend on boundary angle. Small angle bound - 
aries (less than 5 deg) did not shear. Large angle boundaries sheared an amount depend- 
ing on both the type of boundary and size of angle. Adding small amounts of copper, iron, 
and silicon to the pure aluminum did not affect the shear behavior. With larger amounts 


of Fe (0.1 pct), no shear was observed. 


F. Weinberg 


Ir has been suggested, for some time, that the be- 
havior of metals under high-temperature creep 
conditions is strongly influenced by the behavior 
of the grain boundaries present in the material. 
This has led to a number of investigations*~° in 
which attempts were made to measure the proper- 
ties of the grain boundaries themselves, both to 
determine their contribution to the creep process 
and to obtain further knowledge of their intrinsic 
structure and properties. The present investiga- 
tion was undertaken to extend the observed data 
under more closely controlled experimental con- 
ditions and to attempt to clarify some of the dis- 
crepancies in the literature. A brief report of the 
preliminary results has been published. 


EXPERIMENTAL PROCEDURE 


For the present investigation, controlled orienta- 
tion specimens were used having plane boundaries 
which terminated at the specimen surface. Tricrys- 
tal specimens were used instead of the bicrystal 
type of Puttick and King,’ in order to simplify the 
gripping technique required to apply a shear stress 
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along the boundary. The aluminum used was ob- 
tained from the Aluminum Francaise and was of 
99.994 pct purity, containing 0.002 pct each of Cu, 
Fe, and Si. 

The aluminum tricrystals were grown horizon- 
tally from the melt, in graphite boats, and in an 
argon atmosphere, following the technique developed 
by Chalmers.® The orientation of the tricrystals 
was controlled by using seed crystals separated by 
mica inserts. Thermal conditions were adjusted to 
produce tricrystals having boundaries which were 
macroscopically straight, parallel to the growth 
direction, and perpendicular to the top surface. 

Following growth, the tricrystals were carefully 
cut with a jeweller’s saw to the test specimen 
shapes shown in Fig. 1(a) and 1(b). In Fig. 1(a), 
the boundaries subjected to shear stresses are in- 
dicated AB and CD. Points A and C are the ends of 
the mica inserts separating the seed crystals; points 
B and D are at lateral cuts made in the specimen. It 
was found that the slots left by the mica inserts at A 
and C had to be enlarged slightly, by cutting, to en- 
sure that the boundary terminated freely at these 
points. A shear stress was applied to the bound- 
aries by gripping the upper two legs in file-faced 
Inconel grips and suspending a weight from the 
lower part of the specimen held in similar grips, 
as shown schematically in the diagram. The test 
specimens shown in Fig. 1(b) were cut from long 
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Fig. 1—(a) and (4): Diagrams of tricrystal test specimens 
used. The boundaries under stress are at AB and CD. 

(c) and (d): Orientations of the component crystals in the 
tricrystals. 


tricrystals. They were held in Nichrome ribbon 
stirrups for testing, as shown schematically in the 
diagram. 

The overall size of the specimens of Fig. 1(a) was 
10 cm long, 1.8 cm wide, and 0.5 cm thick, with an 
effective boundary length of 3 cm for each boundary. 
Specimen (b)was 1.5 cm long, with the same width 
and thickness as (a). After cutting, the specimens 
were mechanically polished followed by a heavy 
electropolish in an ethyl alcohol perchloric acid 
bath. A series of fine lines were scribed on both 
the front and back faces of the specimen with a 
scratch microhardness tester. The lines were per- 
pendicular to the boundary traces and were spaced 
at 2.5-mm intervals for specimen l(a) and 2.0 mm 
for 1(8). 

The orientation of the components of the tricrys- 
tal used in the tests is shown in Fig. l(c) and 1(@). 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


Most of the boundary shear measurements, which 
were made as a function of time, were done with the 
orientation l(c), while the effect of boundary angle 
on shear was done principally with 1@). This will 
be referred to more fully in the observations. 

The specimens were tested in split tubular creep 
furnaces. Their temperature was measured with 
chromel-alumel thermocouples tied to both ends of 
the specimen for type 1(@), or placed immediately 
adjacent to the specimen face for type 1(b). Tem- 
perature gradients in the specimen as well as fluc- 
tuations during a test were maintained within 1.5°C 
of the stated test temperature. 

The position of the scratches on the specimen 
surface was measured during the test by looking 
at the surface through long double glass windows 
incorporated in the furnace, and making measure- 
ments along one boundary trace with a Gaertner 
microscope slide cathetometer. The accuracy of 
the measurements was a function of both the quality 
of the scratches and the appearance of the surface. 
Both of these varied during a test, the surface oxi- 
dizing, and the scratches becoming irregular in the 
boundary region. In the earlier part of the tests, 
boundary shear values—the difference between two 
scratch positions—were estimated to be accurate 
to within 2 y, increasing to 5 yp as the test pro- 
gressed. During the first hour of a test only the 
shear at the center scratch was measured, since 
the specimen was generally shearing rapidly. Sub- 
sequent to this, all the scratches along the boundary 
trace were measured and the average shear deter- 
mined as well as the uniformity of the shear. Meas- 
urements of the scratch positions were also made in 
some cases before and after the test, in order to de- 
termine the extent of the deformation of the compo- 
nent crystals. After each test was completed, 
measurements were made of the average shear of 
each of the four boundary traces present on the 
specimen. 


OBSERVATIONS 


Grain boundary shear was observed to take place 
when specimens were tested under suitable condi- 
tions of stress and temperature. An example is 
shown in Fig. 2, a type (b) specimen of Fig. 1. The 
boundary traces are marked AB and CD and the 
reference scratches are the horizontal lines spaced 
at 2-mm intervals. The reverse side of the speci- 
men is similar to the side shown. 

It can clearly be seen that boundary shear has 
taken place along the boundaries in the specimen 
with little overall deformation of the component 
crystals. This is shown by the uniform, relatively 
sharp break in the fiducial scratches as they cross 
the boundary traces, with no observable slip-line 
markings, bending, or movement of the reference 
scratches in the component crystals. 

General Observations of Boundary Behavior—It 
was observed that boundary shear was accompanied 
by local deformation and boundary migration in a 
region immediately adjacent to the boundary. This 
took place for all specimens, to a greater or lesser 
degree, if the test was continued for a sufficient 
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Fig. 2—Specimen of type 1(4) showing boundary shear 
along boundaries AB and CD. Tested at 600°C for 180 min 
under a shear stress of 500 g per sq cm. 


length of time. The extent of the migration, slip, 
and distortions varied from specimen to specimen, 
as well as along a single boundary. 

The appearance of a boundary trace at several 
stages during a test is shown in Fig. 3. In this par- 
ticular case, the test was interrupted and the speci- 
mens cooled in order to take the photographs; 
however, the boundary behavior shown is generally 


typical of that observed in the furnace for tests that 
were not interrupted. Before the stress was ap- 
plied the boundary traces were not visible and the 
reference scratches were horizontal, continuous 
straight lines. It is not clear why the boundary 
traces appear on the surface during the test. It is 
likely due to a thermal etching process at the bound- 
ary, or to irregular oxidation after shear had dis- 
turbed the oxide layer. 

The first two photographs of Fig. 3, taken at 15 
and 60 min from the start of the test, illustrate the 
initial behavior of the boundary under a shear 
stress. After the load was applied, the boundary 
trace emerged as a fine vertical line accompanied 
by relatively sharp breaks in the reference 
scratches along the trace. The boundary trace 
then became wider and darker, the breaks in the 
scratches lengthened, and a group of fine lines ap- 
peared starting at the boundary and inclined to it. 
Some of these lines increased in length with time. 
The third photograph in Fig. 3, taken at 120 min 
from the start of the test, shows a considerable 
change in the appearance of the boundary region. 
The reference scratch has been broken into a num- 
ber of segments, the boundary has apparently mi- 
grated, and a second family of fine lines has ap- 
peared, inclined to the boundary trace, between the 
initial and final trace positions. The rate at which 
the boundary moved from the initial to the final po- 
sition was not determined, nor was the rate of for- 
mation of the new family of lines. The remaining 
photographs of Fig. 3 show the boundary trace as 
the test continued, showing further alternate slip 
and boundary migration with the formation of more 
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Fig. 3—Appearance of boundary trace during shear at the times indicated (min) from the application of the load. Tested 
at 600°C at a shear stress of 300 g per sq cm. Specimen orientation as in Fig. 1(c). X100. Reduced approximately 55 


pet for reproduction. 
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lines on the surface as the boundary moved. After 
the photographs at 3800 min were taken, the speci- 
men surface was anodized and the boundary was 
clearly observed to be at point P in the photograph, 
where shear would probably have continued to take 
place had the test continued. 

There are several points to be noted. From the 
photographs it is clear that once a boundary has 
swept through a particular region of the specimen, 
that region no longer takes part in the shearing 
process since no further slip lines or changes ap- 
pear in this area. The structure shown in the re- 
gion swept out by the boundary is a record of a 
progressive sequence of events centered around 
the boundary at any given instant, and is not due to 
simultaneous deformation of the full region between 
the initial and final boundary traces. 

The direction in which the boundary migrated was 
not constant for equivalent boundaries; in some 
cases, part of the boundary would migrate in one 
direction while the remainder would migrate in the 
reverse direction. In the majority of cases the 
center crystal grew at the expense of the outside 
crystals for the orientations shown in Fig. 1(c). 
Once the boundary did start to migrate, however, 
the direction of migration remained the same for 
the remainder of the test. 

Along with the effects noted in Fig. 3, it was also 
observed that the surface of the region swept out by 
the boundary was often rumpled, regular undulations 
occurring every few millimeters. 

At lower test temperatures there tended to be 
less boundary migration and more local plastic de- 
formation adjacent to the boundary. Also, at lower 
temperatures the stresses required to produce 
boundary shear were sufficiently high to produce 
general crystallographic slip as well as shear. Some 
specimens were tested in which a {111} slip plane in 
the center crystal was parallel to the boundary and a 
slip direction parallel to the direction of shear (ori- 
entation Fig. 1(d) @ = 54 deg). At the lower test 
temperatures, slip was observed to take place on 
these planes accompanying boundary shear, the 
amount of slip and shear appearing roughly the same 
in some cases. Slip was not observed on these 
planes in the tests at higher temperatures. 

A number of points are raised in considering the 
appearance of the boundary trace during shear. 

a) The photomicrograph of the sheared boundary 
after 15 min, Fig. 3, suggests that the amount of 
material involved in the shearing process is rela- 
tively small. The reference scratches are straight 
and regular up to the boundary, and the break is 
relatively sharp. It was observed that the apparent 
boundary width in some cases was approximately 
”,o0 of the measured shear, the width being taken as 
the region in which the reference scratches were 
undistorted. The apparent boundary width did not 
change for the case in which the slip planes in one 
component crystal were parallel to the boundary 
plane. 

b) In order to determine if the shear observed 
on the surface was indicative of the boundary as a 
whole, measurements were made of the shear on 
the back of the specimen as well as the front for 
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all of the specimens tested, and the height of the 
ledge on the top and bottom ends of the specimen 
for a few specimens tested. In general, the shear 
observed on the back trace of a given boundary 
agreed with that observed on the front face which, 
in turn, agreed with the step heights observed at 
the specimen ends. This suggests that the shears 
measured were indicative of the boundary behavior 
as a whole. 

c) It is possible that strains associated with the 
scratches ruled on the specimen surface might re- 
sult in errors in the boundary shear measurements. 
To check this possibility, several specimens were 
tested using etch pits at the boundary as markers 
as well as the usual reference scratches. The ap- 
pearance of the etch pits after shear is shown in 
Fig. 4 with a sketch of the initial etch-pit shape. 

It is clear, from the photograph, that the upper 
part of the etch pit has moved with respect to the 
lower part. The amount of movement was meas- 
ured and found to compare reasonably well with the 
shear measurements made on the reference 
scratches of the same boundary trace. The ap- 
pearance of the etch pits shown in Fig. 4 was char- 
acteristic of a number examined after shear. It is 
not clear why a reasonably good ledge formed only 
on one side of the pits. 

d) Families of fine lines, as shown in Fig. 3, ap- 
peared in the boundary region when boundary shear 
took place. The length and regularity of the lines 
suggested that they might be associated with slip 


CL GRAIN 


Fig. 4—Shearing of etch pits along a grain boundary. The 
solid line in the diagram illustrates the initial shape of 
the etch pit, the dotted line, the change after shear. 
Temperature 550°C, shear stress 500 g per sq cm. 
Orientation as in Fig. 1(c). X800. Reduced approximately 
27 pet for reproduction. 
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Fig. 5—Etch pits on specimen surface restraining boundary 
migration. Migration from bottom to top of photograph. 
Temperature 550°C, shear stress of 550 g per sq cm. 
Orientation as in Fig. 1(c). X300. Reduced approximately 
28 pet for reproduction 


lines resulting from the shearing process. If a slip 
line formed at the surface, it would likely result in 
a crack in the oxide layer. The position of the crack 
would generally correspond to the position of the 
slip line since the oxide is considered to be strongly 
adherent to the aluminum. 

Attempts were made to establish whether the lines 
could be associated with slip lines by using multiple- 
beam interferometry to determine if there was a 
vertical step on the surface across a line. Steps 
were clearly observed across a few of the lines, 
but generally the results were inconclusive. 

e) In order to determine qualitatively the effect 
of small irregularities on the mobility of the bound- 
ary, tests were conducted using specimens which 
had been lightly etched before testing. The effect 
of the etch pits on the boundary is shown in Fig. 5. 
The initial boundary trace is the horizontal line 
near the bottom of the photograph; the boundary 
migrated toward the top of the photograph. It can 
clearly be seen that the etch pits hindered the 
boundary migration since there is a cusp at the 
boundary at most of the pits encountered, even the 


smallest. One larger etch pit, which is not shown, 
completely blocked the boundary from further mi- 
gration. Since the boundary is seriously impeded 
by small irregularities in its path, this could ac- 
count for the irregular shape of the boundary trace 
after migration and also suggests that the driving 
force causing the migration is small. 

f) A number of specimens were anodized after 
testing, and the boundary regions were examined 
under polarized light to determine whether cells 
had formed as a result of the shearing process. 
There was no indication of cells in the boundary 
region, other than at a few isolated points ahead of 
the boundary where there had been excessive bound- 
ary migration and surface rumpling. Normal back- 
reflection X-ray photographs of the boundary region 
did not indicate any substructure, except for the 
lineage structure resulting from crystal growth. 

Boundary Shear—Time Measurements—Measure- 
ments of boundary shear were made at all of the 
scratch positions along one boundary trace during 
a test, and the average shear was determined. For 
type (a) specimens of Fig. 1 it was found that the 
upper legs tended to deform into the tricrystal past 
point A, increasing the apparent shear in this re- 
gion. In this case only the measurements at the 
center of the boundary trace were used where there 
was no overall deformation of the component crys- 
tals. Below 300°C there was some deformation of 
the component crystals, along with the boundary 


shear. The deformation was primarily coarse slip - 


resulting from the large stresses required to pro- 
duce shear. 

It was found that apparently similar specimens, 
tested under the same conditions did not give 
identical results. An example of the scatter for 
tests at 450°C is shown in Fig. 6. At higher tem- 
peratures the scatter tends to be less than that 
shown, and at lower temperatures, greater. 

The form of the shear curves shown in Fig. 6 is 
generally similar to normal creep curves, with an 
initial instantaneous shear, a rapidly decreasing 
shear rate, and a relatively constant rate portion. 
The initial constant shear rate reported by Tung 
and Maddin’® was not observed, nor was a linear 
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Fig. 6—Boundary shear-time curves for 
similar specimens tested under the same 
conditions. Temperature 450°C, shear 
stress 600 g per sq cm, orientation as 

in Fig. 1(c). 
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portion in the early part of the curve as found for 
tin bicrystals by Puttick and King.’ There was 
some evidence of long-range cycling, as seen in 
one of the curves, which was reported by Rhines 
etal.,* but no clear evidence of the short-period 
cycling behavior reported by Chang and Grant® for 
boundaries in polycrystalline aluminum. The mag- 
nitude of the instantaneous shear observed de- 
pended on the test conditions, being most pronounced 
at the higher temperatures. The incubation period 
between application of the load and the onset of 
shear measured by Tung and Maddin’ was not ob- 
served except in a few isolated cases. 

A number of tests were conducted in which the 
direction of the applied shear stress was reversed 
after a given amount of shear had taken place, and 
the specimen sheared back to its original position. 
An example is shown in Fig. /, in which the fofal 
shear that took place for each cycle is plotted. 
Curve 1 is the normal shear-time curve up to the 
arrow where the direction of the stress was quickly 
reversed. When the initial boundary position was 
reached, corresponding to the end of the curve, the 
test was stopped and the specimen was annealed at 
test temperature overnight. The same procedure 
was then repeated, resulting in curves 2 and 3. The 
initial boundary position was not reached on the 
final cycle. 

From the curves in Fig. 7 it is clear that bound- 
ary shear is accompanied by work hardening and 
that the work hardening is not recoverable on an- 
nealing at the test temperature of 600°C. The same 
specimen therefore cannot be used under different 
test conditions and the results compared to over- 
come the scatter between different specimens. Note 
the marked increase in the shear rate when the 
stress is reversed in curves 2 and 3. 

The scatter in the shear-time curves in Fig. 6 
clearly indicated that individual tests were not ade- 


quate to describe the shear behavior of the boundary. 


As a result at least three repeat tests were con- 
ducted for each set of test conditions, in which six 
boundaries were sheared, three of which were ob- 
served during the test, and the results averaged to 
give the average boundary behavior. The results 
are shown in Fig. 6, in which the average shear is 
plotted as a function of time over the temperature 
range 300° to 600°C for a series of shear stresses. 
The curves for 625°C are not shown, since there 
appeared to be no significant change in the positions 
of the average curves for these tests when compared 
with the 600°C tests. Tests were also conducted at 
250°C at shear stresses of 12,000, 16,000, and 
20,000 g per sq cm, which in all three cases re- 
sulted in a maximum shear of 10 yp in 2000 min, ac- 
companied by extensive component deformation. No 
significant shear was observed at 200°C. 

In Fig. 8 (300°C) it will be noted that the dashed 
6000-g per sq cm curve lies above the 11,000-g per 
sq cm curve. This is probably a result of the ap- 
preciable increase in the deformation of the com- 
ponent crystals at the higher stress, which results 
in the bending of the specimen as a whole, rotating 
the boundary away from the direction of the applied 
shear stress. 
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Fig. 7—Shear-time curves for a specimen in which the 
direction of the shear stress was reversed at the arrows. 
The total shear is plotted in each cycle. Temperature 
600°C, shear stress 500 g per sq cm, orientation as in 
Fig. 1(c). 


The curves shown in Fig. & (600° to 400°C), and 
the solid curves in Fig. 8 (350° and 300°C) all per- 
tain to specimens having the orientation configura- 
tion shown in Fig. 1(c). The dashed curves in Fig. 8 
(350° and 300°C) are for specimens having the ori- 
entation shown in Fig. 1(d) with 6 = 55 deg. A num- 
ber of tests were conducted in the 400° to 600°C 
region, using the 1(@) orientation (@ = 55 deg), and 
the resultant curves were found to coincide with 
those determined for the 1(c) orientation. 

The average boundary shear-time curves of Fig. 8 
were examined to determine whether their tempera- 
ture dependence could be described by an activation 
energy. To do this the procedures reported in the 
literature in determining the activation energy for 
boundary shear in tin’ and aluminum”** were ap- 
plied. It was found that none of these procedures 
gave a unique activation energy for the shear proc- 
ess over the full temperature range covered, or a 
reasonable part of it. 

Specifically, in order to use the procedures 
adopted by Puttick and King for tin,’ or by Tung and 
Maddin for aluminum,” it was necessary to meas- 
ure the slope of a linear portion of the shear-time 
curves, either at the beginning of the curve’ or in 
the early part of the curve.’ The present shear- 
time curves did not exhibit an unambiguous linear 
portion with a clearly defined slope, and therefore 
these procedures were not applicable. 

Rhines, Bond, and Kissel’ determined the activa- 
tion energy for shear by comparing the shear ob- 
tained at selected time periods, as a function of 
temperature, at constant stress. The shear-time 
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Fig. 8—Average boundary shear-time 
curves. Temperature and shear stress 
(g per sq cm) as indicated. Orientation 
as in Fig. 1(c) for solid lines. Orienta- 
tion as in Fig. 1(¢) 6 = 55 deg for 
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curves they obtained fitted an equation of the form 
S= Kt" 


where S is the boundary shear, ¢ is the time, mis a 
constant = ¥;, and K is a constant. The average 
shear-time curves of the present investigation could 
not be fitted by an equation of this type. As a result, 
the value of an activation energy determined in this 
way was found to be a function of the arbitrary time 
period selected, and therefore not significant. 

Fazan et al. 5” analyzed the data of Rhines ef al. in 
another way, to obtain an activation energy for the 
shear process. They replotted the shear-time 
curves at constant stress, using a temperature com- 
pensated time 
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where ¢, is the compensated time, ¢ the observed 
time, Q ‘the activation energy, and 7 the tempera- 
ture, and found that all the points fell on a single 
curve for a correctly estimated activation energy. 
In applying this procedure to the present data, it 
was found that similar points fell reasonably well 
on a single curve only if an instantaneous shear was 
subtracted from the measured shear. Since the 
same fit could be obtained for a wide range of esti- 
mated activation energies by the appropriate selec- 
tion of an instantaneous shear, this procedure was 
inadequate in the present case to determine a unique 
activation energy. 

Two procedures were considered, which have been 
used by Dorn ef al., with polycrystalline aluminum, 
to obtain an activation energy for creep. They de- 
termined the time required to reach a given strain 
for different test temperatures, from which the ac- 
tivation energy was calculated.” For this procedure 
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to be significant, the activation energy would have to 
be independent of the selected strain; this was not 
the case when applied to the present data. The sec- 
ond procedure described by Dorn ef al.® was to per- 
form creep tests during which the test temperature 
was cycled periodically over a small temperature 
interval. The activation energy could be calculated 
on the basis of the change in slope of the shear- 
time curve, resulting from the change in tempera- 
ture. Tests were conducted in this fashion, using 
the present tricrystal specimens, for temperature 
intervals of 590° to 600°C and 470° to 500°C. It 
was found that the measurements were not suffi- 
ciently accurate, in the case of the small displace- 
ments measured for boundary shear, to measure 
adequately the change in the slope of the curves with 
the change in temperature. There was, also, am- 
biguity in extrapolating the curves to the point at 
which the temperature was changed (about 10 min 
was required for the furnace to reach equilibrium). 
As a result this method did not give an unambiguous 
activation energy for the shear process. 

In order to illustrate the change in behavior of the 
boundary shear as a function of stress and tempera- 
ture—the so-called ‘‘strength’’ of the boundary—the 
stress required to produce a given shear in a given 
time was plotted as a function of temperature. The 
shear stress was estimated from the curves in 
Fig. 8, for shears of 10, 70, and 100 yu in 1000 min. 
The results are shown in Fig. 9. 

It can be seen that a relatively small increase in 
stress is required to produce the selected shears 
as the temperature drops from 625° to 450°C. Be- 
low 450°C the stress increases rapidly. The curves 
stop when the required shear could not be obtained, 
as a result of rapid and extensive deformation of the 
component crystals. 

The curves shown in Fig. 9(a) refer to specimens 
having the orientation configuration shown in 
Fig. 1(c). Similar curves for orientation 1(d) 

6 = 55 deg are shown in Fig. 9(6). Both orienta- 
tions behave in a similar manner above 400°C. 

Boundary Angle—For this series of tests speci- 
mens of the type shown in Fig. 1(5) were used hav- 
ing the orientation configuration shown in Fig. 1(d). 
The boundaries were of the tile type produced by 
rotating the center crystal about a common <110> 
direction through an angle 6. The boundary angle 
was determined from back-reflection X-ray photo- 
graphs and was only correct to within about 2 deg, 
due to the presence of a lineage structure. Shear- 
time curves were obtained for a series of boundary 
angles and the average behavior was determined, 
using at least three separate tests for each curve. 
The results are shown in Fig. 10. 

It was observed that small-angle boundaries (less 
than 5 deg) do not shear. This was investigated 
more extensively in the 500° and 600°C temperature 
range for a range of stresses using tilt boundaries 
formed by rotations about a common <110> direc- 
tion, <100> direction, and several nonsymmetric 
boundaries. About thirty tests were conducted, and 
in all cases there was no indication that boundary 
shear had taken place for boundary angles less than 
5 deg. 
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Boundaries having tilt angles greater than 5 deg 
do shear, as shown in Fig. 10, the amount of shear 
increasing with increasing angle until an angle of 
about 17 deg is reached. Between 17 and 30 deg the 
shear is relatively independent of the boundary 
angle. A number of tests were conducted to de- 
termine whether other than tilt boundaries behaved 
in the above manner. Specimens of orientation 
Fig. 1(c), having a nontilt boundary of 45 deg, were 
tested under the same conditions; the resultant av- 
erage curve was a little above the 30-deg curve 
shown in Fig. 10. A twist type boundary of 10 deg, 
produced by rotating the center crystal about an 
axis perpendicular to the boundary plane, resulted 
in an average curve a little below the 11-deg curve 
for the tilt boundary. It therefore appears that the 
boundary shear does not depend on the configuration 
of the component crystals, but only on the magnitude 
of the boundary angle under these test conditions. 

It was pointed out earlier, however, that at lower 
temperatures there is a marked difference in the 
behavior of large-angle boundaries with different 
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configurations of component crystals. For example, 
at 300°C specimens of orientation Fig. 1(c) did not 
shear, whereas those of orientation 1(d) with 6 = 55 
deg did shear for the same shear stress. 

The average curyes for the two largest angle 
tests, 6 = 57 deg and @ = 85 deg are seen in Fig. 10 
to be superimposed and above the curve for @ = 30 
deg. The results of the individual tests for both 
large angles had very little scatter and were all 
above the highest individual curve for 6 = 30 deg. 
Consequently, the difference between the 9 = 57- and 
30-deg curves is believed to be significant. 

Impurities— The effect on the shear behavior of 
small additions of Cu, Fe, and Si to the super-pure 
aluminum was investigated. These particular ele- 
ments were selected because they were the principal 
impurities present in the pure material, and it was 
considered important to ascertain whether small 
fluctuations in the impurity level would appreciably 
change the shear behavior. The amount of impurity 
which could be added was limited by the increasing 
difficulty in producing tricrystal specimens. 

Parts of the tricrystals containing the impurity 
were chemically analyzed to determine the impurity 
content, and the remainder was used for test speci- 
mens. Tests were conducted at 600°C with a shear 
stress of 500 g per sq cm. 

Additions of 0.06, 0.16, and 0.23 wt pct of Cu, 
0.10 pct of Si, and 0.03 pct of Fe did not have any 
noticeable effect on the boundary shear behavior. 
These amounts are all within the solubility limits of 
the materials at the testing temperature. On the 
other hand 0.08 pct of Fe, which is not soluble in 
aluminum, completely inhibited shear from taking 
place. There was considerable difficulty experi- 
enced in growing tricrystals of this material, and it 
was noted that the boundaries were very irregular. 
As a result it is not clear whether the lack of bound- 
ary shear in this case is a result of impurities at 
the boundary or the increased boundary irregularity 
along with hardening of the component crystals. In 
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any event, it does not appear that small fluctuations 
in the impurity concentrations of the pure material 
should affect the observed shear behavior. 


DISCUSSION 


It was observed that grain boundary shear is 
always accompanied by local deformation and bound- 
ary migration, providing the test was continued for 
a sufficiently long period of time. This suggests 
that the observed shear results from a number of 
mechanisms, each of which might be a controlling 
or contributing factor in the overall boundary be- 
havior. It is likely that this is equally true in the 
early part of a test since shortly after the stress is 
applied, the rate of boundary shear decreases, the 
boundary trace thickens, and fine lines appear. As 
a result the data presented cannot be considered as 
representative of the behavior of a simple grain 
boundary. 

Neighboring grains can be displaced relative to 
one another, under suitable test conditions, by shear 
along their common grain boundary at stresses less 
than that required to produce significant slip in the 
grains. This applies, as well, to the case in which 
the slip planes are parallel to the boundary plane 
and subject to the same shear stress as the bound- 
ary. This shear behavior might be accounted for in 
either of two ways. The presence of the boundary 
could result in normal slip and bending taking place 
near the boundary, at stresses less than that re- 
quired to produce overall deformation of the grains. 
Or, on the other hand, shear might take place along 
the boundary as a result of the relatively disordered 
atomic structure at the boundary. 

The present results tend to indicate that the sec- 
ond alternative might be the more reasonable. If 
normal slip, followed by bending, took place near 
the boundary, it would be expected that the deformed 
region should be comparable in width to the amount 
of shear along the boundary. This was not the case 
since it was observed that the width of the deformed 
region could be as small as 7/100 of the measured 
shear. 

It is then postulated, following the second alter- 
native above, that application of a shear stress along 
a grain boundary in the present experiments results 
in stress relaxation across the boundary producing 
shear. This would immediately result in stress 
concentrations at the boundary undulations followed 
by deformation as the shear continued. 

The local deformation and boundary migration ob- 
served in the present tests are believed to result 
from the microscopic undulations of the boundary 
plane. It was observed that a large undulation could 
completely prevent shear from taking place, al- 
though no general correlation was found between 
variations in the appearance of the boundary trace 
and variations in shear behavior, as long as the 
undulations were small. 

Assuming that the early deformation at the undu- 
lations consisted of crystallographic slip, then the 
extent and distribution of the slip lines would depend 
upon the size and position of the boundary undula- 
tions. This could then account for the families of 
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fine lines shown in Fig. 3, assuming that these lines 


do indicate slip lines. The deformation could also 


result in progressive work hardening of the material 
adjacent to the boundary, which in turn could account 
for the observation that the shear rate decreased 
with time after the stress was applied. It was 

shown in the tests in which the direction of stress 
was reversed, Fig. 7, that some of the work hard- 
ening could not be recovered on annealing at test 
temperatures. 

As a boundary shear test continued, local strains 
associated with the work hardening in the material 
adjacent to the grain boundary would increase. A 
point would be reached where there was sufficient 
local strain to cause the boundary to migrate, start- 
ing at points along the boundary where the local 
strain was greatest, and continuing until the bound- 
ary had swept through the strained material. Shear 
would then commence at the new boundary position. 
This would then account for the alternate shear and 
boundary migration shown in Fig. 3. 

It was observed that small angle boundaries (less 
than 5 deg) do not shear, and that the intermediate 
angles up to 17 deg sheared an increasing amount as 
the boundary angle increased. This would conform 
with the assumption that the shear process was re- 
lated to boundary structure. Small angle boundaries 
can be described in terms of dislocation arrays 
where the bonding between atoms is relatively 
strong; large angle boundaries are considered to 
have relatively weak bonding between atoms. If the 
bonding strength of atoms in the boundary defines 
the ability of the boundary to shear, then the strongly 
bonded small angle boundaries would not shear, the 
large angle boundaries would shear readily, and the 
intermediate angles would shear an amount between 
these two limits depending upon the boundary angle. 
This would agree with the present experimental re- 
sults except for the increase in shear at boundary 
angles of 57 and 85 deg. The latter suggests that 
there might be some change in the bonding of the 
atoms and therefore the boundary structure, as the 
boundary angle is increased to these large values. 

The difference in behavior between the large 
angle boundaries of Fig. 1(c) and Fig. 1) (@ = 55 
deg) at low temperatures might similarly be a result 
of boundary structure. On the other hand it could be 
accounted for on the basis of the local deformation 
accompanying shear. At high temperatures both the 
{111} and {100} slip systems are operative.*® With 
the multiplicity of slip systems present it would be 
expected that the plastic deformation in the bound- 
ary region would be relatively insensitive to the 


orientation of the component crystals, with respect 
to the stress axis. Below 450°C, where the dif- 
ference in behavior becomes apparent, only the {111} 
slip system is operative, and therefore the orienta- 
tion of the component crystals might become sig- 
nificant. This could result in more deformation in 
the Fig. 1(d) case and therefore more apparent 
shear. 


SUMMARY 


1) Grain boundary shear can take place in alu- 
minum with no apparent overall deformation of the 
component crystals. 

2) Alternate boundary shear and boundary migra- 
tion occur during shear accompanied by local de- 
formation in the boundary region. 

3) The extent of the average boundary shear is 
reported as a function of time, shear stress, tem- 
perature, and boundary angle. 

4) Shear along large angle grain boundaries is a 
function of the orientation of the component crystals 
at test temperatures below 400°C. 

5) The shear stress required to produce a given 
amount of boundary shear in a given time increases 
rapidly as the test temperature drops below approx- 
imately 425°C. 

6) A unique activation energy could not be found 
which adequately described the observed tempera- 
ture dependence of boundary shear. 

7) Small variations in the impurity concentrations 
of copper, iron, and silicon in aluminum do not af- 
fect the boundary shear behavior. 
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Partial Phase Diagram for the System HfCl 4-NaCl 


A. S. Roy, L. J. Howell, and H. H. Kellogg 


Know LepcE of the phase diagram of salt sys- 
tems is important for selection of the optimum con- 
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Technical Note 


ditions for electrowinning of the refractory metals 
from fused salts. This note summarizes the studies 
of the NaCl-rich portion (0 to 22 mol pct HfCl,) of 
the NaCl-HfCl, phase diagram. Melts in this com- 
position range have vapor pressures well below one 
atmosphere and melting points between 548° and 
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Fig. 1—Partial phase diagram for system NaCl—HfCl,. 
HfCl, contains about 4 pct ZrCl,. 


800°C. Such melts offer properties suitable for 
electrowinning of hafnium metal. 


MATERIALS 


Reagent grade NaCl was dehydrated by vacuum 
treatment at 400°C as described previously.’ Crude 
HfCl, was purified by treatment with hydrogen, fol- 
lowed by vacuum sublimation in the manner used to 
purify ZrCl,.' This treatment was effective for re- 
moval of oxides, oxychlorides, and iron, but ZrCl, 
(estimated to be present in an amount less than 
4 pct) was not removed. As the systems HfCl,-NaCl 
and ZrCl,-NaCl probably have similar liquidi in the 
composition range studied, the effect of 4 pct ZrCl, 
in the HfCl, on the results is probably small. 

Strict precautions were employed to prevent ex- 
posure of the melt or the purified salts to any at- 
mosphere but purified argon. All transfer opera- 
tions were carried out in an argon-filled dry box. 


APPARATUS 


The salts were charged to a Vycor cell designed 
to give a melt depth of about 5 cm for a charge of 
50 g. The cell had a built-in thermocouple-well of 
Vycor, into which the measuring thermocouple was 
inserted. The cell was closed by a Vycor ground- 
stopper lubricated with graphite. This joint was not 
vacuum tight but it did serve to prevent appreciable 


On Dislocation Configurations in Rolled Columbium 


R. Bakish 


A. B. MICHAEL and F. J. Huegel’ recently re- 


R. BAKISH, Junior Member AIME, is associated with the Metallurgy 
Dept. of Ciba, Ltd., Basle, Switzerland. 
Manuscript submitted October 31, 1957. 


818-VOLUME 212, DECEMBER 1958 


loss of volatile HfCl,. The small loss which did oc- 
cur (2 pct in the worst case) was measured and ac- 
counted for in calculation of the melt composition. 

The test cell was enclosed in a larger Vycor cell 
through which purified argon was circulated. Sus- 
pension of the test cell in the outer, argon-filled cell 
was arranged so that the test cell could be shaken to 
provide agitation of the melt. 

The furnace was constructed to permit visual ob- 
servation of the melt. The melt temperature could 
be controlled to better than+0.5°C. The measuring 
thermocouple (Chromel-Alumel) was calibrated at 
the melting point of pure NaCl (800°C). 


PROCEDURE AND RESULTS 


The cold salt mixture was heated very slowly, 10 
to 30 hr being required to reach 500° to 800°C. By 
this slow heating the volatile HfCl, (sublimation tem- 
perature, 310°C) has sufficient time to react with the 
NaCl and form double salts of low volatility.’ 

Liquidus and eutectic temperatures were deter- 
mined from analysis of time-temperature curves for 
slow cooling of the homogeneous melt. The liquidus 
was determined several times for each composition 
with cooling rates between 0.5° and 14°C per min. 
Some supercooling was present at all cooling rates. 
After correction for supercooling the results at dif- 
ferent cooling rates agreed within +1°C. 

In one case the liquidus was determined by an 
equilibrium method—the melt was held at a series of 
constant temperatures until that temperature below 
which visible crystals were stable, and that temper- 
ature above which no crystals were present were 
determined. The average of these two temperatures 
agreed within 0.2°C with the average of four cooling- 
curve determinations. 

The thermal arrest at the eutectic temperature 
was not well defined for most of the melts, probably 
because of the failure to achieve temperature uni- 
formity when much precipitated solid is present. 
The inflection point of the eutectic arrest was be- 
tween 544° and 551°C for all tests. The authors pre- 
fer 548°C as the probable eutectic temperature. 

All of the results are summarized in Fig. 1. The 
liquidus is shown extrapolated to a eutectic compo- 
sition of 27 mol pct HfCl,. It is worth noting that the 
eutectic composition, temperature, and the shape of 
the liquidus bear a close resemblance to the corre- 
sponding part of the ZrCl,-NaCl system. * 

The authors wish to thank the Foote Mineral Co. 
for financial support of this work and permission to 
publish the results. 
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Technical Note 


ported on dislocation configurations in arc-cast 
columbium. This communication discusses ob- 
servations made in our laboratory on etch struc- 
tures believed to be associated with dislocations 
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Fig. 1—Typical gr uping of etch pits in an annealed grain. 
X500. Reduced approximately 15 pct for reproduction. 


in rolled columbium. Etch-pit configurations in 
annealed columbium sheet and configurations be- 
lieved to be associated with flow processes re- 
sulting from high-temperature creep are discussed 
as well as the technique used. This work was con- 
ducted on columbium supplied in ingot form by 
Electro Metallurgical Corp. Manufacturer’s anal- 
ysis of maximum impurity content of this material 
reads as follows: C 0.05, O2 —0.15, Hz 0.002, 

Nz 0.08, Ta 0.16, Ti 0.05, Fe 0.03, Si 0.03, B 0.001. 

Sheet material of about 5 mil thickness was pre- 
pared from this ingot by a sequence of cold reduc- 
tions by rolling and intermittent vacuum anneals, 
at 2000°C for use in this study. The actual treat- 
ment producing the etched patterns to be discussed 
consists of a vacuum treatment at pressure of 
10-° mm of Hg of 5 to 7 hr at 2000°C followed by 
rapid cooling and etching with a solution consisting 
of H2SO, (95 pct), HNO; (70 pct), and HF (48 pct) in 
ratio 5:2:2. Resistance heating was used with the 
specimen itself being the resistor element. Strip 
specimens of 3 in. in length and supported on the 
two ends were used. A substantial amount of creep 
takes place in the center of the specimen in the 
course of heat treatment. 

It is not known with certainty what impurity is 
responsible for the observed electrochemical dif- 
ferences leading to pit formation believed to be as- 
sociated with dislocation sites. Small amounts of 
adsorbed Oz or Nz, however, seem to be the most 
likely elements responsible for this etching behav- 
ior. A strong embrittlement which takes place in 
the samples lends support to this hypothesis. It 
must be stated that no evidence of a second phase 
was noted at the etching sites. 

In this study the following facts were established: 
first, the ability to reveal configurations believed to 
be associated with dislocations is strongly orienta- 
tion dependent. In view, however, of the inability to 
obtain large grain size specimens, the orientations 
most favorable for delineation of pits have not been 
determined. This orientation dependence of etching 
of dislocations has been shown to be the case for 
Ge,” silicon-iron,* and tantalum.* Second, unlike 
dislocation etching effects in most metals, it seems 
that in the case of columbium there is a crystal- 
lographic factor associated with the very pit formed 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


Fig. 2—Etch pits along slip lines (limited lamelar flow). 
X2000. Reduced approximately 12 pct for reproduction. 


on what is believed to be a dislocation site. This, 
however, is not new and has been already observed 
in aluminum. 

A large variety of pit configurations was observed 
in the annealed material. Both linear arrays be- 
lieved to be associated with small-angle subbound- 
aries and random arrays associated with random 
dislocations in the material can be seen. Fig. 1 is 
what may be considered a typical grouping of pits 
for an annealed grain. A substantial increase in 
the number of pits in grains which have undergone 
high-temperature deformation is observed. At- 
tempts to obtain a quantitative measure of this 
change of apparent pit density have been without 
success. It is believed that this difficulty is due to 
the fact that not all dislocation present are delin- 
eated by pits. In some cases, this increase of pits 
was by means of additional subgrain boundaries and 
arrays of linear and random pits. In other cases, 
all these new pits were grouped in crystallography 
dependent linear arrays. 

From the changes in etch-pit configuration ob- 
served in connection with some grains deformed 
by creep at 2000°C the following interesting specu- 
lations are made. It seems that plastic flow at this 
temperature proceeds by two modes. The first is by 
slip on one or more active planes which is dependent 
on the critical resolved shear stresses at the given 
temperature needed to produce flow on these planes. 
Figs. 2 and 3 show pit configurations believed to be 
associated with this type of flow. The second mode 
of deformation appears to be by the formation of 
crystallography dependent ‘‘deformation bands.”’ 
Etch-pit configuration associated with one of these 
bands is given in Fig. 4, where it can be seen that 
these bands are definitely not groups of closely 
spaced slip lines. Figs. 5 and 6 show both a ‘‘de- 
formation band’’ and glide on one of the slip ele- 
ments of columbium. 

On first sight one gets the impression that the 
bands cross large-angle grain boundaries without 
change of direction. Careful examination of slip 
elements as defined by rows of pits reveals that the 
four grains through which these bands pass are of 
almost identical orientation. Difference in orienta- 
tion of the order of a couple of degrees are indi- 
cated. In turn angular changes of ‘‘deformation 
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Fig. 3—Etch pits along slip lines (heavy lamelar flow). 
Reduced approximately 12 pct for reproduction. 


approximately 12 pct for reproduction. 


bands’’ across large-angle boundaries are also of 
that magnitude. The existence of such bands tends 
to be supported also by markings observed prior 
to etching. 
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The Fracture of Titanium Containing 0.5 Wt Pct to] Wt Pct Oxygen 


C. Feng and C. Elbaum 


AN investigation of the fracture plane of titanium, 
containing 0.5 wt pct to 1 wt pct O, was recently 
carried out by fracturing large-grain specimens in 
a tensile jig at room and liquid air temperature. 
The experiments were carried out on strip speci- 
mens 3 to 5 mm wide, 2 mm thick and about 100 mm 


C. FENG is associated with Department of Metallurgy, University 
of Toronto, Toronto 5, Ont. C. ELBAUM formerly Department of 
Metallurgy, University of Toronto, now at Division of Engineering and 
Applied Physics, Harvard University, Cambridge, Mass. 

Manuscript submitted February 2, 1958. 


820-VOLUME 212, DECEMBER 1958 


Fig. 4—Etch-pit configuration in a “Deformation Band.” 
X2000. Reduced approximately 12 pct for reproduction. 


Fig. 6— “Deformation band” and slip lines. Detail from 
previous photomicrograph. X2000. Reduced approximately 
10 pet for reproduction. 


ments. Thanks are also due to Dr. J.J. Gilman for 
helpful discussion of this work. This work was done 
while the author was on the staff of Sprague Electric 
Co., North Adams, Mass. 
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Technical Note 


long. The specimens consisted of several grains, 
each occupying the entire cross section of the strip 
and extending over a length varying from 5 to 20mm. 
These specimens were prepared by a method de- 
scribed elsewhere. 

The identification of the fracture plane was pos- 
sible in twelve of approximately thirty crystals in- 
vestigated. In some cases severe local distortion 
took place near the fracture and prevented identifi- 
cation of the fracture plane. On, at least, three 
occasions the fracture propagated in a helicoidal 
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Fig. 5—Deformation bands and slip lines. X250. Reduced 


bs The following general observations were made: 


Containing 0.5 to 1.0 Wt Pet O 1) When the specimen consisted of several crys- 
tals of different orientations, the fracture occurred 
Temperature in the crystal with the largest angle between the 
basal plane and the direction of applied force. If, 
2 (1010) room however, the angle between the basal plane and the 
1 (1232) room applied force was less than 50 deg for all the crys- 
3 (1232) room tals in a specimen, there was no preference for 
4 (1232) room fracture in any one crystal. 
z- aes pe 2) It appears that, if the oxygen content is below 
6 (1232) i approximately 0.5 wt pct, brittle fracture is seldom 
8 (1232) pace obtained in a crystal of any orientation with respect 
12 (1230) liquid air to the direction of applied force. Within the limits 
13 (1230) liquid air of the present investigation (oxygen content between 
14 (1230) liquid air 0.5 and 1 wt pct) brittle fracture in tension can be 
23 (1230) liquid ait obtained if the crystal is favorably oriented and the 
fracture planes can usually be identified as {1230} 
manner, and no fracture plane could be identified, or {1232}, depending on the temperature of the test. 
although the fracture was of a brittle type. No variation of the fracture plane with oxygen con- 
A fracture plane of the {1232} type was usually tent was observed. 
found when the specimen was deformed at room This work was carried out at the Dept. of Metal- 
temperature, whereas in liquid air a plane of the lurgy, University of Toronto and supported by the 
{1230} type seemed to be predominant. The results Defence Research Board of Canada. Grants No. 
are shown in Table I. It is of interest to note that 9535-01 and 7510-08. 


in one case, out Of the total twelve, a plane of the 
{1010} type was found. The precision of the fracture REFERENCE 
plane determination was +4 deg. 1C, Feng and C. Elbaum: A/ME Trans., 1958, vol. 212, p. 47. 


X-Ray Diffraction Study of the Perfection of 
Aluminum and Copper Crystals Grown 
in the Solid State 


If proper precautions are taken in handling specimens and in supporting them during 
annealing, the perfection of aluminum crystals grown by coarsening (secondary recrys- 
tallization) is of a high order. The absence of any low-angle boundaries in crystals grown 
by either inhibition-dependent or texture-dependent coarsening suggests that the mecha- 
nism of nucleation proposed under the name of “geometric coalescense” is not likely to 
play an important role. The perfection of strain-anneal crystals grown in 2S aluminum 
is also very high. However, many crystal imperfections clearly observable by the X-ray 
diffraction method used were noted in strain-annealed crystals grown in high purity alu- 
minum, particularly when the penultimate grain size was large. Only a few of the strain- 
annealed high purity aluminum crystals had detectable low-angle boundaries, and only one 
of the 97 crystals examined was found to have a “nuclear spot.” The findings do not fur- 
nish support for the hypothesis that the mechanism of nucleation of strain-annealed crys- 
tals is based on strain-induced boundary migration. 


M. N. Parthasarathi and Paul A. Beck 


In high purity aluminum single crystals grown by after a small deformation) Lacombe’ observed sub- 
the strain-anneal method (primary recrystallization boundaries with disorientations of 1 to 3 deg. In 
commercial and high purity aluminum crystals 


> N. a and PAUL A. BECK, Member AIME, are grown by the same method Tiedema?” observed sub- 

eee boundaries with disorientations of about 20 min of 
Manuscript submitted February 28, 1958. arc, radiating from a “nuclear spot,” centrally lo- 
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cated in the crystals, and differing from their ori- 
entation by about 1 deg. The nuclear spot was found 
to contain numerous subboundaries and it was rec- 
ognized by Tiedema as one of the original deformed 
matrix grains, which remained unabsorbed by the 
strain-annealed crystal surrounding it. Dunn® also 
observed subboundaries in silicon-iron single crys- 
tals, corresponding to a disorientation of approxi- 
mately 1 to 2 deg. On the other hand, Guinier and 
Tennevin,* using a very sensitive X-ray diffraction 
method, found single crystals of aluminum, produced 
by the strain-anneal method, to possess a high de- 
gree of perfection, with no detectable disorienta- 
tions. 

In regard to the lattice perfection of crystals 
grown by means of coarsening (secondary recrys- 
tallization), there appears to be very little system- 
atic information, other than that in the recent paper 
by Dunn and Koch,°® who found by means of a dislo- 
cation etching method that commercial purity sili- 
con-iron crystals obtained by secondary recrystal- 


lization are much more perfect than the surrounding 


matrix, which has undergone primary recrystalliza- 
tion only. Nielsen proposed “geometric coales- 
cence” as the process by which secondary crystals 
may nucleate. In this theory, two primary grains 
of nearly the same orientation, but initially sepa- 
rated by other grains, become nearest neighbors in 
the course of normal grain growth; after this, re- 
gardless of the low-angle boundary between them, 
they grow as a single “complex” grain of larger 
size in a matrix with deviating orientation. If 
Nielsen’s theory is correct, one may expect to find 
in each secondary or coarse grain at least one low- 
angle boundary, pulled along” by the migrating high- 
angle boundary surrounding the “complex” coarse 
grain. 

In view of the somewhat insufficient experi- 
mental data in regard to the perfection of strain- 
annealed crystals and of crystals grown by coars- 
ening, an X-ray diffraction study was carried out 
to study the perfection of crystals grown in the 
solid state by these two methods. 


EXPERIMENTAL PROCEDURE 


For the study of inhibition-dependent coarsening 
2S aluminum was used. Electrolytic tough pitch 
copper was used for the study of the perfection of 
grains obtained by texture-dependent coarsening. 
In both cases, strips were prepared by several 
consecutive alternate rolling and annealing treat- 
ments, starting with 17/2-in. diam extruded bars. 
The 2S aluminum strip was rolled to 0.1-in. thick- 
ness and then it was given a penultimate anneal of 
30 min at 380°C, after which it was rolled 80 pct 
or 60 pct. The copper strip was rolled to a thick- 
ness of 0.5 in., and it was then given a penultimate 
anneal of 30 min at 600°C and a final rolling re- 
duction of 95 pct. . 

In order to avoid any deformation of the crystals 
under their own weight during the final annealing, 
the specimens were supported in the annealing fur- 
nace by carefully packing them in a fine powder, in- 
side a rigid stainless steel box. For the 2S alumi- 
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num specimens primary recrystallization, followed 
by coarsening, was achieved by annealing in alumina 
powder for about 15 hr at 630° to 640°C. 

It was found in an earlier unpublished investiga- 
tion by P. R. Sperry and one of the authors that 
highly rolled copper strip specimens developed on 
annealing a relatively perfect cube texture and, if 
deviating orientations at the edges and near the 
rolled surfaces of the specimens were eliminated 
by etching prior to annealing, then upon annealing 
near the melting point coarse grains free from an- 
nealing twins could be obtained. This rather con- 
spicuous absence of annealing twins in copper single 
crystals grown in the solid state can be readily in- 
terpreted in the light of Fullman’s theory of the 
formation of annealing twins,® since nuclei for 
coarsening in highly deviating orientations were 
carefully eliminated, and coarsening could take 
place only by the growth of the most deviating grains 
within the range of spread of the cube texture itself. 
Indeed, it was confirmed that the coarse grains were 
free from annealing twins only if they deviated from 
the cube orientation by not more than about 15 to 20 
deg. By varying the penultimate treatment or by in- 
creasing the final rolling deformation, it was pos- 
sible to improve the perfection of the cube texture 
to such an extent that the range of spread did not 
include grains in orientations sufficiently deviating 
from the cube orientation to serve as nuclei for 
coarsening. In such cases, even annealing for sev- 
eral days at around 1050°C did not produce coars- - 
ening. But this highly perfect cube texture was, of 
course, stable against coarsening only if extreme 
care was exercised in the preparation of specimens 
to eliminate textural deviations and to avoid extra- 
neous deformation leading to local disorientations. 
In the present work it was found that, with the pe- 
nultimate treatment given and the 95 pct RA in final 
rolling, the cube texture in the copper strip had just 
the right orientation spread for the type of twin- 
free coarsening described. In order to eliminate 
deformation during annealing, the etched copper 
specimens were carefully handled by means of rub- 
ber coated tweezers and packed in high purity 
graphite powder inside rigid stainless steel boxes 
for the annealing treatment. The copper specimens 
were annealed for 10 hr at 600°C and, in addition, 
for 40 to 72 hr at 1030°C, the length of the final 
anneal depending on whether partially coarsened or 
completely coarsened specimens were desired. 

Strain-annealed crystals were grown in 2S alu- 
minum and in high purity aluminum (99.997 pct 
pure), 2S aluminum strips of about 15 cm length 
were annealed to a penultimate grain size of 0.032 
mm and high purity aluminum strips of a thickness 
of 0.04 in. and 15 cm length were annealed to a 
penultimate grain size of 1.5 mm (Lot A) or 3.5 mm 
(Lot B). After a tension strain of 2 to 3 pct, speci- 
mens of approximately 1 in. by 1 in. were cut from 
the strips by an acid saw and these were annealed 
at temperatures of 500° to 600°C, embedded in 
alumina powder. The temperature and time of an- 
nealing was determined depending on whether com- 
plete recrystallization or partial recrystallization 
was desired. 
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Fig. 1(a2)—Macrograph of partially coarsened copper spec- 
imen. The coarse grain is surrounded on all sides by fine 
matrix grains. X4. Reduced approximately 14 pct for 
reproduction. 


In order to detect low-angle boundaries, or other 
imperfections of a highly localized character, a 
large surface of each crystal produced was studied 
in detail by means of the Schulz technique,®*° using 
a micro-focus X-ray tube. This method allows the 
detection of low-angle boundaries or local disori- 
entations of approximately 1 min of arc. The method 
also has the advantage of covering a relatively large 
surface area with a single exposure. However, in 
the case of large crystals, it was not possible to 
cover the entire surface area of the crystal with one 
exposure. In such cases, several exposures were 
made, as required for covering the entire surface, 
with some overlap between adjacent exposures. 


RESULTS AND DISCUSSION 


The results obtained for crystals grown in the 
solid state by the various procedures described 


(a) 


Fig. 2—Schulz pattern of a portion of one 
of the flat surfaces and of the four edges of 
a crystal of 2S Al produced by the inhibi- 
tion dependent coarsening method. No de- 
tectable imperfection or low-angle bound- 
aries. 
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Fig. 1(b)—Schulz pattern of the coarse grain in Fig. l(a). 
No detectable imperfections and low-angle boundaries. 
X4. Reduced approximately 14 pct for reproduction. 


are given in the Table. None of the 25 crystals 
grown in 2S aluminum by inhibition-dependent 
coarsening or the 22 crystals of copper grown by 
texture-dependent coarsening showed any indication 
of low-angle boundaries or other localized disori- 
entations, detectable by the Schulz technique. Par- 
ticularly straightforward and convincing are the 
results obtained with specimens which contained 
only a single coarse grain, filling the entire speci- 
men, or where a coarse grain was surrounded en- 
tirely by small matrix grains. An example of the 
latter is shown in Fig. la and}. About fifteen of 
the coarse grains, obtained by the inhibition-depend- 
ent or the texture-dependent mechanisms, were of 
this type. 

Most of the crystals were examined by the Schulz 
technique at only one of the large surfaces of the 
specimen. Because of the small thickness and the 
large surface area of each crystal, the probability 
of missing a low-angle boundary present was quite 
small. In order to avoid detection, such a boundary 
would have had to be essentially parallel to the large 


(d) (e) 


VOLUME 212, DECEMBER 1958-823 


2 
ins 
re 
m 
0 
n- 
al 
— 
(c) 
: 
| 
' 
OF 


Table |. X-Ray Study of Crystals Produced in the Solid State 
Mechanism of 
Growing the Average Penultimate Number and Description of 
Material Used Crystals Grain Diameter Crystals Examined Results of X-ray Examination 
Al-2S Inhibition de- 0.032 mm 25 crystals were examined Schulz patterns showed com- 
pendent coar- from Lot A. They had a thick- plete freedom from imperfec- 
sening ness of 0.02 in. and the area tions, such as low-angle bound- 
of the coarse grains varied aries, or localized disorienta- 
from 0.02 sq in. to 0.75 sq in. tions, etc. The characteri stic 
5 crystals were surrounded on lines present in some of the 
all sides by fine polycrystal- reflections were sharp. The re- 
line matrix. 5 crystals of a flections had uniform intensity. 
thickngss of 0.045 in. and There were, however, a large 
areas from 1 sq in. to 0.5 sq number of unabsorbed matrix 
in. were examined on all six crystals. The 5 crystals with a 
sides. thickness of 0.04 in. were ex- 
amined on all sides (i.e., 2 
flat surfaces and 4 edges) and 
were found to have no low-angle 
boundaries, or localized dis- c 
orientations. g 
Cu-electrolytic Texture de- 0.05 mm 22 crystals of a thickness of Schulz patterns showed no im- b 
tough pitch. pendent coar- 0.012 in. and areas from 0.01 perfections, such as low-angle Ww 
sening sq in. to 0.25 sq in. were stu- boundaries. The degree of n 
died. 8 of the crystals were perfection is just as high as 7 
surrounded on all sides by fine that of the coarse crystals of 
grained polycrystalline matrix. 2S aluminum. However, there Cc 
4 of the specimens were com- were no unabsorbed matrix oO 
pletely converted to single crystals incorporated in the 
crystals. coarse grains. 
Al-2S Strain anneal 0.032 mm 20 crystals of 0.02 in. thick- Crystals had a high degree of ‘ 
ness with areas varying from perfection and were devoid of 
about 0.025 sq in. to 0.5 sq in. low-angle boundaries. The de- 
5 of the crystals were sur- formed matrix crystals, when re 
rounded on all sides by de- present, appeared in the Schulz t 
formed matrix crystals. patterns as continuous smears, | 
without any detectable sub- t 
structure. e 
Al-high purity Strain anneal 1.5 mm (Lot A) 75 crystals with area varying 9 of the crystals showed evi- I 
from 0.025 sq in. to 0.25 sq in. dence of subboundaries. The Ss 
were examined. 6 crystals were disorientation varied from about 1 
surrounded on all sides by de- 1.5 to 6 min. Generally the crys- ( 
formed matrix grains. tals were not so perfect as 
either the crystals of 2S Al S 
grown by the inhibition depend- a 
ent coarsening or 2S Al crys- s 
tals grown by strain annealing. 
Many showed “wavy lines” and C 
nununiform distribution of in- ¢ 
tensity. The characteristic I 
lines present in some of the 
reflections were not nearly as s 
sharp as those in coarse crys- ( 
tals and in strain-annealed | 
crystals of 2S Al. a 
Al-high purity Strain anneal 3.5 mm (Lot B) 22 crystals with area varying 6 of the crystals showed sub- 
from 0.09 sq in. to 0.25 sq in. boundaries with disorientation . 
3 of the grains were sur- varying from about 2 min to 30 ‘ 
rounded on all sides by de- min. Many of the crystals y 
formed matrix grains. were not so perfect as strain- 
annealed crystals of 2S Al, but I 
showed “wavy lines” in their i 
Schulz patterns. s 
t 
surface of the specimen. It was considered quite Schulz technique at any of the six faces of these \ 
unlikely that a low-angle boundary in each of the crystals. Since none of the coarse grains had a ‘ 
many specimens examined always had this orienta- low-angle boundary, as expected from the nuclea- t 
tion. However, in order to investigate the point tion mechanism suggested by Nielsen, it is very ‘ 
more decisively, five 2S aluminum crystals of a unlikely that the theory of “geometric coalescence” ‘ 
thickness of 0.045 in. were prepared and all six plays an important role in coarsening. f 
faces of each (2 flat faces and 4 edges) were ex- Examination by the Schulz method of more than ( 
amined by the Schulz method. Figs. 2a, b, c, d, and 20 crystals of 2S aluminum grown by the strain- { 
e show typical results. The results with all five anneal method did not reveal the presence of any ( 
crystals confirmed that there was no low-angle detectable imperfections, such as low-angle bound- ‘ 
boundary or local disorientation detectable by the aries or local disorientations. The perfection of the f 
TRANSACTIONS OF 1 
824~VOLUME 212, DECEMBER 1958 THE METALLURGICAL SOCIETY OF AIME 1 


Fig. 3—Schulz pat- 
tern of a high pu- 
rity Al crystal 
grown by strain- 
annealing. Clear 
evidence of low- 
angle boundary 
present. Other im- 
perfections indi- 
cated by “wavy 
lines.” 


crystals obtained was similar to that of crystals 
grown by the coarsening method. Since low-angle 
boundaries of a disorientation of even 2 min of arc 
would have been easily detected by the Schulz tech- 
nique, these results do not confirm those of 
Tiedema,* who observed that strain-annealed 
crystals of commercial aluminum are composed 

of subgrains with disorientations of 10 to 20 min. of 
arc, and that the subboundaries were emanating 
from a “nuclear spot” in the center of the strain- 
annealed crystal. 

97 crystals of high purity aluminum were pro- 
duced by the strain-anneal (primary recrystalliza- 
tion) method and examined by means of the Schulz 
technique. In this case, 15 crystals showed clear 
evidence of the presence of subboundaries, Fig. 3. 
It was noted that the frequency of occurrence of 
strain-annealed crystals with subboundaries was 
larger in the case of a large penultimate grain size 
(average diam, 3.5 mm, Lot B) than in the case of a 
smaller penultimate grain size (1.5 mm average 
diam, Lot A). It is possible that the absence of such 
substructures in the strain-annealed 2S aluminum 
crystals may be correlated with the 50 to 100 times 
smaller penultimate grain size in this material. 
However, it should be emphasized that even in the 
specimens with the largest penultimate grain size 
(high purity aluminum, Lot B) most of the strain- 
annealed crystals had no subboundaries. 

Among strain-annealed crystals grown in 2S alu- 
minum specimens, the absence of observations of 
“nuclear spots” might possibly be attributed to the 
very small penultimate grain size, which should 
make the retainment of one of the deformed grains 
inside a large strain-annealed grain difficult to ob- 
serve. However, the “nuclear spot” should cer- 
tainly be detectable if it occurred in the center of 
strain-annealed crystals of high purity aluminum 
with a large penultimate grain size. Since “nuclear 
spots” were actually not observed, it was considered 
that the strained grain, which nucleated a certain 
strain-annealed grain, and was therefore not ab- 
sorbed by it (low boundary-mobility because of 
great similarity in orientation) may have been lo- 
cated at the periphery, rather than at the center of 
the strain-annealed grain. In such a situation the 
deformed grain which served as nucleus may be ab- 
sorbed by one of the neighboring strain-annealed 
grains with a widely different orientation. In order 
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to test this hypothesis, nine strain-annealed crystals 
were prepared in large-grained high purity alumi- 
num specimens in such a way that they did not im- 
pinge on each other, but were surrounded on all 
sides by deformed matrix grains. In only one of 
these strain-annealed crystals was the presence of 
an original deformed grain near its center, and the 
presence of at least one subboundary emanating 
from this deformed grain observed. Documentation 
is given in Figs. 4, 5, and 6. In no case was there a 
deformed grain with nearly the same orientation 
found at the periphery of a strain-annealed crystal. 
For this reason, the nucleation of recrystallized 
grains by the mechanism of strain-induced boundary 
migration” does not appear to be an important ef- 
fect under the conditions investigated in the present 
work. 

An interesting but little understood phenomenon 
in strain-annealed crystals of high purity aluminum 
is the relatively high incidence of local disorienta- 
tions characterized by what has been described® as 
“wavy lines” in the Schulz patterns, Fig. 7. In spec- 
imens having more than one strain-annealed grain, 
certain ones of these showed the type of distortion 
giving rise to “wavy lines,” while others were of a 


Fig. 4—Macrograph of a partially recrystallized high pu- 
rity aluminum specimen. Large strain-annealed grain 
(light) surrounded on all sides by cold-worked matrix 
grains. The specimen was very deeply etched prior to the 
final annealing treatment and the penultimate grain bound- 
aries are still seen in the macrograph. Laue patterns 
were taken at the site of each penultimate grain within the 
boundaries of the large strain-annealed grain. 
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Fig. 5—Laue pattern of strain-annealed high purity alumi- 
num crystal (shown in Fig. 4) taken in an area originally 
occupied by penultimate grains Nos. 2 and 3 (Fig. 4). The 
pattern shows the presence of two grains of nearly the 
same orientation, one with considerable strain (“nuclear 
spot”) and the other relatively strain free. 


high degree of perfection. The coexistence of both 
types of crystals in the same specimen, as well as 
the fact that a large number of highly perfect single 
crystals were obtained by the inhibition-dependent 
and texture-dependent coarsening mechanisms and 
successfully examined by the Schulz technique, 
without introducing detectable strains in handling, 
makes it rather unlikely that the observed “wavy 
lines” were a result of straining incurred during 
handling or during annealing. 


CONCLUSIONS 


1) The crystal perfection of coarse grains (sec- 
ondary crystals), as revealed by the Schulz tech- 


Fig. 7—Schultz pat- 
tern of a strain-an- 
nealed high purity 
aluminum crystal 
showing imperfec- 
tions (“wavy lines,” 
particularly visible 
near the character- 
istic lines). 
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Fig. 6—Laue pattern of the same crystal taken at the area 
originally occupied by the deformed penultimate grain 3 
(Fig. 4). Photograph shows relative absence of strain and 
the presence of a subboundary. 


nique, is of a very high order. No observable sub- 
boundaries or local disorientations are present, if 

the specimens are handled with sufficient care and 
if they are well supported by packing in a fine pow- 
der during the final grain growth anneal. 

2) The mechanism of nucleation proposed under 
the name of “geometric coalescence” is not likely 
to play an important role in coarsening. This is 
true of inhibition-dependent coarsening (2S alumi- 
num) as well as of texture-dependent coarsening 
(cube texture copper). 

3) The perfection of strain-annealed crystals 
grown in 2S aluminum is of a very high order, as 
far as it can be observed by the Schulz technique. 
This means that substructure and localized dis- 
orientations of 1 min. of arc, or more, are prac- 
tically absent. 

4) A large fraction of the strain-annealed crys- 
tals grown in high purity aluminum with penultimate 
grain sizes of 1.5 mm and 3.5 mm showed rather 
clearly detectable localized disorientations (“wavy 
lines”) in the Schulz pattern. A few of the strain- 
annealed crystals also had detectable low-angle 
boundaries, but only one in the 97 crystals examined 
was found to have a “nuclear spot.” 

5) The findings with strain-annealed 2S or high 
purity aluminum crystals do not furnish support for 
the hypothesis that the mechanism of nucleation is 
based on strain-induced boundary migration, at 
least under the conditions investigated. 
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X-Ray Analysis of Deformed Germanium, 


Gallium Antimonide, and Indium Antimonide 


Measurements were made of the diffracted X-ray peaks of plastically deformed ger- 
manium, gallium antimonide, and indium antimonide. In each case the material was 
worked at a temperature above its brittle-ductile transition in order to insure plastic 
deformation. An analysis of the line positions did not indicate the presence of stacking 
faults in these deformed materials which is in agreement with considerations of the 
energetics. A Fourier analysis of the {111}, {220}, {440}, and {444} peak shapes showed 
a small particle-size effect together with a pure strain distortion. The strains sustained 
by these materials were found to be several times smaller than those in similarly de- 
formed metals, did not vary appreciably with averaging distance and were found to be 


dependent on the covalent bond energy. 


C. Kolm, E. P. Warekois, and S. A. Kulin 


Mucu insight has been gained into the nature of 
the cold-worked state of metals in recent years 
through the use of modern X-ray techniques. These 
methods have revealed the existence of stacking 
faults together with regions of high internal strain 
and have provided means of measuring the atomic 
perturbations in plastically deformed metals. In 
view of the recent increased interest in the solid 
state, it is desirable to extend these techniques to 
the study of lattice imperfections introduced into 
semiconductors during plastic deformation. It is 
of particular interest to compare the state of im- 
perfection sustained by metallic bonding with that 
sustained by the covalent bonding found in semi- 
conductors. A knowledge of the imperfections which 
can exist in semiconductors is important from both 
a theoretical and a practical point of view since they 
can greatly influence many of the physical properties. 
In order to determine the possible existence of 


C. KOLM and E. P. WAREKOIS are associated with Lincoln Labo- 
ratory, Massachusetts Institute of Technology, Lexington, Mass. S. A. 
KULIN, Associate Member AIME, formerly with Lincoln Laboratory, is 
presently associated with Manufacturing Laboratories, Phymet Division, 
Cambridge, Mass. 

Manuscript submitted March 11, 1958. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


stacking faults in covalently bonded structures, pre- 
cise measurements were made of the diffracted 
peak positions of plastically deformed germanium, 
gallium antimonide, and indium antimonide. These 
measurements were based on the theoretical treat- 
ment of Paterson’ and are similar to those em- 
ployed by Warren and Warekois’ in their studies 
of deformed a brass. In addition, diffraction peak 
profiles were measured on the annealed and plas- 
tically deformed materials in order to obtain in- 
formation concerning the distribution of internal 
strains through the use of the Fourier methods 
developed by Warren and Averbach.* 


EXPERIMENTAL PROCEDURES AND TECHNIQUES 


Because of the room-temperature brittleness of 
the semiconductors studied, it was necessary to 
plastically deform the materials at elevated tem- 
peratures. The brittle-ductile transition tempera- 
ture ranges of GaSb and InSb are sufficiently low to 
permit hot-filing operations. Therefore, high- 
purity, polycrystalline GaSb and InSb were filed in 
an argon atmosphere at 400° and 300°C, respec- 
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tively. Both the file and the sample were maintained 
at temperature in each case. Annealing of the filings 
was minimized by allowing them to fall into an ice- 
water bath. In order to avoid the excessive filing 
temperature needed in the case of germanium, this 
material was deformed by hot-rolling. Single crys- 
tal germanium was encased in a steel sandwich and 
was then reduced approximately 99 pct by rolling* 
at 500°C. 


*General Plate Co., Attleboro, Mass. 


In each case the annealed standards were obtained 
by grinding the material in a mortar and pestle at 
room temperature. It was found that no cold-work 
was introduced by this operation. Steel contamina- 
tion of the filings was eliminated by a magnetic 
separation. The filings were then screened to 325 
mesh, placed in standard Norelco diffractometer 
holders, and the profile of each diffraction peak was 
obtained by step-counting at suitable intervals 
through each reflection. Nickel-filtered copper ra- 
diation was used throughout. The peak position of 
each reflection was defined as the center of gravity 
and the relative peak positions were determined to 
within + 0.02 deg. 

Paterson’ has predicted powder-pattern line 


shifts in F.C.C. materials containing stacking faults. 


Recent experimental work®*® on several metals has 
confirmed these predictions. The treatment shows 
that those components of an {hkl} reflection of the 
form |h+ k +l|=3N 41, where N is an integer, will 
be broadened and the peak will be shifted to higher 
or lower Bragg angles, respectively, while the 
components of the form |h+% +1] = 3N will remain 
sharp and unshifted. 

By considering the diamond-cubic and zinc-blende 
structures as consisting of {111} double layers with 
slip occurring between such layers, stacking faults 
would produce peak shifts identical to those in 
F.C.C. structures. Fig. 1 depicts a deformation 
fault in the stacking sequence of {111}; double layers 
and Fig. 2 shows the effects of a deformation fault 
on the X-ray powder pattern. The latter figure 
shows both the number of components of each peak 
which remain sharp and unshifted and also the 
components which are shifted and broadened. It 


Fig. 1—Deforma- 
Aa tion fault model 
A, between {111} 
| double layers in. 

72 the diamond-cubic 
1 or zinc-blende 
structures. 
4 
2 2 
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|h+k+I|=3N, SHARP REFLECTION; 
|h+k+I|=3N41, BROAD REFLECTION SHIFTED TO +OR - ANGLES. 


Fig. 2—Influence of deformation faulting on line position. 


can be seen that shifts between the {531} and {533} 
peaks are the most definitive for stacking fault 
density determinations. 

Following the notation of Warren and Warekois,* 
a shift in the 26 position of any peak can be ex- 
pressed as: 


A (26°) = (+) tan @ cos” 270 V3 [1] 


where (+) denote shifts to higher and lower angles 
respectively; @ is the angle between B, and the 
vector (HB: + KB, + h,B,); B,, Bz, and B, are 

the reciprocal vectors of the hexagonal axes A,, 

Az, and A; obtained by a transformation of the cubic 
axes; A, and A, lie in the {111} plane and A, is per- 
pendicular to it, and h, is obtained from the Laue 
relationship h, = cos sin For germa- 
nium Kq. [1] becomes: 


(24533 — 26531). y — (24533 2651), =-Ta [2]. 


where a is the stacking fault probability. If a meas- 
urable shift of 0.02° were to occur between the {531} 
and the {533} peaks of germanium, the limit of de- 
tection would be about one stacking fault in every 
350 double layers which corresponds to one fault in 
every 1200A, 

It has been shown® that the peak shape of an {00/} 
reflection from a cold-worked sample containing 
both distortion and particle size broadening can be 
represented by 


P(29) = KN2Z,C, exp [ [3] 


where h, = (2a, sin 6)/A, and a, is the appropriate 
cell size in each direction. The values C,,(/) are 
obtained by taking the ratio of the two coefficients, 
Cn(l)c.w./Cn(l) ann., according to the method of 
Stokes.” If the broadening of the diffracted peaks 
is symmetrical, moreover, the complex component 
of C,(l) = A,(l) + 1B,(l) can be neglected and 


P(29) ~ KN (1) cos 2anh, [4] 


The broadening contained in the coefficient A,, (/) 
consists of two parts; one part due to particle size, 
the other part due to strain or distortion; and is 
expressed as the product of the two: 


A,(l) = An? A,” (I) [5] 


The two effects have been shown to be separable® 
since the particle size broadening is independent 
of order, whereas the distortion broadening depends 
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on the order of the reflection. Using the approxi- 
mation cos x = exp (-x*/2) for small x, the distor- 
tion coefficients, 

A,P(lo) = cos <AL>/a, [6] 


can be expressed as 


Ay? (1,) = exp [-217 1,” <AL*>/a,’| [7] 
where 1,” +k* anda, is the lattice 
parameter. 

Thus 

= + nA; (Io) [8] 
(lo) = — 207 1,” <AL?>/ag" [9] 


and a plot of InAj,(1,) vs /, * for various L values 
will yield nA; as intercepts on the ordinate and 
- (21° <AL’>)/a,’ as the slopes from which the 
average rms strain components (<AL?>/L”)* 
can be calculated. 


RESULTS AND DISCUSSION 


The positions of the centers of gravities and the 
relative positions of neighboring peaks are given in 
Table I for several {hkl} reflections of Ge, GaSb, and 
InSb. It is seen that the shifts observed are neither 
large enough nor always in the predicted directions 


(indicated by + or —) to confirm the presence of any 
stacking faults in these materials. Since the slip 
system in these structures is {111} <110> with slip 
occurring between sets of double layers, a stacking 
fault, or partial slip, would require breaking 50 pct 
of the tetravalent bonds (those normal to the {111} 
plane) and reforming them at approximately 45 deg. 
Using this model of partial slip, a stacking fault be- 
tween.double layers would possess an energy of ap- 
proximately 7, the latent heat of melting. Using the 
values, 7,600; 6,360°°, and 5,600°° cal per mole for 
the heats of fusion, corresponding energies of 100, 
70, and 50 ergs per sq cm would be required for the 
presence of stacking faults in Ge, GaSb, and InSb, 
respectively. For a deformation fault to be present 
in a cold-worked material, there must be a cor- 
responding amount of stored energy. Thus the 
elastic stored energy, 


=" <e>°E [10] 
becomes 
= <e,>°E [11] 


since the average rms strain component, (<e 
normal to the diffracting planes is related to the 
average strain, <e€ > by a factor of v3 3 due to the 
averaging process." Using <e;>° = 107° and 
E=2*%X10~ dynes per sqcm, one finds that the 


Table |. Center of Gravities of Diffracted Peak Positions of 99 Pct Reduced Ge, Filed and Quenched GaSb, and Filed and Quenched InSb 


Ge Reduced 99 Pct at 500°C 


C. G.* of C. G.* of Cold- Relative 3 res 
Reflection Annealed Material Worked Material C. G. Annealed Worked 
{333} 89.89 89.90 17-31 17.29 - 
{440} 100.62 100.60 58 16.59 + 
{531} 107.20 107.19 19-21 19.22 
{533} 126.41 
GaSb Filed and Quenched (400°C) 
{111} 25.08 25.04 Ajo0-111 = 16-64 16.67 + 
{220} 41.72 41.81 440-220 = 49-40 49.25 + 
{333} 81.94 81.90 A333-220 = 40-22 40.09 + 
{440} 91.12 91.06 551 5.51- 
{531} 96.63 96.57 9-38 9,38 - 
{620} 105.98 105.95 15. 13- 
{533} 111.79 111.70 
InSb Filed and Quenched (300°C) 

{111} 23.54 23.51 
{220} 39.12 39.09 As20-440 = 17-49 17.50+ 
{400} 56.61 56.59 Ajooe3317 5:65 5.66+ 
{331} 62. 26 62.25 A334-333 7 13-89 13.89- 
{333} 76.15 76.14 8-25 8.22- 
{440} 84.40 84.36 7 487 4.90+ 
{531} 89.27 89.26 \531-620 = 8.14 8.12+ 
{620} 97.41 97.38 


*(2@°) Center of gravity position of reflection. 
**(+) Direction of shift in agreement with theoretical prediction. 
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_ Fig. 3—Fourier coefficients 4, vs L corrected for instru- 
mental broadening for deformed Ge, GaSb, and InSb. 


stored energy is approximately 3 x 10° dynes per 
sq cm. This energy would correspond to a maxi- 
mum of one stacking fault in every 3,000, 2,000, and 
1,500A in Ge, GaSb, and InSb, respectively, by using 
the stacking fault energies calculated above. Thus, 
the energetics are consistent with the fact that the 
particle sizes measured in the <111> direction were 
all smaller than these values and that no peak shifts 
“were observed in these deformed materials. This 
is also in agreement with Seitz’s” postulation that 
no partial dislocations are formed in these struc- 
tures since the valence bonds normal to the {111} 
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planes would be broken and left unformed. 

Since it was found that essentially no stacking 
faults exist in these deformed materials, all of the 
line broadening can be attributed to particle size 
and internal strains. The Fourier coefficients 
corrected for instrumental broadening are shown 
in Fig. 3 for plastically deformed Ge, GaSb, and 
InSb. These coefficients are plotted as a function 
of distance in the crystal, L, for various crystal- 
lographic reflections. In order to obtain the particle- 
size contribution to the broadening, the values of: 

In [A,(1,)] were plotted against J, as shown in Fig. 4. 
The intercepts on the ordinate of this figure yield 
values of A,’ which are given in Fig. 5. The strain 
coefficients, A,” , which were obtained by separat- 
ing the particle-size broadening from the total 
broadening are plotted in Fig. 6. It should be noted 
that the data in some instances were calculated 

from the smoothed curves of Fig. 3. 

It is immediately evident from the coefficients in 
Fig. 4 that the broadening sustained by these de- 
formed semiconductors is much less than that found 
in metals,** and is comparable to the partially an- 
nealed state of a brass as determined by Warren 
and Warekois.” This can be attributed to the high 
covalent binding energies which do not allow large 
atomic displacements. Due to the low magnitude of 
the broadening, the coefficients A, (J,) are not sig- 
nificant at values of L beyond about 200A. Never- 
theless, enough broadening is present to yield sig- 
nificant information about the state of internal strain 
in these materials. 

The magnitude of the particle-size coefficients, 
Fig. 5, indicates a small contribution to the total 
broadening. This means that the size of the co- 
herently diffracting domains is quite large in these 
worked materials. It has been shown®’’® that if the 
particle-size coefficients, A,” , are plotted vs L, 
the intercept of the initial slope (other than zero) 
on the abscissa yields the average size of the co- 
herently diffracting domains normal to the dif- 
fracting planes. The average particle size found 
in this manner for the <111> and <110> directions 
in Ge, GaSb, and InSb are given in Table II. It 
should be borne in mind that these are only approx- 
imate values since the coefficients do not vary much 
from unity. By annealing some of the deformed ma- 
terial at the working temperature, it was found that 
these particle sizes were not due to fragmentation 
in the ordinary sense of the word since the particle 
sizes increased upon annealing and, correspondingly, 
the strain present decreased. Since the annealing 
took place at temperatures well below the grain 
growth region, the size of the coherently diffracting 
domains is determined by the separation of disloca- 
tions in the direction in question. 

The values given in Table II indicate that the 
average size of the coherently diffracting domain 
is larger in the <111> than in the <110> direction 
for each of:the materials studied. The expected 
L guy /L <110> ratio depends on the geometrical 
shape of the domains. On the basis of a {111} <110> 
slip system one can assume an equilateral hexa- 
hedron shape, which would yield a ratio of 1.64. 

The data indicate that the latter may be true but 
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does not permit a quantitative verification of the crease in (<é > )% at large L as seen in Fig. 7. 
predicated ratio. With the exception of the decrease in the strain in 
From the strain coefficients of Fig. 6 it is seen germanium at small averaging distances, GaSb and 
that the InSb contains more strain than either the Ge indicate relatively constant strain values 
GaSb or the Ge. This is again manifested in the throughout the deformed material. This decrease 
a curves for the average rms strain components vs at low L in Ge is not greatly significant, however, 
distance as depicted in Fig. 7. Of particular im- since almost equal coefficients were subtracted to 
portance is the magnitude of the strains sustained obtain these values. Ge and GaSb thus indicate the 
in these materials in relationship to the type and presence of either widely spaced centers of high 
y, magnitude of the bonding in the semiconductor. The strain or of closely spaced strain centers of low 


magnitude of the strains in Ge, GaSb, and InSb at 
50A are given in Table III for the <111> and <110> 


directions together with the corresponding covalent 


energy gap. 
From the curve of the rms strain as a function of 


averaging distance, it is seen that only InSb exhibits 
a marked increase in the strain values for small 
averaging distances as in the case of metals. The 
nonuniformity in the InSb strain distribution is 
probably due to an inhomogeneous distribution of 


magnitude. In view of the large particle sizes found 
in these experiments and, consequently, the large 
distances between dislocations, a low density of 
highly strained regions is the best model of the 
deformed state of Ge and GaSb. It is of particular 
interest to note that the strains introduced by plastic 
deformation extend over appreciable distances 


Table Il. Particle Sizes in the <111> and <110> Directions 


. strain centers with the higher strains being present = — _ 
in the smaller particles. As the strain is averaged isis: (A) 1250 1200 960 
over larger distances, therefore, the contributions "Di (A) 600 280 650 

<110> 


from the smaller particles drop out causing the de- 
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Fig. 5—Fourier coefficients AP vs L for the <111> and 
<110> directions for Ge, GaSb, and InSb. 


Fig. 6—Fourier 
coefficients AP vs 
L for the {111}, 


{440}, and 


444} reflections of 
Ge, GaSb, and InSb. 


L(A) 


(>200A) in these semiconductors in spite of the low 
magnitude of the strains. 

Fig. 8 shows that the elastic strains which semi- 
conducting materials can sustain increase as the 
covalent bond energy decreases. This may be ex- 
pected since the covalent bonds are the highly di- 
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Fig. 7—Root-mean-square averaged strain (<e, >?)!/2 vs 
L for the <111> and <110> directions in Ge, GaSb, and 
InSb. 


rectional tetravalent bonds in the <111> directions, 
the strength of which determine the interplanar {111} 
spacing. In other words, the greater the covalent 
bond strength the closer the {111} spacing and the 
less the possibility of sustaining atomic displace- 
ments. The fact that GaSb and Ge have comparable 
energy gaps might lead one to expect that these 
materials would be able to sustain approximately 
equal strains. It has been postulated, ** however, 
that GaSb contains a large contribution due to ionic 
bonding. When this factor is taken into account, the 
data in Fig. 8 is seen to be consistent. 

It should be noted that the germanium was rolled 
while both the GaSb and the InSb were filed. In spite 
of the less severe method of deformation in Ge, the 
shape of the curves in Fig. 8 indicates that the 


Table Ill. Average Root-Mean-Square Strain at 50 A in Ge, 


GaSb, and InSb 
2% 2 
Material (<€ 59> <1 10> (<& o> (AEG) -ovalent 
Ge 0.97 x 107° 0.84 x 1079 0.71 
GaSb 1.74 x 1073 1.38 x 1079 0.29 
InSb 2.96 x 1073 2.2 x 1073 0.08 
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Fig. 8—Root-mean-square averaged strain (<e€, >*) 1/2 vs 
the covalent energy gap for the <111> and <110> direc- 
tion at L = 50A for cold-worked Ge, GaSb, and InSb. 


maximum amount of work which this lattice can 
sustain has been introduced. If this were not the 
case, the strain in the worked Ge would be expected 
to be at much lower values than those observed. 


CONCLUSIONS 


The results of this investigation can be sum- 
marized in the following manner: 


1) No stacking faults were found in deformed 
Ge, GaSb, and InSb. This is in agreement with the 
calculated stacking fault energies in semiconductors 
which have appreciable covalent bond strength. 

2) The deformed semiconductors were not found 
to sustain the high residual elastic strains charac- 
teristic of comparably cold-worked metals. 

3) As compared with metals, the rms strains are 
relatively uniform with averaging distance in the 
deformed crystals. 

4) The magnitude of the rms strains was found 
to depend on the covalent bond strength. 

5) The strains are consistent with the known 
elastic constants and extend over considerable dis- 
tances in these worked semiconductors. 

6) The data indicate that widely spaced dis- 
locations are a reasonable model of the cold-worked 
state of these semiconductors. 
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Contribution to the Theory of 


Inverse Segregation 


On the basis of the volume contraction and interdendritic flow mechanism of inverse 
segregation the concentration distribution in a unidirectionally cooled ingot of binary 
eutectic constitution is calculated. The result shows good quantitative agreement with 
recent experiments on aluminum-coppeyr alloys. 


J. S. Kirkaldy and W. V. Youdelis 


Tue occurrence of concentration distributions in 
rapidly cooled castings with gradients of opposite 
sign to those expected on the basis of the constitu- 
tion diagram and diffusion controlled kinetics, has 
long interested metallurgists. The work on inverse 
segregation to 1937 has been adequately reviewed 
by Vaughan,’ and to 1949 by Pell-Walpole.* The 
general conclusion for unidirectional solidification, 
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that the enrichment of the initially solidifying re- 
gions with lower melting point compositions is due 
to the flow-back along interdendritic channels of 
normally segregated residual liquid, has a very 
sound experimental basis. Perhaps the best ex- 
perimental work and the most complete qualitative 
description of the process has been given by Adams. ° 
The authors accordingly assume the reader’s un- 
derstanding of the content of this paper. 

It appears that one of the principal deterrents to 
the complete understanding of the process has been 
the lack of an analytical description. Although a 
number of workers including Masing,*° Sauerwald,’ 
and Adams®* have attempted quantitative predictions, 
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Scheil® was the first to derive precise analytical 
expressions which can be cliecked by experiment. 
He developed an expression for the maximum seg- 
regation at the chill face as a function of alloy 
composition and reported good order of magnitude 
agreement with the experiments. In the present 
study, Scheil’s equations are extended to predict 
not only the maximum segregation, but also the po- 
sitional variation of the segregation in a unidirec- 
tionally solidified ingot. 


MODEL OF THE SOLIDIFICATION PROCESS 


We will consider solidification to proceed as 
shown schematically in Fig. 1. Here the ingot is 
chilled from the bottom so that solidification pro- 
ceeds in the vertical direction only. The projec- 
tions may be taken as representing the volume 
distribution between solid and liquid, but not the 
detailed dendrite structure. 

The following conditions are required to validate 
and assist the calculation: 

1) No surface exudation occurs. 

2) Gas levels are low and flow-back due to solid- 
ification contraction* is unrestricted so that no 

*This includes change in volume due to phase and temperature 
change. 
shrinkage porosity occurs. 

3) Very close to equilibrium conditions exist 
locally at the solid-liquid interface (negligible 
supercooling). 

4) Time of solidification is short enough, average 
liquid concentration gradients in the growth direc- 
tion are smail enough, and the diffusion paths are 
sufficiently restricted by the tortuous interdendritic 
network to prevent appreciable diffusion along the 
growth direction towards the hot end of the ingot. 
This condition is invalid near the top of the ingot at 
the end of solidification since the concentration 
gradients in the growth direction rise rapidly to 
high values. 

5) The solid diffusion coefficient is relatively 
small enough that essentially complete coring oc- 
curs in the primary crystals while the liquid diffu- 
sion coefficient is relatively large enough that local 
equilibrium exists between the interdendritic liquid 
and the immediately adjacent solid interfaces. The 
segregation calculations of Smith, Tiller, and 
Rutter® for a flat interface have been applied with 
appropriate modifications to a representative 
interdendritic interface and these indicate that the 
conditions are met in the aluminum-copper system 
which is examined experimentally in the present 
work. If any interdendritic convection exists (which 
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is very doubtful), it would only tend to enhance the 
local homogenization of the liquid. 

6) The distribution of liquid and solid mass 
throughout the ingot is known for all times from 
direct measurements or heat-transfer calculations 
and it can be expressed for each position in the ingot 
as an explicit function of the liquid mass per unit 
length at this position. 

For the calculation we require a detailed knowl- 
edge of the specific volumes of the liquid and solid 
alloys. Sauerwald*® has collected such data for a 
number of systems and his curves for the aluminum- 
copper system are reproduced in Fig. 2 along with 
the appropriate section of the equilibrium diagram 
for reference in the later calculations. 


THE DIFFERENTIAL EQUATIONS 


Figs. 3 and 4 show respectively the constitution 
diagram of a representative eutectic alloy and a de- 
tailed schematic section of the mixed zone in the 
ingot. These help to define the symbols listed be- 
low (mainly after Scheil® ): 


V — representative incremental volume 
per unit length of ingot 


0:40 


Fig. 2—Constitu- 
tion diagram and 
specific volume 
vs temperature 
diagram for alu- 
minum -copper 
alloys (after 
Sauerwald!®). 
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Fig. 3—Constitution diagram of a typical binary eutectic 
alloy. 


Us — specific volume of liquid 
(s—Schmeltz) 

VU, — specific volume of solid 
(k—Krystall) 

UsE — specific volume of eutectic liquid 

Ugg — specific volume of eutectic solid 

ay Ug — Volume ratio eutectic solid to liquid 

My — initial mass of liquid per unit 
length (included in volume V) 

m * — mass of liquid per unit length 


*Our unbarred symbols correspond to Scheil’s barred ones, e.g., 
ms = Ms. 


mM, — mass of solid per unit length 

M se — mass of liquid per unit length 
when eutectic concentration 
C,, is just attained 


ME — mass of solid per unit length when 
concentration c,, is just attained 

Co — initial liquid solute concentration 
(mass fraction) 

C — mean solute concentration at any 


position in the solidified ingot 
Ac = C— Cy, — the segregation 


+, — equilibrium solute concentration 
in the liquid 

Cy — equilibrium solute concentration 
in the solid (exists at interface 
only) 

Csr — solute concentration in the liquid 
at eutectic temperature 

Cyr — solute concentration at the solid 
interface at eutectic temperature 

C,, — mean solute concentration of cored 
primary crystals 

Cre — mean solute concentration in the 
cored primary crystals at 
eutectic temperature 

R — final length of ingot 

L — location of volume V relative to 
chill face 

L, — maximum length of mixed zone in 
contact with chill face 

L, — maximum length of mixed zone in 


contact with ingot top 
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where all the symbols are defined above. To evalu- 
ate this, the relationships between the concentra- 
tions and solid and liquid masses at the point of 
interest L must be evaluated and integration be 
carried out over the final solid-solute distribution 
to obtain the mean primary-solid concentration C,,,. 

Now in view of condition 5, the representative 
volume V, see Fig. 4(a), is related to the constitu- 
ent masses by 


0 


On the assumption of complete flow-back on solidi- 
fication (no pore formation) we can write: 


/ 


LIQUID 


(a) 


DIST ANCE___, 


(b) 
Fig. 4—Detail of solid-liquid distribution in the mixed 
zone (a) morphology (+) schematic liquid concentration 
distribution. The only significant feature of this curve is 
that it is monatonically decreasing with distance. 
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dV = 0= dm, + Us dmg, + Ms, dus [3] 


where the v’s are explicit functions of the concen- 
trations, Fig. 2. Rearranging we obtain 


dmg, = -adm, [4] 
where 

dv 


In the integration of [4], 2 can be assumed to be 
either a constant or an appropriate step function, 
depending on the accuracy required. Both proce- 
dures are used in the calculations presented in a 
later section. 

Next we consider, with the help of Fig. 4, the 
solute mass balance for incremental solidification 
that occurs within the incremental volume V. 

This is 


dS 
6 
s 
valid at a fixed position L. In this relation we 
equate the negative change of solute mass in the 
liquid to the increase in solute mass in the solid 
minus the solute in the liquid transported into V by 
contraction in V (a term for contraction with phase 
change,* a term for liquid specific-volume change, 
*Since for the aluminum-copper alloys v,—v, is negative over most 
of the solidification range, an expansion rather than a contraction 
occurs at the solid-liquid interface. The net contraction observed is 


therefore due to the decrese in liquid specific volume with temperature 
as indicated by the second term in the bracket. 


-d(m,c,) = cy, dm, - 


and a negligible term for solid contraction following 
freezing, which has been omitted) plus the solute 
transported out of V by contraction in all regions of 
the interdendritic channel inside position L. In the 
latter term dc//dL is the mean liquid concentra- 
tion gradient in the direction of dendrite growth at 
position L, see Fig. 4(b). dS is the inward flow 
distance past point L due to contraction in inner 


Solid 
dt | 
dm, 
| = 
dmi:d 
* 
Liquid 


L 


Fig. 5—Schematic liquid mass distribution near the chill 
face showing an incremental growth step. 
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regions corresponding to a change dm,. 

Fig. 5 shows a schematic plot of the interdendritic 
liquid mass per unit length m” as a function of dis- 
tance in the growth direction at a position near the 
chill face. The incremental change in liquid mass 
inside point L is shown corresponding to a change 
dm, at point L. If we define dL = aL correspond- 
ing to dm, as indicated in Fig. 5 then 


acl = -dc, +( dL= -—dc, [7] 
The approximation, dc’ = -—dc, is a very accurate 


one since it can be demonstrated by the integration 
of [6] for cs(ms, L) that 


Eq. [6] with the help of [4] and the approximation 
to [7] can now be simplified to 


dm, _ _-adc, a 


[8] 


where a is given by Eq. [5]. 

To evaluate the factor dS/dL we must set up the 
balance between the volume flowing inward past 
point L and the volume contraction at inner points. 
With the help of Fig. 5 and Eqs. [3] and [4] this is 


m, dS = -aL {wy dm + dL [mg dv" 


the integration being performed along the line m£ in 
Fig. 5 from point m, to the point m®* at the chill 
face in the early stages of solidification or to the 
point m ” = 0 in all other cases. 

The integral on the right-hand side can be trans- 
formed to 


* 
ms 


1-a') dm? 
at {vg am; 


where integration is now to be carried out at con- 
stant L. The factor which transforms v, (1 - @)/a 
from the double-primed to the primed system has 
been taken equal to unity since the latter varies 
negligibly with L at constant m,. dm"/dm!,a 
function of ™!, is a geometrical factor relating the 
mass increment in the primed system to that in the 
unprimed system. It will be less than unity when 
the mixed zone is expanding as in Fig. 5 and greater 
than unity when the zone is contracting as in the 
final stages of solidification. 

Eq. [9], therefore, gives the required quantity 
dS/dL and the integro-differential equation is 


[10] 
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Fig. 6—Experimental and theoretical positional segregation 
curves for a fast-cooled, 4.70 pet Cu, Al-Cu ingot. 


where 
ms 
1 , (l-a@') dmg 
K=a ak fos dm é [11] 


ms 


For conditions showing no volume contraction, 

K =a = 1, and there is zero segregation throughout. 
This can, of course, be demonstrated explicitly by 
integration of [10] to obtain Ac. Cases for which 

K > 1 throughout the range of solidification give 
negative segregation (since ldc, /dm, lis less than 
for K = 1), while those for K < 1 give positive 
segregation. With these facts in mind we can pre- 
dict qualitatively the segregation along the ingot 
directly from [10] and [11]. 

First, at the chill face, m* =m, so that K =a, 
which for alloys showing volume contraction, is 
less than unity corresponding to positive segrega- 
tion. Eq. [10] with K =a is identical with that 
derived and used by Scheil® to calculate the maxi- 
mum segregation. As we proceed away from the 
chill face, m* — 0 and K — 1 so that the segrega- 
tion decreases rapidly. If steady-state solidification 
were to be obtained after a certain time, we know 
that the segregation would vanish since there can 
be no net accumulation of solute in the mixed zone. 
This is not clearly apparent from [10] in general, 
but for the special case where v! anda’ are con- 
stants (for steady state dm"/dm! = 1), K = 1 as re- 
quired to give zero segregation. More generally, in 
the central regions of the ingot, the mixed zone will 
continue to grow since the temperature gradients 
decrease. Thus dm"/dm! < 1andK < 1so the 
positive segregation will persist until the mixed 
zone meets the end of the ingot. At this point the 
zone starts to contract, dm”/dm{ becomes > 1 and 
the segregation curve tends toward negative values. 
Our experimental curves of Figs. [6] and [7] show 
clearly these qualitative features. The next step is 
to attempt quantitative predictions. 


CALCULATION OF THE SEGREGATION 


Scheil® has performed the integration of Eqs. [4] 
and [10] for the case of maximum segregation 
(K = a), so we will not repeat it here. We note, 
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Fig. 7—Experimental and theoretical positional segregation 
curves for a fast-cooled, 9.09 pct Cu, Al-Cu ingot. 


however, with Scheil that in this case [5] and [10] 
can be combined to give 


(Cs- Cx) dvs [5a] 


which can be evaluated explicitly as a function of c, 
with the help of Fig. 2. The integration of [4] and 
[10] can accordingly be performed analytically using 
an appropriate step function in c, to approximate a. 
Using this procedure, Scheil’s calculation of the 
maximum segregation in aluminum-copper ingots 
as a function of copper content from 0 to 33 pct has 
been checked. His results are reproduced as Fig. 8 
along with the experimental results to be discussed 
later. 

For the calculation of the segregation at inner 
points of the ingot it is necessary to make some 
approximations in the evaluation of the integral 
involved in the factor K (Eq. [11]). We shall ac- 
cordingly assume vZ and a’to be constants. For 
aluminum-copper, @’ is in fact quite constant while 
vi varies on the order of 20 pct in the range of in- 
tegration. This latter might be expected to lead to 
an error of 5 to 10 pct in the segregation calculated 
with a constant v. 

It is necessary next to specify a model for the 
distribution of liquid mass in the mixed zone. A 
fairly realistic one corresponds to Fig. 1. In more 
detail, Fig. 9 shows several assumed liquid-mass 
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Fig. 8—Experimental and theoretical curves of maximum 
segregation vs alloy composition (after Scheil’), 
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Fig. 9—Liquid-mass distribution curves in the model ingot 
for representative times during the solidification. 


distributions in the mixed zone for representative 
times. This configuration can be described math- 
ematically in terms of the two parameters, L , and 
L,, being the maximum lengths of mixed zone in 
contact with the chill face and top of the ingot re- 
spectively. These quantities may be determined 
experimentally or calculated from the phase dia- 
gram and heat-transfer data. The liquid-mass 
distribution is assumed to be linear with L in all 
cases and the slope of the distributions for 

L< R- L, are determined by the requirement that 
they pass through the intersection of the two contact 
distributions (lines ab and cd on Fig. 9). This 
latter, while specified for mathematical convenience, 
is quite realistic. For L >R —- L., the slopes of the 
linear distributions are determined by contact of 

the mixed zone with the ingot top. In terms of this 
model, K can now be evaluated for the various re- 
gions of the ingot as indicated in Appendix 1. 

In principle, Eq. [10] can be integrated directly 
using the variable values of K, appropriate to the 
various regions of the ingot (refer to Appendix 1). 
However, for simplicity, we approximate K, and K, 
by the arithmetic average for the interval of ap- 
plicability inm,. The K, used, on the other hand, 
is an appropriate weighted mean since it has a large 
curvature. 

As an example, the integration will be performed 
to obtain the segregation for a point L in the range 
0<L < L, and for the case R-L,>L,. With 
Scheil® we relate c, and c, by the approximate re- 
lation, c, - c, =A c,, whereA is a constant. First, 
integrating [4] and [10] to the limit m, = m,, 
=Lm,/L, gives 


the latter at the limit being 
K 


= or Csi = Co at [12] 


Then integrating to the eutectic composition, 


To evaluate the solute in the cored primary crystals 
we must first integrate 
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m, dc, 


(1 -A) 
aA 


d(m, Cy) = Ck dm, = 


to the limit c,, to obtain 


A-K, 
Ki /1-A c A 
my, Cy, = (a=) Mo Co 


and then to c,, to obtain 


Cye = My, Cy, 


[13] and [14] are the expressions required to evalu- 
ate Eq. [1] for Ac. In this, since we have assumed 
a constant throughout, we must be consistent and 
take a p= 4, 

The integrations in the other regions of the ingot 
are exactly analogous. 


COMPARISON WITH EXPERIMENT 


A number of aluminum-copper ingots of varying 
mean copper concentration were cast in a cylindri- 
cal refractory mold with a steel plate 0.125 in. thick 
as its base. The mold had dimensions 2.5 in. by 
1.6 in. diam. The inside of the mold and melting 
crucible was coated with alundum paste to prevent 
contamination of the super-purity aluminum (99.99 
pct), high-purity copper (99.95 pct) alloy. To as- 
sure complete flow-back and avoid porosity, the 
melt in the crucible was degassed with dry argon 
while it cooled to complete solid. It was then re- 
melted in an electric furnace without disturbing the 
surface oxide film, thereby assuring little reabsorp- 
tion of hydrogen. The melt was poured into the pre- 
heated mold and covered with a hot top. Just prior 
to chilling, the melts had about 40°C super-heat at 
the chill face. Two rates of cooling were obtained 
by means of either a water or a gaseous nitrogen 
jet directed onto the steel baseplate. 

The ingots were sampled by splitting them 
longitudinally into three sections with two wide 
saw-cuts, the swarf being preserved from the cuts 
for the determination of the mean concentration. 
The center section of the ingot served for metal- 
lographic studies while the others were sectioned 
on a lathe to obtain the segregation samples. 

Fig. 10 shows a typical macrostructure while 
Fig. 11 shows a micrograph of a representative 
chill face. The former demonstrates the expected 
unidirectional solidification with large well-formed 
vertical columnar crystals. All ingots showed this 
behavior and were relatively free from porosity. 
Most of the ingots were free from significant 
eutectic exudation which appears to be abetted by 
the reheating associated with a slight withdrawal 
of the ingot from the chill plate. Only ingots 2A, 
3A (see Fig. 11), and 3B required corrections for 
this excess surface eutectic. These corrections 
have been estimated from the amounts of exudation 
appearing in the micrographs and applied to the 
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Fig. 10—Macro- 
structure of 4.70 
pet fast-cooled 
ingot. X1. 


maximum segregation as indicated in Table I. A 
further correction has been applied to each meas- 
urement to account for the finite sample size. It 
is estimated that the corrected experimental seg- 
regation values of Table I are accurate to within 
15 pet. 

These results, along with points obtained by 
Adams and others compiled by Scheil, are plotted 
in Fig. 8. The estimated random errors due to 
analysis and sampling are shown on the new points. 
The experimental points for both the fast- and slow- 
cooled ingots agree very well with the theoretical 
ones. While it is evidently fortuitous, in view of 
our estimated accuracy, that nearly all the new 
points fall on the theoretical curve, it remains that 
the agreement is very significant. 

As noted above, two of the ingots (2A and 3A) were 
sampled and analyzed lengthwise to give the points 
of Figs. 6 and 7. The theoretical curve for the 4.70 
pet ingot, Fig. 6, was calculated using a = 0.940 
from Sauerwald’s data, Fig. 2, and the values 
L, =0.1lin., L, = 1.3 in., and R = 2.30 in. For the 
9.09 pct ingot the values @ = 0.940, L, = 0.30 in., 

L, = 2.00 in., and R = 2.25 in. were used. These 
L-values were obtained by trial to give the best fit 
to the points. We unfortunately did not measure the 
time-temperature distributions in the original seg- 
regation ingots but we have subsequently cast up 
auxiliary ingots under conditions similar to the 
originals, and from the thermal distributions and 


Fig. 11—Microstructure of chill face of 9.09 pct fast- 
cooled ingot. X340. 


the phase diagram, have determined L, and L,. 

For the new 4.70 pct ingot we obtained L, = 0.3 in. 
and L, = 2.0 in.; and for the 9.09 pct ingot, 

L, = 0.3 in. and L, = 2.1 in. In view of the ap- 
proximate nature of the model used in the calcula- 
tion of the segregation curves and the doubtful re- 
producibility of the thermal conditions in the solid- 
ification of the second set of ingots, no better 
agreement is to be expected between the two sets 

of L-values. However, irrespective of their precise 
values, it is very significant that the theory predicts 
in detail the qualitative features of the experimental 
curves, and in particular, the extensive regions of 
constant positive segregation occurring in the 
central regions of the ingots. This phenomenon is 

a direct result of the fact that L, is always greater 
than L,, or equivalently, that the temperature dis- 
tribution always has a negative curvature. 


DISC USSION 


The quantitative agreement between theory and 
experiment strongly supports the conclusion of 
Adams,* Scheil,® Kastner,“ and others, that 
volume contraction with flow-back of enriched 
interdendritic liquid accounts for the major part 
of the maximum observed inverse segregation in 


Table |. Mean Copper Analyses and Maximum Segregation for the Aluminum-Copper Ingots 


Ingot Chill Face Sample Maximum Segregation 
Exudation Sample Experi- 
Sample Mean Cu Thickness, Cu Correction Size mental Cu Theoreti- 
No.* Pct In. Pct Pct Correction Pet cal Cu Pct 

2A 4.70 0.05 $22 -0.08 0.10 0.44 0.43 
3A 9.09 0.08 9.53 -0.01 0.08 0.51 0.52 
4A 14.70 0.05 15.19 0.00 0.03 0.52 0.47 
5A 21.80 0.06 22.10 0.00 0.02 0.32 0.30 
6A 29.05 0.07 29.13 0.00 0.02 0.10 0.11 
3B 8.62 0.05 9.13 -0.02 0.04 0.53 0.52 


*A — fast cooled; B—slow cooled. 
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unidirectionally solidified aluminum-copper ingots. 
The present work shows, in addition, that this 
mechanism accounts for the details of the segrega- 
tion distribution. The same conclusions probably 
apply to all binary alloys of similar constitution 
exhibiting volume contraction. 

Inverse segregation in the form described here is 
often of less concern commercially than are the as- 
sociated phenomena of ‘‘exudation,’’ ‘‘sweating,’’ or 
‘*blebbing,’’ for in the latter, the surface 
tions attained are relatively very much higher.** 

In fact, the term ‘‘inverse segregation’’ is often re- 
served for these phenomena alone and the other less 
intense segregation is ignored. Nevertheless, the 
understanding of the volume contraction process 
contributes to the understanding of the others and 
will undoubtedly be a factor in the solution of the 
associated commercial problems. 


SUMMARY 


It has been demonstrated that volume contraction 
with flow-back of enriched residual melt along in- 
terdendritic channels accounts in detail for the in- 
verse segregation in unidirectionally solidified 
aluminum-copper ingots. The calculations show 
that the segregation, defined as the difference be- 
tween the local and average solute concentration, 
is a maximum at the chill face. This segregation 
generally reduces to a small constant positive value 
near the center of the ingot and finally reverses in 
sign near the hot end of the ingot to assure the con- 
servation of total solute. The chill face segregation 
as a function of the average solute concentration 
vanishes at the zero and eutectic concentrations and 
reaches a maximum at some point intermediate to 
these concentrations. The theory exhibits good 
qualitative and order of magnitude agreement with 
the measurements in all features, while showing 
quantitative agreement with the measured chill face 
segregation values. 


APPENDIX 1—CALCULATION OF THE K-VALUES 


The following relations are obtained by geomet- 
rical arguments from Fig. 9 and by the integration 
of Eq. [11]. 

If R - L, > L, then for region 


A Oc 
L dm" mi+4+m 
a) >m, > my, 
me xn 
l-a m 
+ m, x (1 - xn) 
[12] 
where 
Mg 
Ly 
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L _ mg + Mo x 


K,=a + (1 -a) [13] 


Ms + 


B) < L< R-L2,m,. >m, > 0, same as A) b) 


LOR 


> ~ R), same as A) b) 


m 
b) Te +L, - R)>m,> 0, 


K. =a + (1 [14] 
Ss 


Ifk — L, < L,, implying an overlap of L, andL,, 
then for the Lrange R-L,< L< L,; K,,Kz, and 
K,; must be used in the m, ranges 


respectively. The K values to be used in the other 
L ranges are the same as above. 
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b) 


Electrical Properties of Cu-Mn-Al-In-Fe and 


Cu-Mn-Al-In-Ni-Fe Alloys 


Empirical relationships between the composition and some of the electrical properties of 
Cu-Mn-Al-In-Fe and Cu-Mn-Al-In-Ni-Fe alloys have been established. These equations, based 
upon the electronic configurations of the alloying elements, describe the resistivity, temperature 
coefficient, and thermoelectric power of these alloys in the neighborhood of room temperature. 
Short-vange ordering is considered to explain the small discrepancy between the calculated and 
observed values for the resistivity and the scatter in the thermoelectric properties of the Cu-Mn- 
Al-In-Ni-Fe alloys. Calculations based upon the above relationships are correlated with the 


experimental data. 


D. D. Pollock and D. |. Finch 


Prev IOUS work’ on a four-component system (Cu- 
Mn-Ni- Fe) resulted in the development of consistent 
relationships between the chemical composition and 
the electrical properties of these manganin-type 
alloys. The present study was undertaken to develop 
alloys with temperature coefficients of resistivity 
and thermoelectric properties more desirable than 
those of the manganin type, and to determine 
whether the relationships which had been found for 
the Cu-Mn-Ni-Fe alloys could be extended to five- 
and six-component alloy systems. 


PREPARATION OF ALLOYS 


The five- and six-component alloys were made 
from OFHC copper rod, ARMCO iron, electrolytic 
nickel, manganese cathode chip, and special high- 
purity aluminum and indium. A Cu-Mg master was 
used for deoxidation. The compositions of these 
materials are given in Table I. The alloys were 
melted and cast as indicated previously,’ except 
that no cover was used and the melts were teemed. 


EXPERIMENTAL PROCEDURE 


The finished wire size of 0.0808 in. diam was 
again selected for the reason that the test speci- 
mens would be self-supporting, thus eliminating 
any extraneous effects which might have been intro- 
duced by winding smaller diameter wire on spools 
or forms. The following tests were performed on 
the finished wires: 

A) Chemical Analyses—All of the components of 
these alloys were determined by premium gravi- 
metric methods. The principle residual impurity 
contained in these alloys is 0.008 pct Mg (by weight), 
maximum. Tables II and III present the mean anal- 
yses computed from at least four determinations of 
each constituent. 


D. D. POLLOCK, Member AIME, is Chief of the Alloy Group, Re- 
search and Development Department, Leeds and Northrup Co. Phila- 
delphia, Pa. D. 1. FINCH, Member AIME, is Head of the Metallur- 
gical Section, Research and Development Department, Leeds and 
Northrup Co. 
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B) Electrical Characteristics—The test proce- 
dures for the determination of the thermal emf vs 
copper, resistivity, and the resistance-temperature 
relationship are given in detail in Ref. 1. It was 
also shown that the resistance-temperature rela- 
tionship is of the form 


P, =P, + At+Bt’, [1] 


where P, is the resistance at /°C expressed in per- 
cent of a given standard resistance, Py. is this per- 


centage at 0°C, and Aand B are constants for a 
given, properly treated, composition. The results 
of the electrical tests are also given in Tables II 
and III. 


INTERPRETATION OF DATA 


The modified Linde* formula, known to be valid 
for dilute binary solid solutions, was applied to the 
complex Cu-Mn-Ni-Fe type alloys. This relation- 
ship is of the form 


Ap=[K2+ Ki(Z5 - [2] 


where Ap is the increase in resistivity, Z, the 
valence of the solute, Z, the valence of the solvent, 
and K, and Kz are designations assigned by Robin- 
son and Dorn® to the constants for the periodic 
group to which solute element belongs. The units of 
K, are uQ-cm per valence difference squared per 
at. pct; those of Kz are uQ-cm per at. pet. For the 
sake of brevity, these units are not repeated in the 
following discussion, 

Calculations were made to determine if this for- 
mula was accurate for five-component systems. 
No experimental studies were made of the Cu-In 
and Cu-Al binary systems. The effects of indium 
additions upon the resistivity of copper are given 
by Linde*, These data, along with those of the 
effects of Mn and Fe, permitted the calculation of 
the effects of Al. 
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Table |. Analyses of the Raw Materials Used in the Melting of the Cu-Mn-Al-In-Ni-Fe Alloys 


Copper Electrolytic Special ALCOA Electrolytic Armco Cu-Mg 
Rod Manganese Aluminum Indium Nickel Iron Master 

Pb 0.002 pct 
Fe 0.005 0.001 0.053-0.061 Balance 0.3 
Al 0.001 Balance 
Ni 0.002 Balance 0.021 
Si 0.003 0.001 0.023-0.035 0.003 0.1 
Ag 0.001 
Vv 0.0002 
Cu Balance 0.001 0.069 Balance 
N 0.015 
c 0.004 0.013 
S 0.013 0.027 
Mn Balance 0.088 
In 99.97 
P 0.007 
Cr 0.01 
Mg 20.5 
Ca 0.01 
Co 0.24-0.32 


*All values in wt pct. 


The work on the manganin alloys (Cu-Mn-Ni- Fe)’ 
and that of Robinson and Dorn* showed that the con- 
stants of Eq. [2] are the same for solute atoms 
belonging to a given period in the Periodic Table. 
Using Linde’s data for In and Sn, corrected to 
25°C, the constants for solute elements belonging 
to period 5b were determined to be: K, = 0.348 and 
K,=-0.31. The Linde data for Ga and Ge were 
similarly used to determine the constants for solute 
elements of the 4b period. These were found to be 
K, = 0.478 and Kz = -—0.58. 

The values of the 45 and 5d constants were em- 
ployed to find the extrapolated constants applicable 
to the third period. By this means K, was found to 
be 0.61 and Kz equal to —0.85. If a charge of -—2.9 
electrons is assigned to the aluminum ion, and 
Ap/C is calculated by means of the extrapolated 
constants, it is found that the average effect of Al 
upon the resistivity of copper is 1.34 microhm-cm 
per at. pct of Al. By difference between the resis- 
tivity of the alloy and the contributions of the known 
effects of Mn, In, and Fe, the average effect of Al, in 
the complex alloys, was found to be 1.35 uQ-cm per 
at. pct. 

Robinson and Dorn® have given the charge on the 
Al solvent ion as approximately —2.5 electrons. 


When the constants for the 4b and 50 periods, re- 
ported in their work, are extrapolated to find those 
for the third period, and an ionic charge of -—2.5 
electrons is employed, the effect of Al is found to 
be 1.05 microhm-cm per at. pct of Al. This is con- 
siderably smaller than the experimentally deter- 
mined contribution of Al noted above. Significant 
changes in the electronic behavior of Al evidently 
occur when it is a solute atom. 

The accuracy of the resistivities of the complex 
Cu-Mn-Al-In-Fe alloys, computed using the experi- 
mentally determined values for the effects of Mn 
and Fe, Linde’s value for the effect of In, and the 
extrapolated value for the effect of Al are shown in 
Fig. 1. 

While the above-noted constants provided an un- 
usually accurate description of manganin alloys 
(four components) and Cu-Mn-Al-In-Fe alloys, 
there was no assurance that they would be valid 
for the six-component alloys. The resistivities 
of the latter alloys were calculated by means of 
the previously determined constants, and their 
average values were found to be approximately 
4 pct higher than the experimentally determined 
values. These data are given in Table IV. This 
fairly consistent difference is considered to be a 


Table Il. Experimental Data for Cu-Mn-Al-In-Fe Alloys 


At. Pet A, Pct per B, Pct per AE/At Pos 
Mn Al In Fe Deg C Sq Deg C tp, Deg C (pv/°C) (uw -cm) 
9.08 8.92 1.03 0.105 3.48 x 10°° -2.56 x 1075 68.0 +0.07 40.2 
8.97 9.65 1.00 0.070 3.60 -2.51 The +0.09 40.6 
9.17 9.65 1.02 0.092 3.38 -2.62 64.5 +0.16 41.2 
10.19 9.32 1.03 0.082 2.84 -2.75 51.6 +0.32 43.9 
11.44 9.79 1.01 0.066 2.15 -2.75 39.0 +0.56 48.0 
12.32 9.61 1.05 0.112 2.25 -3.79 29.8 +0.83 52.0 
13.32 9.17 1.12 0.084 2.29 -3.98 28.8 +0.90 52.8 
13.46 9.74 1.07 0.087 2.29 -4.24 27.0 +1.02 54.0 
13.77 9.94 1.03 0.071 2.40 -4.45 27.0 +1.03 54.7 
13.75 9.63 1.00 0.061 2.06 -3.85 26.8 +1.07 54.2 
13.88 9.19 1.08 0.087 1.58 -3.19 24.8 +0.97 54.4 
14.40 9.10 1.10 0.092 1.88 -4.16 22.6 + 1.07 55.9 
15.45 9.32 1.00 0.086 1.77 -4.67 19.0 +1.30 59.1 
16.19 9.41 1.01 0.078 1.86 -4.96 18.8 + 1.44 61.4 
16.70 9.45 1.05 0.080 1.79 -4.59 19.5 +1,57 63.2 
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Table Ill. Experimental Data for Cu-Mn-Al-In-Ni-Fe Alloys 


At. Pet A, Pct per B, Pct per AE/At Pos 
Alloy Mn Al In Ni Fe Deg C Sq Deg C tp Deg C (uv/°C) (pQ-cm) 
Bl 10.26 9.64 1.00 1:71 0.072 2.99 x 107% -2.35 x 10°5 63.6 -0.17 44.0 
B2 10.91 9.45 0.99 1.79 0.077 2.74 -2.74 48.1 +0.02 45.1 
B3 11.64 9.58 1.05 1.20 0.068 2.33 -3.76 31.0 -0.10 48.5 
B4 11.80 9.47 1.04 1.65 0.080 1.64 -2.80 29.3 -0.02 49.1 
BS 12.01 9.47 1.02 2.10 0.083 2.30 -3.61 31.9 +0.04 49.3 
B6 12.03 9.69 1.03 1.71 0.075 1.93 -3.27 29.6 +0.12 50.0 
B7 12.05 9.47 0.95 1.68 0.069 yA S: -3.76 31.0 +0.03 49.8 
B8 12.11 9.38 0.97 1.66 0.072 2.35 -4.22 27.8 +0.08 49.6 
B9 12.74 9.53 1.01 1.72 0.072 1.94 -3.67 26.4 +0.28 Sia 
B10 13.37 9.51 0.98 1.74 0.077 2.33 -4.25 27.4 +0.48 52.5 
Bil 13.59 9.74 1.00 1.78 0.074 1.94 -3.73 26.1 +0.59 53.6 
B12 13.51 9.56 1.02 0.83 0.075 2.34 -4.80 24.3 +0.87 52.3 
B13 13.62 9.49 1.03 1.31 0.079 1.68 -3.66 22.9 +0.72 53.3 
B14 13.66 9.49 0.99 1.54 0.072 1.85 -4.00 23.1 +0.68 53.6 
B15 13.63 9.51 1.05 2.03 0.072 2.12 -3.36 31.7 +0.54 54.2 
B16 13.70 9.45 1.01 2.59 0.075 3.29 -3.29 34.6 +0.43 55.0 
B17 13.72 9.60 1.03 3.09 0.073 3.60 -3.14 43.8 +0.31 55.8 
B18 13.67 9.42 1.01 1.68 0.158 1.85 -4.08 22.6 +0.49 55.4 
B19 13.73 9.31 1.01 1.70 0.257 1.56 -3.63 21.5 +0.44 55.1 
B20 13.75 9.53 1.03 1.67 0.182 1.49 -3.57 20.8 +0.49 55.9 
B21 14.13 9.53 1.02 1.68 0.078 1.88 -4.16 22.6 +0.75 55.4 
B22 15.24 9.58 1.01 1.69 0.074 vB Ye. -5.02 21.1 +0.97 59.1 
B23 15.44 9.47 - 1.74 0.075 1.69 -4.45 19.3 +0.86 61.0 
B24 15.78 9.45 1.02 1.71 0.071 1.41 -4.16 16.7 +0.84 60.0 
B25 35:71 9.27 0.96 1.70 0.124 1.67 -5.30 15.7 +0.84 60.7 
B26 15.74 9.31 0.98 1.69 0.179 1.61 -5.28 15.3 + 1.06 61.0 
B27 15.74 9.34 0.99 1.71 0.236 1,22 -4.54 13.4 +0.68 61.0 
B28 15.40 9.36 0.97 1.71 0.299 1.02 -4.80 10.5 +0.54 59.9 


result of short-range ordering. 

Short-range order may be considered to be an 
atomic crystalline arrangement such that certain 
atoms have more unlike neighbors than would be 
expected from a purely random association. In 
this case, the Ni is thought to be the major order- 
ing component. This follows from the observation 
that the Cu-Mn-Ni- Fe and Cu-Mn-Al-In-Fe alloys 
obey Eq. [2] very closely, while small Ni additions 
to the latter system result in a fairly consistent 
discrepancy. Since the theoretical model upon 
which the resistivity calculations are based depends 
upon a statistically random solid solution, these 
differences between the calculated and observed 
values of the resistivities may be explained by the 
concept of short-range order. This is consistent 
with data from other alloy systems‘ which evidence 
similar behavior. 

In the work on the Cu-Mn-Ni-Fe system,’ it was 
shown that the constant A in Eq. [1] could be de- 
scribed by the sum of the temperature coefficients 
(K,) that the individual components would have 
demonstrated as binary alloys. This relationship 
is of the form 


D 
= [3] 


where D is the constant predicted from Mathies- 
sen’s Rule and p, is the resistivity at t°C. The con- 
stant D, derived from the properties of the copper 
base, is found to be 6.49 x 10"* Q-cm per deg C 
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within small limits of error. This is in agreement 
with the work of Hansen, Johnson, and Parks.°* This 
value holds for the binary alloys of Cu-Al, Cu-In, 
Cu- Fe, and Cu-Mn, and is true for the behavior of 
these elements in the complex solid-solution with 
the exception of Mn values less than 10 at. pct. Mn 
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Fig. 1—Agreement between observed and calculated re- 
sistivities of Cu-Mn-Al-In-Fe alloys. 
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Table IV. Comparison of Calculated and Experimental 
Values for Resistivity 


Calculated Experimental 
Alloy Resistivity Resistivity ference 
Bl 46.4 2 -cm 44.0 pQ -cm +5.5 
B2 48.2 45.1 +6.8 
B3 49.8 48.5 +2.7 
B4 50.7 49.1 +3.3 
35 51.8 49.3 +5.1 
B6 51.7 50.0 +3.4 
B7 51.3 49.8 +3.0 
B8 51.4 49.6 +3.6 
B9 53.5 52.3 +2.3 
B10 54.7 52.5 +4.2 
Bll 56.0 53.6 +4.5 
B12 54.7 52.3 +4.6 
B13 55.6 53.3 +4.3 
B14 55.9 53.6 +4.3 
B15 56.5 54.2 +4.2 
B16 57.2 55.0 +4.0 
B17 58.1 55.8 +4,1 
B18 56.5 55.4 +2.0 
B19 57.1 | +3.6 
B20 57.0 55.9 +2.0 
B21 57.5 55.4 +3.8 
B22 60.8 59.1 +4.6° 
B23 60.2 61.0 - 1.3 
B24 62.2 60.0 +3.7 
B25 62.0 60.7 +2.1 
B26 62.5 61.0 +2.5 
B27 62.9 61.0 +3.1 
B28 62.3 59.9 +2.3 


concentrations of less than 10 at. pct are more ac- 
curately described by a D of 8.28 x 107° per 
deg C. 

The present work on the Cu-Mn-Al-In- Fe alloys 
shows that the determination of the constant A in 
Eq. [1] is more complex than that for the manganin 
system. The relationship was determined to be of 
the form 


[4] 


where f(Z,2Z’) is an electronic interaction constant 
for each alloying element present in the complex 
matrix. The value of f(Z,Z’) is a function of the 
number of valence electrons and the number of un- 
filled 3d positions (Z’). This relationship is shown 
in Fig. 2. 

The addition of Ni to this matrix (Cu-Mn-Al- 
In- Fe), with additional unoccupied 3d levels, ap- 
pears to cause a small decrease in the electron 
resonance to the corresponding unoccupied levels 
of the Mn, This causes a slight reduction in the 
effect of Mn in the Cu-Mn-Al-In-Ni-Fe alloys, as 
compared to that evidenced by Mn in the Cu-Mn-Al- 
In- Fe alloys. This may also be rationalized on the 
basis that the probability of such electron tran- 
sitions is Proportional to the density of states in the 
3d levels, since the density of the 3d states of Ni is 
considerably greater than that of Mn. The relation- 
ship of f(Z,Z’) to the parameters Z and Z’ is given 
in Fig. 3. The presence of Ni has practically no 
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effect upon the values of f(Z,Z’) for the other con- 
stituents; these remain essentially the same as for 
the Cu-Mn-Al-In-Fe alloys. 

The constant B in Eq. [1] follows the relationship 
previously determined for the manganin alloy sys- 
tem. This empirical relationship is 


AB, = (Z,- © -1)g(Z,2')C [5] 


AB; is considered as a function of the intensity 
of the scattering and the overlapping effects of the 
ion cores of the solute atoms. The scattering effect 
may be expressed approximately by the quantity 
(Z, - Z,)*. The overlapping effect may be given by 
(R/r - 1), where R is half of the internuclear dis- 
tance and ¢ the radius of the metallic ion. The term 
g(Z,Z')is a function of the number of valence elec- 
trons and the number of empty 3d positions belong- 
ing to the solute atoms. This relationship is shown 
in Fig. 4. It will be noted that this function is de- 
pendent upon the same parameters as is f(Z,Z’). 
Ni additions to the Cu-Mn-Al-In- Fe matrix have 
only negligible effects upon the behavior of these 
constitutents, and may be considered to be identical 
with that for the Cu-Mn-Al-In-Fe alloys, within the 
limits of the experimental accuracy. 

The principal importance of knowing the constants 
A and B resides in the fact that they determine the 
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Fig. 2—f(Z, Z')as a function of the number of valence elec- 
trons(Z) and the number of 3d vacancies(Z') for Cu-Mn- 
Al-In-Fe alloys. 
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Fig. 3—f(Z, Z') as a function of the number of valence elec- 
trons (Z) and the number of 3d vacancies (Z’) for Cu-Mn- 
Al-In-Ni-Fe alloys. 


peak temperature ¢,, the maximum point of Eq. [1]. 
The peak temperature is given by 


A 
b=- [6] 


The accuracy of these constants is demonstrated 
in Figs. 5 and 6, where the calculated and observed 
values of ¢ are correlated. This indicates that, on 
the average, the calculated peak temperature will 
most probably be within 2°C of the experimental 
value. This order of accuracy indicates that the 
values for the constants A and B are quite good. 

The thermoelectric power of both alloy systems, 


Fig. 5—Agreement 
between observed 
and calculated peak 
temperatures for 
Cu-Mn-Al-In-Fe 
alloys. 
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Fig. 4—The dependence of g/Z, Z') on the number of va- 
lence electrons (Z) and the number of 3d vacancies (Z') for 
both Cu-Mn-Al-In-Fe and Cu-Mn-Al-In-Ni-Fe alloy sys- 
tems. 


against copper, is given by the relationship 


AE 4 h(Z,Z')Ap, 
(uv per deg C) U7] 


This relation is also valid for the manganin alloy 
system. The function h(Z,Z’) seems to provide a 
measure of the resonance of the outer valence elec- 
trons to the inner levels. The values of h(Z,Z’) for 
Mn, Al, In, Ni, and Fe are shown as functions of 
these parameters in Fig. 7. 

The observed thermoelectric power of Cu-Mn- 
Al-In- Fe alloys against copper is shown correlated 
with the calculated values in Fig. 8. The accuracy 


Fig. 6—Correla- 
tion between ob- 
served and calcu- 
lated peak tem- 
peratures for Cu- 
Mn-Al-In-Ni-Fe 
alloys. 
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of these determinations is such that it is probable 
that the calculated thermoelectric power of these 
alloys will always be within +0.1 uv per deg C of 
the observed values. 

The correlation between the observed and calcu- 
lated values of the thermoelectric power of the Cu- 
Mn-Al-In-Ni-Fe alloys is given in Fig. 9. This 
agreement is not as good as that for the Cu-Mn-Al- 
In- Fe alloys. It is believed that the presence of Ni 
may be responsible for this because of its apparent 
ordering behavior, previously noted. Eq. [7] does 
provide a good first approximation of this property. 


SUMMARY 


1) The constants K, and K,, for aluminum in the 
modified Linde relationship for electrical resis- 
tivity, were accurately obtained by extrapolation 
from elements belonging to periods 4b and 5d of the 
Periodic Table. 

2) Ionic charges of -2 electrons for manganese, 
-2.9 for aluminum, -3 for indium, -—1.5 for nickel, 
and —2.5 for iron closely describe the electrical 
properties of solid solutions of these elements in 
copper. 

3) Empirical relationships, based upon the elec- 
tronic configurations of the alloying elements, are 
given which describe the resistivity, temperature 
coefficient, peak temperature, and thermoelectric 
power of Cu-Mn-Al-In- Fe and Cu-Mn-Al-In-Ni-Fe 
alloys in the neighborhood of room temperature. 

4) Short-range ordering is considered to be 
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responsible for the 4 pct average discrepancy be- 
tween the calculated and observed resistivities, as - 
well as the scatter in the thermoelectric properties 
of the Cu-Mn-Al-In-Ni- Fe alloys. 

5) These relationships may be used to predict 
the electrical properties of a given Cu-Mn-Al-In- Fe 
or Cu-Mn-Al-Sn-Ni-Fe alloy, or to design alloys 
which will possess desired sets of electrical char- 
acteristics. 
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Substitutional Solid-Solution Strengthening 


in Copper Alloys 


The object of this investigation was to determine the cause of substitutional solid- 
solution strengthening. Shear tests were conducted on single crystals of high-purity 
copper and of copper-manganese and copper-aluminum alloys. Each specimen was 
tested at room temperature after anneals at various temperatures. The specimens 
were next deformed in a manner that introduced substructure and then tested again 
after various anneals. An attempt was made to interpret the results in terms of cur- 
rent theories of solution strengthening. It was concluded that solution strengthening was 
due to the interaction of solute atoms with the substructure in the metallic lattice. So- 
lution strengthening was found to be structure sensitive and hence it was not possible to 


find a simple law defining this phenomenon. 


C.D. Wiseman 


Tue concept of alloying to increase the strength of 
metals originated during the bronze age. However, 
at the present time there is no single theory capable 
of explaining all of the observed strengthening ef- 
fects of alloying elements on the mechanical prop- 
erties. In general, it may be said that solid solu- 
tions are stronger than the pure metal and that the 
strengthening effect increases with increasing alloy 
content. 

Various theories for solution hardening have been 
proposed, the first of which was presented by 
Rosenhain’ who suggested that the alloying elements 
roughened the slip planes, thereby requiring a 
higher stress to initiate slip. Recent work by French 
and Hibbard’ confirmed Norbury’s*® conclusion that 
those alloying elements which cause a greater 
change in lattice parameter have larger effects on 
hardness. However, a given change in lattice pa- 
rameter produced by different alloying elements 
does not cause the same change in hardness. A 
further refinement was suggested by Dorn, 
Pietrokowski, and Tietz* who considered differ- 
ences in valence between the solute and solvent with 
the change in lattice parameter to explain the plas- 
tic properties of aluminum alloys. Allen, Schofield, 
and Tate® further investigated the valency contribu- 
tion to solution strengthening by testing some 
copper-base solid-solution alloys having constant 
electron densities. Tensile tests performed on 
these alloys gave identical stress-strain curves 
even though the atomic size effect, which varied by 
a factor of two, was neglected. 

The advent of dislocation theory®* provided a 
new and powerful tool capable of explaining many 
phenomena of plastic deformation and indicated new 
approaches to solution hardening. The basic con- 
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cept of recent theories is that solution hardening is 
not due to stresses associated with randomly dis- 
persed solute atoms, but rather to a nonuniform 
distribution of the solute. This conclusion was 
reached by consideration of the effective tension 
present on each dislocation line and the ability of 
a dislocation to pass an obstacle. Cottrell’ sug- 
gested the possibility that the internal stresses due 
to randomly distributed solute atoms would offer 
essentially no resistance to the passage of dis- 
locations. He reasoned that an edge dislocation 
may be considered as a rigid line discontinuity. 
As the dislocation moved through a crystal, the 
random stress fields would be equally distributed 
along its length. Since half of the stress fields 
would be acting to move the dislocation forward 
and the other half trying to move it back, the net 
effect on the dislocation would be zero. Thus the 
randomly distributed solute atoms would not con- 
tribute appreciably to solution strengthening. Mott 
and Nabarro”® considered the dislocation as a flex- 
ible, rather than a rigid, discontinuity. They ob- 
tained a simple model for a dislocation moving in 
a lattice having precipated particles, where the dis- 
location would actually bend around the obstacle 
until it would loop back onto itself to rejoin and then 
continue onward. Their work indicated that the 
minimum radius of curvature of the dislocation line, 
under the action of an external stress and in the re- 
gion of an internal stress, would be such that the 
dislocation would be unable to pass through a matrix 
containing small closely spaced precipates by the 
looping process. The dislocations would tend to 
remain rather straight, approaching the condition 
of Cottrell’s rigid dislocation. Hence, the strength- 
ening must not be due to random solute atoms; 
however, it might be due to the concentration of 
atoms, either as clusters of like atoms or as short- 
range ordered regions, or to the concentration of 
solute atoms around dislocations. 

To date, four mechanisms of solution strength- 
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ening have been proposed on the basis of nonrandom 
concentration of solute atoms: Cottrell,*? Suzuki, ” 
Fisher,** and Parker and Hazlett.‘* These mecha- 
nisms are well chronicled in the literature in their 
respective articles with an excellent review in- 
cluded in the Parker-Hazlett report, so that it is 
unnecessary to make more than a few remarks con- 
cerning their similarities and points of difference. 
Cottrell’s proposal is based on the elastic inter- 
action which arises when a solute atom is placed 

in the metallic matrix. Associated with each solute 
atom is a stress field in the metallic lattice. The 
nature of this field, and hence the energy allied 
therein, will be different when the atom is near a 
dislocation. The ‘‘atmosphere’’ concept of locking 
is due to short-range forces which give rise to the 
short-range stresses, making the stress necessary 
to move the dislocation very sensitive to tempera- 
ture. Suzuki’s contribution to solution hardening is 
based upon the dissociation of dislocations into 
partial dislocations which subsequently repel one 
another, and in the process of doing so, introduce 

a ribbon-like stacking fault. He showed by thermo- 
dynamic reasoning that there would be a difference 
in solute concentration in the faulted region and 
matrix. The strengthening caused by the effect 
would be similar in nature to Cottrell locking. 
Stacking faults in close-packed structures would 
not be associated with extensiye changes in volume 
and would thus depend on a ‘‘chemical’’ interaction 
rather than an elastic one, as is the case for a 
Cottrell atmosphere. There are definite differences 
between the elastic and chemical interactions. In 
the former, a strong interaction appears for very 
small amounts of solute and is almost independent 
of solute concentration; further thermal changes 
have a considerable effect on the short-range forces 
between solute atoms and dislocations which strongly 
affect the yield stress. Suzuki points out thermal 
changes are relatively unimportant in chemical in- 
teraction and that the magnitude of the interaction is 
almost proportional to concentration for small con- 
centrations. 

A third mechanism of strengthening in concen- 
trated solutions was proposed by Fisher. He be- 
lieved the presence of short-range ordering would 
result in a yield stress which is larger than that of 
the same material in the disordered state. Asso- 
ciated with each region of short-range order is a 
surface energy. When a dislocation passes through 
such a volume, new surfaces are created which re- 
quire the expenditure of an additional amount of 
energy above that necessary to drive the dislocation 
through the matrix. Fisher’s mechanism is con- 
cerned with this additional energy. At low temper- 
atures where diffusion is negligible, the stress in- 
crement due to short-range order should be tem- 
perature independent. Closely related to Fisher’s 
mechanism is that proposed by Parker and Hazlett. 
It was previously mentioned that a dislocation mov- 
.ing through a matrix containing randomly distrib- 
uted solute atoms would tend to remain straight. 
This would be revealed by equal yield strengths for 
the pure metal and the alloy. However, as the 
solute atoms cluster or order, the distance be- 
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tween solute atom stress fields increases so the 
dislocation may loop around the obstacle. As more 
and more clustering occurs for a given composition, 
the distance between the stress fields increases 
further, thus making it easier for the dislocation to 
pass. The yield strength would thus be expected to 
increase with increasing amounts of clustering up to 
a maximum value at a critical degree of clustering, 
after which it would decrease as the clusters be- 
come widely separated. This explanation is quite 
similar to the picture of precipitation hardening 
presented by Mott and Nabarro.’® 

The literature survey presented above brings out 
quite clearly the complexity of solid-solution 
strengthening. There appears to be large dif- 
ferences of opinion as to the real, or perhaps pri- 
mary, cause of the strengthening. However, there 
is the possibility that several mechanisms may be 
operative in a single alloy so that the dominant 
mechanism could change with solute concentration 
or with temperature. 

The purpose of this investigation was to deter- 
mine the fundamental nature of substitutional solid- 
solution strengthening. Copper was selected as the 
base metal since it is a relatively simple metal 
available in high-purity form. The choice of al- 
loying elements, aluminum and manganese, was 
somewhat arbitrary, but they were selected because 
they differ widely in nature. 


EXPERIMENTAL PROCEDURE AND RESULTS 


The materials used in this investigation were 
prepared in an induction furnace under a helium 
atmosphere. A homogeneous bar of OFHC copper 
provided a common base metal for all of the alloys 
used in this investigation. Alloys were chosen so 
as to give the widest range possible in the solid- 
solution region. This gave copper-base alloys with 
2.5, 5.0, 10.0, and 15.0 at. pct Al and with 1.0, 2.5, 
and 5.0 at. pct Mn. 

Spherical single crystals of the pure metal and 
the alloys were grown from the melt by a modified 
Bridgeman technique described elsewhere.” Single 
crystals loaded in pure shear were used for several 
reasons, the main ones being to eliminate complex 
effects of grain boundaries and multiple slip, and to 
avoid the usual difficulty of reproducibility between 
various specimens. It has been well demonstrated” 
that a deformed specimen can be restored to its 
original state by a suitable anneal. This feature 
was quite useful in testing Fisher’s hypothesis, 
since one specimen could be tested in various states 
of short-range order by preceding each ordering 
treatment with the recovery anneal. 

Orientation determinations of the single crystals 


_ were made by the customary Laue back-reflection 


technique. The active shear plane was selected to 
be of the {111} type with the slip direction <110> 
aligned parallel to the load axis. The specimens 
were then machined to the desired shape on a lathe 
taking extremely small cuts of 0.001 in. per pass. 
Since even these small cuts left residual stresses 
in the surface, the specimens were acid polished in 
concentrated nitric acid until the diameter was re- 
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Fig. 1-Room-temperature shear stress-shear strain 
curves showing reproducibility of results on single crys- 
tals of pure copper and copper containing 15 at. pct Al 
having intermediate anneals of 1 hr at 975°C. 


duced by 0.015 in. Subsequent X-ray and metallo- 
graphic examination did not reveal any lattice dis- 
tortion before annealing at 900°C and no recrystal- 
lization occurred during the heat treatment. 

Fisher’s mechanism of solution strengthening de- 
pends upon the amount of short-range order present 
and this, in turn, depends upon the annealing tem- 
perature. Preliminary tests shown in Fig. 1 re- 
vealed that reproducibility could be obtained for 
pure copper and the aluminum alloys when the 
specimens were annealed for 1 hr at 975°C. The 
amount of short-range order should increase with 
decreasing annealing temperatures so the various 
annealing temperatures were selected on the basis 
of the rate equation: 

where ?; is the time of anneal at a temperature 7; 
in degrees Kelvin, R is the gas constant, and AH 
the activation energy for diffusion of the solute in 
the copper solvent. This gave annealing times of 
1.0, 2.7, 6.0, and 14.0 hr for temperatures of 975°, 
900°, 850°, and 800°C, respectively, for the alu- 
minum alloys. Since the aluminum work did not 
reveal appreciable differences in the stress-strain 
tests as a function of annealing temperature, only 
the extreme temperature anneals of 1 and 14 hr at 
900° and 743°C respectively were reported for the 
manganese alloys. 

The effect of substructure was also investigated. 
A network of dislocations was introduced by 
‘‘dimpling’’ of the specimens at a temperature of 
850°C. This was accomplished by applying a point 
load at the center of the specimen normal to the 
active slip plane and allowing creep to occur. 
Ideally this would yield a preponderance of edge 
dislocations which, upon a subsequent anneal at 
975°C, would align themselves into low-angle bound- 
aries. The nature of this dimpling technique does 
not permit a quantitative comparison of the effect of 
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Fig. 2—Room-temperature shear stress-shear strain 
curves of a pure copper single crystal before and after 
dimpling as a function of annealing temperature. 


dimples on the mechanical properties of different 
specimens but does allow a quantitative comparison 
between the behavior of a single specimen, both 
with and without boundaries. 

Fig. 2 is the result of shear tests conducted on 
pure copper as a function of annealing treatment 
and in the dimpled and undimpled state. Similar 
results for the 2.5 and 10.0 at. pct Al alloys are 
given in Figs. 3 and 4, respectively, and for the 
1.0 at. pct Mn in Fig. 5. In every instance it was 
observed that small increases in yield strength oc- 
curred as the annealing temperature was lowered. 
However, only the extreme annealing temperatures 
were plotted to preserve clarity. In each of the re- 
sults described above the order of the annealing 
treatments was of a random nature in order to pre- 
vent the appearance of any cumulative affect which 
might alter subsequent tests. As a further check, 
a final anneal of 1 hr at the highest annealing tem- 
perature was made. The results of these final an- 
neals superimposed on those from the earlier 
identical anneal. 
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Fig. 3—Room-temperature shear stress-shear strain 
curves of a copper specimen containing 2.5 at. pct Al be- 
fore and after dimpling as a function of annealing tem- 
perature. 
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Fig. 4—Room-temperature shear stress-shear strain 
curves of a copper specimen containing 10.0 at. pct Al be- 
fore and after dimpling as a function of annealing tem- 
perature. 


The main features of the test results are enu- 
merated below: 

1) Yield Point as a Function of Composition—By 
defining the yield point as that stress where the 
linear rate of work-hardening first becomes ap- 
parent, Fig. 6 results. The most obvious result of 
this cross-plot is the increase in yield strength with 
increasing amounts of added solute elements. The 
first small additions had the greatest effects on 
yield strengths. Larger amounts of aluminum, on 
the order of 15 at. pct, gave relatively small in- 
creases in yield strength while the manganese 
series showed larger effects on yield strength per 
unit concentration. 

2) Effect of Annealing on Yield Point—In the pre- 
vious section, only the yield strengths corresponding 
to the highest annealing temperatures for the two 
series of alloys were used. Not only did this pro- 
vide a uniformity for analysis, but an inspection of 
the data shows that the annealing temperature did 
not change the yield strength appreciably. In any 
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Fig. 5—Room-temperature shear stress-shear strain 
curves of a copper specimen containing 1.0 at. pct Mn 
before and after dimpling as a function of temperature. 
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event, the observed differences would not alter 
Fig. 6 significantly. 

3) Linear Rate of Work-Hardening as a Function 
of Composition and Annealing Temperature—A plot 
of the linear rate of work-hardening vs composition 
is shown in Fig. 7. The data reveal there is an ex- 
tremely rapid decrease in the rate of work-hard- 
ening even with small additions of solute. While 
data concerning manganese compositions of greater 
than 5 at. pct were not available, it is reasonable to 
believe that their linear rates of work-hardening 
would be zero with the yield strength correspond- 
ingly increasing with increasing amounts of solute. 

4) Initial Portion of Stress-Strain Curve—The 
experimental technique used shows an extremely 
interesting feature in the initial portions of the 
curves. In this region the stress-strain curve is 
not linear, but departs from elastic behavior at very 
low stresses. This initial plastic portion has been 
largely neglected by previous investigators who 
have concerned themselves with grosser features, 
such as yield points and rates of work-hardening, 
resulting from tensile or shear tests; however, the 
presence of this plastic region will be shown to pro- 
vide a key to the problem of solution strengthening. 

5) Dimpling Effects—A comparison of the stress- 
strain curves of specimens before and after dim- 
pling shows the following interesting features: a) the 
linear rate of work-hardening is unaltered by the 
presence of the dimpled structure. b) The effect of 
annealing treatments on the dimpled specimens had ~ 
the same general trends as on the specimens before 
dimpling, i.e., various anneals caused approximately 
the same changes in stress level and these changes 
were uniquely related to the thermal treatment. 

c) The yield stress of the specimen is considerably 
higher after the introduction of the dimple (the in- 
crease varying between 40 and 160 psi). The mag- 
nitude of the increase in the level of the stress- 
strain curve is, of course, dependent upon the 
detailed structure of the dimple so that caution 
should be exercised when comparing the strength- 
ening effect of the dimple from specimen to 
specimen. 
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DISCUSSION 


Now that the various manifestations of solid- 
solution strengthening, as determined in this work, 
have been presented, it becomes possible to com- 
pare the results with known theories and mecha- 
nisms to determine if one theory alone is sufficient 
to explain the experimental results or if an eclectic 
approach is necessary. 

Let us first examine Fisher’s theory as applied 
to the results here. According to Fisher, strength- 
ening is obtained through short-range ordering. 
Thus, when a dislocation passes through such a re- 
gion, new surfaces are created, the formation of 
which requires additional work. Assuming the al- 
loys selected undergo short-range order or clus- 
tering, the alloys should show a decided increase 
in yield strength after their lower temperature 
anneals. However, examination of the data does 
not show such an increase. The presence or ab- 
sence of a dimpled structure had no apparent effect 
upon the slight increase in yield strength which 
was found. Other results by Phillips, e¢ al.,° also 
showed no increase in yield strength when annealed 
in a manner similar to the one employed in this 
investigation. Another implication of Fisher’s 
theory concerns the initial portion of the stress- 
strain curve in that the slope should increase with 
increasing amounts of short-range order. This 
effect was not observed in the data. In addition, 
the suggestion of Parker and Hazlett regarding 
solution strengthening must also be eliminated 
since their theory also depends upon short-range 
order or clustering. 

A similar inquiry into Cottrell’s concept was 
more fruitful. In his original paper he developed 
the basis for solute atoms clustering around an 
isolated dislocation. The solute atoms relieved 
part of the strain energy associated with the dis- 
location, thus rendering it more stable and thereby 
requiring a higher stress to move the saturated dis- 
location than one without an atmosphere. A point of 
interest is whether the dislocations responsible for 
the plastic strain are isolated in the matrix or lo- 
cated in substructure boundaries, Cottrell’s views 
on the clustering effect being equally valid for both 
areas. In either case the clustering of foreign 
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solute atoms as proposed by Cottrell to account for 
solution strengthening applies, in its broadest sense, 
to the results obtained here. The increase in yield 
strength obtained by lower temperature anneals is 
explained by the equations of Cottrell and Bilby” 
which predict more solute atoms in a given atmos- 
phere after the lower temperature anneals and, 
therefore, requiring a higher externally applied 
stress to remove the dislocation from its atmos- 
phere. The results also show annealing treatment 
does not affect the slope of the linear rate of work- 
hardening. This occurs after the dislocation has 
left its atmosphere and is progressing through the 
lattice. At the low testing temperature, the solute 
atmosphere is unable to migrate at the same rate 
as the dislocation, so that the dislocation is moving 
without its atmosphere, hence the rate of work- 
hardening should be the same regardless of an- 
nealing treatment. The results pertaining to the 
initial portion of the stress-strain curve require a 
modification of Cottrell’s theory in that a curved 
line is present, indicating that plastic flow begins 
at a very low stress, instead of the extensive linear 
region usually observed. This behavior continues 
up to the yield point where the rate of work-harden- 
ing suddenly becomes linear. These results may be 
explained on the basis of Frank-Read sources op- 
erating in a substructure matrix. As the stress is 
increased from zero, the sources begin to generate 
dislocation loops. However, the loops cannot expand 
beyond the subgrain boundaries because the stress 
at this stage is too low to permit flow to continue 
through them. As the stress increases, the number 
of loops increases until there are a sufficient num- 
ber to force their way through the network (or to 
start new dislocations on the opposite side of the 
boundary). After the breakthrough stress is 
reached, flow continues thereafter with little in- 
crease in stress. The dimpling work confirms this 
belief by increasing the number of boundaries 
present and consequently increasing the external 
stress required to force the dislocation loops 
through them. 


Another conclusion may be drawn relative to the 
initial portion of the stress-strain curves. The 
small amount of purely elastic strain, which is on 
the order of experimental error, (7.e., about 0.02 
pct) indicates there is no Cottrell pinning of the 
Frank-Read sources. It was concluded, therefore, 
that the strengthening is due to the substructure 
boundaries. An identical line of reasoning elimi- 
nates Suzuki locking of sources as the important 
strengthening mechanism. 

Many investigators have attempted to explain so- 
lution strengthening by such mechanisms as cluster- 
ing of solute atoms on slip planes or by interactions 
of solute atoms with dislocation sources. From this 
investigation it appears that neither of these ap- 
proaches is sufficient since they do not consider the 
effect of the substructure network always present in 
the crystals. Furthermore, since solid-solution 
strengthening is structure sensitive, it will be ex- 
tremely difficult to derive a simple law that com- 
pletely defines this phenomenon. 
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CONCLUSIONS 


Shear tests on single crystals of copper-base 
alloys revealed the following: 

1) There is no Cottrell or Suzuki locking of 
sources. 

2) The Parker-Hazlett and the Fisher mecha- 
nisms of solid-solution strengthening do not ex- 
plain the results obtained here and hence are con- 
sidered to be inadequate. 

3) Solid-solution strengthening is apparently due 
to the interaction of solute atoms with the sub- 
structure walls present in the crystals. 

4) Since solution strengthening is structure de- 
pendent, this phenomenon cannot be described ade- 
quately by a simple general law. 
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On the Problem of Hydrogen Embrittlement 


of Iron 


The ability of hydrogen, charged in iron, to depress the upper yield point and reduce 
or eliminate the yield-point elongation has been reconfirmed. It has been shown that 
hydrogen-charged iron has strain-aging kinetics which are indistinguishable from un- 
charged iron. On the basis of these results, the case is presented that hydrogen dis- 
places carbon and nitrogen from dislocation centers and that hydrogen embrittlement 
derives from the stabilization of transient and thermally generated crack nuclei formed 


at lower stress levels. 


A. Siede and W. Rostoker 


The venerable problem of hydrogen embrittlement 
of ferritic iron lacks as yet a complete explanation. 
Possibly part of the difficulty has been the exclusive 
preoccupation with the total ductility prior to frac- 
ture. In the past few years it has been noted at least 
twice’? that hydrogen charged into iron has the 
ability to depress the upper yield point and, at room 
temperature, to eliminate completely the discontin- 
uous yield phenomenon. 

Cracknell and Petch’ rationalize that the de- 
pression of the yield stress is an example of the 
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behavior of inhomogeneous stresses. Their expla- 
nation requires that microcracks exist in the an- 
nealed metal, and that hydrogen collect in these 
cavities under high hydrostatic pressure. The hy- 
drostatic pressure of hydrogen generates localized 
tensile stresses in the iron which, with external 
loading, reach the critical stress for yield prema- 
turely. The local plastic zones will spread across 
the specimen before the Liiders bands can be gen- 
erated, and the yield-point elongation phenomenon 
is eliminated. This viewpoint will be discussed in 
succeeding paragraphs. 

Rogers,” on the other hand, represents the de- 
pression of the initial flow stress as a result of the 
interaction of hydrogen with dislocations. He sub- 
mits two alternative modes of interaction. In the 
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first model, hydrogen displaces and disperses the 
‘condensed atmosphere’’ of carbon and nitrogen 
and, around room temperature, being as mobile as 
the dislocation, exerts no drag effect on its move- 
ment. The ‘‘breakaway’’ effect of a dislocation with 
respect to the less mobile atmospheres of carbon 
or nitrogen is thus obviated. In the second model, 
which is the antithesis of the former, hydrogen is 
actually less strongly attracted to a dislocation than 
carbon and nitrogen but is sufficiently so to inhibit 
reversion of dislocation loops thermally disengaged 
from their stable positions. This provides an aux- 
iliary mechanism for ‘‘breakaway’’ at the upper 
yield which reduces the necessary level of ex- 
ternally applied stress normally needed. 

Rogers prefers the second model on the basis 
that if the atmospheres of carbon and nitrogen are 
dispersed by preferential hydrogen segregation, 
then the discontinuous yield ought not to occur at 
temperatures greater than about —100°C when in 
fact they do occur to a minor degree in the region 
of —12°C. Further evidence cited was the lack of 
change in the internal friction damping peaks for 
nitrogen when hydrogen is introduced into the iron. 

In the present paper, the first model is preferred 
for reasons which will be developed. At this point it 
is sufficient to argue that if hydrogen is preferen- 
tially segregated to dislocations, this need not lead 
to dispersion of carbon and nitrogen, but merely to 
displacement to new stable sites more removed 
from the immediate center of the dislocation lines. 

The effect of displaced stable positions is to lower 
the critical ‘‘atmosphere condensation’’ tempera- 
ture. Above this critical temperature, no yield 
point is observed. For uncharged iron this tem- 
perature is about 700°K. With hydrogen-charged 
iron, the temperature corresponding to the loss of 
the discontinuous yield is room temperature or be- 
low, depending on the amount of hydrogen as shown 
by Rogers.” 

Using an approach outlined by Cottrell,* one may 
estimate the approximate displacement of the new 
stable positions of carbon and nitrogen atoms cor- 
responding to an ‘‘atmosphere condensation’’ tem- 
perature of 273°K. 


To = Umax/k In 
0 


where 7») = ‘‘atmosphere condensation’’ tempera- 
ture, °K 
Umax = interaction between carbon and nitrogen 
and a dislocation at their equilibrium 
displacement, ev 
k = product of Boltzman’s constant and con- 
version factors 
Co = approximate average concentration of 
carbon and nitrogen in ferrite, ~ 107 * 
for To = 273°K, Umax = 0.2 ev 


but 
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where y= stable separation distance between carbon 
and nitrogen atoms on the one hand and a 
dislocation on the other. 
A = the product of a number of constants. 

Best estimates place Umax = 0.5 ev for uncharged 
iron where the separation distance, 7, is about one 
atomic spacing. By simple ratios, Umax = 0.2 ev 
leads to an estimated separation between interstitial 
atoms (carbon and nitrogen) and a dislocation of 
about 2.5 atomic spacings. 

In the presently reported work, specimens of a 
high purity, vacuum-melted iron (0.009 pct C) were 
charged with hydrogen at 910°C for 60 min ina 
chamber containing hydrogen at 100 atmospheres. 
By so doing, hydrogen of the order of 10 ppm was 
introduced homogeneously throughout the cross sec- 
tion of the specimen. An Instron testing machine 
plotted the stress-strain behavior at the yield point 
autographically. A special test fixture was used to 
maximize axiality of loading. 

Hydrogen-charged iron tested at room tempera- 
ture often showed an almost complete elimination 
of the discontinuous yield but not invariably. Some 
of the various shapes of stress-strain curves are 
reproduced in Fig. 1. The variation is probably a 
reflection of the inconstancy of hydrogen absorption 
from specimen to specimen. Rogers” gives evi- 
dence that this is probably the reason. The com- 
parative trends of initial-flow stress (upper yield 
when a discontinuous yield effect occurs) as a func- 
tion of testing temperature with and without hy- 
drogen are shown in Fig. 2. Clearly, hydrogen re- 
duces the flow stress in every instance, the 
magnitude of the depression being somewhat 
greater at the lower temperatures. 

The existence of hydrogen-filled voids in annealed 
metal at the yield point must be rejected on the fol- 
lowing grounds. It is well known that austenitic 
steels are only slightly embrittled even under the 
most severe conditions of charging, yet the atmos- 
pheric solid solubilities of both a and y iron are 
of an order of magnitude less than that which can 
be charged in. There can be no justification for 
expecting that voids naturally exist in a but not in 
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Fig. 1—Various shapes of load-extension curves observed 
for charged and uncharged specimens. 
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hydrogen charging 
on initial flow 
stress of annealed 
iron. 


STRESS, PSI x 1000 


& 


ARGON ANNEALED 


~ 
HYDROGEN ANNEALED 


-50 50 100 
TESTING TEMPERATURE, °C 


8 


y iron. Hence, the yield and ductility character- 
istics of both should be similar. That the yield 
stress of an austenitic steel is not depressed by 
hydrogen-charging was demonstrated in the follow- 
ing experiments. 

A test specimen of austenitic stainless steel 
(type 302) was electrolytically charged in 4 pct 
H2SO, saturated with arsenic at 1 amp per sq in. 
for 3 hr and tensile tested to fracture immediately 
after removal from the electrolyte. The stress- 
strain curve was identical in all respects as far as 
could be seen with that of an uncharged similar test 
specimen. Neither the yield stress nor the total 
ductility is influenced by hydrogen-charging. 

Clearly a successful model for hydrogen em- 
brittlement of steel must use the depression of the 
yield point as a necessary prerequisite for reduced 
ductility and demonstrate that this model is only 
operative with body-centered and not face-centered- 
cubic structures. The key to this model is provided 
by de Kazinczy* in his treatment of the crack- 
propagating propensities of a void filled with hy- 
drogen under pressure. 

Expanding on suggestions by Petch*® he propounds 
that the voids which ultimately lead to fracture are 
nucleated at subultimate stress levels by thermal 
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Fig. 3—Strain-aging characteristics of charged and un- 
charged iron at + 23°C. 
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Fig. 4—Strain-aging characteristics of charged and un- 
charged iron at —33° and —75°C, respectively. 


fluctuations at blocked arrays of dislocations where 
large local tensile stresses are operative. The 
minimum stable crack or void is normally gener- 
ated only at the stress level of ductility exhaustion. 
If hydrogen can insert itself into a void, preventing 
its collapse, then the size of the minimum stable 
crack is reduced. This means that self-sustaining 
cracks can be thermally generated at lower ex- 
ternally applied stresses with the ultimate con- 
sequence of fracture at lower total ductility. 

If hydrogen in interstitial solid solution were 
randomly distributed, the probability of a transient 


void capturing two or more hydrogen atoms would be > 


very slight. It is necessary to postulate that hydro- 
gen segregates in the regions immediate to the loca- 
tion of a thermally generated void. If the voids gen- 
erate only at blocked dislocation arrays, then 
hydrogen must also be attracted strongly to dis- 
locations in general and dislocation arrays in 
particular. 

A critical prerequisite for this model is that the 
strain-aging process after yield should be unaffected 
by the presence of hydrogen. This has been demon- 
strated by the following experiments at 23°, —33°, 
—75°C. In order to minimize the loss of hydrogen 
during the experiments, the aging process was con- 
ducted at the same temperature as the pre-strain. 
This is not the usual procedure because the rates 
of strain aging are slow at the lower temperatures. 
However, it is not necessary to follow strain aging 
to completion to analyze for rate. Using the log 
(1 — f) vs ¢”* plot proposed by Harper,’ the strain- 
aging data for hydrogen-charged and uncharged 
iron are disposed as in Figs. 3 and 4. In this in- 
stance, f is taken as the fractional change in yield 
stress with time, ¢. A typical sequence of stress- 
strain curves is reproduced in Fig. 5. The pre- 
strains in all instances were 3 pct. Clearly the 
strain-aging rates of uncharged and hydrogen- 
charged iron are indistinguishable at the three 
temperatures. 

That the rate of strain aging at —75°C is greater 
than at —33°C is somewhat surprising, and a di- 


‘gression is in order. One may assume reasonably 


that the rate of strain aging is a function both of the 
diffusivity of carbon and nitrogen and of the mean 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


iti Ber 


= 
0.00 
KOS T#-33°% 
-0.02 OS od 
-0.03 e 
Rd 
—0.04 4 
a -0.05 
-0.06 SON 75% 
: -0.07 
-0.08 
is 
0.00 
e 
-0.02000 
-0.0344 
27 
-0.04 % 
-0.05 ° 
-0.07+ 
-0.09} 14 
.10 
| 


005 aio 
250} \ f 
iw, 
200} | | 
| Ng 
m 
< : 
| |z 
|= | o 
fed 
min | Ju 
50} | |< | |< q 
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Fig. 5—Typical sequence of stress-strain curves observed 
in strain-aging hydrogen-charged iron. 


distance of migration. If the mean-free distance be- 
tween dislocations is a function of the temperature 
at which pre-strain is performed, then the strain- 
aged yield stress for a common aging temperature 
should reveal this trend. This is in fact the case. 
Annealed iron pre-strained 3 pct at various tem- 
peratures between 20° and —75°C and strain aged 
at 100°C shows the trend of increasing yield 
strength with decreasing pre-strain temperature, 
Fig. 6. Thus, at low temperatures it is possible 
that the decreased mean migration distance can 
outweigh the reduced diffusivity of carbon and 


nitrogen. 


SUMMARY 


In summary, the following model for hydrogen 
embrittlement of ferritic iron is proposed. Because 
of strong interaction with dislocations and disloca- 
tion arrays, hydrogen segregates in the immediate 
vicinity of these, displacing the carbon and nitrogen 
atoms and causing them to assume positions further 
away. The consequence of this is a reduced inter- 
action between carbon, nitrogen, and dislocations 
which is manifested in a reduced flow stress at any 
given temperature and a reduction of the critical 
temperature above which thermal fluctuations ex- 
ceed the interaction energy. Because the configu- 
ration of carbon and nitrogen atoms is changed not 
in principle but in degree, the process of strain 
aging is unaffected by the presence of hydrogen. 
Also, since the drift velocity of hydrogen atoms is 
of the same order of magnitude as dislocations 
acting under stress, they exert no significant re- 
straint to movement, 

In the course of plastic strain, arrays of dis- 
locations and their attendant hydrogen atmospheres 
become blocked from further slip. Voids in these 
arrays form spontaneously by thermal fluctuations. 
The probability of large ones forming is governed 
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Fig. 6—Effect of 
pre-strain temper- 
ature on the flow 
stress of iron aged 
at 100°C. 
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by the sum of local and externally applied tensile 
stresses. A void large enough to be self-sustaining 
as a growing crack normally occurs only after sub- 
stantial ductile deformation or at high stress levels 
generated by other devices. When hydrogen is pres- 
ent in quantity in the regions where voids are con- 
tinually forming, disappearing and re-forming, there 
is a finite probability that two or more hydrogen 
atoms can jump irreversibly into the subsize voids 
and stabilize them. The irreversibility derives 
from the molecule formation, With the combined 
hydrostatic pressure of the hydrogen re-forming as 
molecules and externally applied stress, the rate of 
growth of these voids will be governed by the ther- 
modynamics of crack propagation outlined by 

de Kazinczy,* with the original Griffith postulate 
that the rate of release of surface energy is greater 
than the rate of expenditure of strain energy. 

More recently Petch’ has demonstrated that re- 
duction in surface energy by hydrogen absorption is 
sufficient to account for a significantly reduced 
stress for crack propagation. As with the Kazinczy 
model the time dependent growth of these cracks is 
governed by the diffusivity of hydrogen. 

This process can only occur in its entirety in 
materials where a strong interaction occurs be- 
tween dislocations and interstitial atoms. It is not 
difficult to visualize how the interplay of internal 
stress, external stress, temperature, hydrogen 
solubility, and hydrogen diffusivity can reasonably 
account for strain-rate effects on ducility, for 
flaking, and for static fatigue. 
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Low-Temperature Resistance Measurements as a 


Means of Studying Impurity Distributions in 


Zone-Refined Ingots of Metals 


Highly pure metals are needed for low-temperature electron transport studies in 
progress. Recent improvements in purification techniques, such as zone refining, have 
made it possible to obtain some metals with chemical purity improved to the extent that 
ordinary analytical methods are inadequate. In order to evaluate the purity of these 
metals and to aid in the selection of promising purification procedures for the metals 
that are more difficult to purify, techniques involving the measurement of the electrical 
resistance at liquid-helium temperatures have been devised for studying impurity dis- 
tributions in zone-refined ingots and other bulk samples. Compared with ordinary ana- 
lytical techniques, the resistivity method is rapid, sensitive, and does not require sig- 
nificant physical disturbance of samples with reasonable shapes. 


J. E. Kunzler and J. H. Wernick 


Hicuty pure metals are needed for low-tempera- 
ture electron transport studies in progress. Recent 
improvements in purification techniques, such as 
zone refining, have made it possible to obtain metals 
with improved purity. For some metais, the im- 
provement has been to the extent that ordinary ana- 
lytical techniques are inadequate and special meth- 
ods are needed.’ For other metals purification is 
more difficult, so that simple but rapid analytical 
methods are desirable as an aid in evaluating the 
effectiveness of purification procedures. Further- 
more, it is desirable to be able to determine the 
impurity level of the sample or ingot with the 
minimum of physical disturbance of the material. 

In order to aid in the preparation of purer metals, 
techniques involving the measurement of electrical 
resistance at liquid-helium temperatures have been 
devised for studying impurity distributions in zone- 
refined ingots and other bulk samples without de- 
stroying the ingot or its geometry. The method 
yields information on the variations in purity along 
the length of the ingot or sample and provides a 
measure of the overall purity of the material. Com- 
pared with ordinary analytical methods, the resis- 
tivity method is rapid, sensitive, and does not re- 
quire significant physical disturbance of samples 
with reasonable shapes. It has the disadvantage 
that resistance measurements are not specific, i.e., 
they do not identify the impurity. However, this 
disadvantage is offset by the advantage of being able 
to establish a measure of the overall purity so far 
as ‘‘electrically active’’ impurities are concerned. 

J. E. KUNZLER and J. H. WERNICK, Associate Members AIME, are 


associated with Bell Telephone Laboratories, Inc., Murray Hill, N. J. 
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METHOD AND ITS BASIS 


The method is based on the well-known fact that 
the resistivity, at liquid helium temperatures, of a 
reasonably pure metal containing no regions with 
additional phases decreases with increasing chem- 
ical purity or a decrease in the number of physical 
defects. It is convenient to separate the total re- 
sistivity into three parts: 


therm 


Ponys 
where p,,... is the resistivity due to the scattering 
of the conduction electrons by the lattice vibrations 
or phonons, p._ is the contribution due to physical 
defects, and eat originates from the effect of 
chemical impurities in the metal. Insofar as 
Matthiessen’s rule is obeyed,” Pony, and p...,, are 
independent of temperature. Except possibly in the 
very purest metals, p,,.,,, iS negligible at liquid 
helium temperatures and 


Pue Ponem [2] 


For zone-refined metals, which normally are well 
annealed and consist of large grains, at the chem- 
ical purity levels thus far attained the available data 
indicate that P.,y, 18 negligibly small or at least 
constant throughout the ingot. Assuming that the ef- 
fect of physical defects is negligible for isotropic 
metals, 


Prie Puan [3] 


This assumption appears consistent with most of 
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the observations. However, in sufficiently pure 
materials the contribution from physical defects 
will not be negligible. (This problem is under in- 
vestigation since it would be very useful to have a 
means of studying the comparatively small number 
of physical defects remaining in high-quality single 
crystals.) 

During zone refining® each impurity is carried 
from the bulk of the ingot to one or the other end 
depending on its relative solubility in the solid and 
liquid phase under actual refining conditions. The 
resistivity contribution from a single specie of im- 
purity is proportional to the concentration to a good 
first approximation.* For low concentrations of 
noninteracting species of impurities, 


= p,N, + p2N, + --- [4] 


where p; is the resistivity contribution per mole 
fraction of the ith specie, and N; is the mole fraction 
of the ith specie. If no impurities are added to, or 
removed from, solution with an isotropic metal but 
are redistributed during zone refining, and if it is 
assumed that the distribution of impurities is uni- 
form across the cross section of the ingot, 


L 
J p,,, Adl = const [5] 


where L is the length of the ingot and A is the cross- 
sectional area of the ingot. 

In resistivity studies of isotropic metals at liquid- 
helium temperatures, it is simpler to measure the 
ratio of the resistance at helium temperature to the 
resistance at the ice point, R,,,/R273x, than to di- 
rectly determine the resistivity which involves the 
determination of the geometrical shape factor. The 
relationship between the resistivity, p, and resist- 
ance ratio, R,,./R is 


Pre Rite Rue [6] 
Px 273°k 4*273°K 


where k is the ‘‘form factor’’ for the particular 
sample. Since p,,.., andk,,. /k273x are essentially 
constant with respect to minor purity variations, 


= const Pun [7] 


R273°x 


For a metal of reasonable purity, k,,. and k,,, differ 
only by thermal expansion between the two tempera- 
fures. Usually this is of the order of a percent and 


Pue 
8 
[8] 


R 273°K 


Replacing p,,. by R,,./Ry7~,x » Eq. [5] can be written 
in a convenient form for the current work 


L 
R 
——He_ A di = const 
J R73°K 
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CURRENT 


In using resistance ratio measurements on a 
massive sample it is necessary to assume that 
the current distribution is the same at the two tem- 
peratures involved. Such an assumption is not valid 
for an anisotropic metal containing a few large 
crystals of unrelated orientation if the anisotropy 
changes with temperature. However, except for 
ends of ingots, the method can be applied to ingots 
consisting of a single crystal of an anisotropic 
metal. Usually, it is not difficult to grow a single 
crystal by zone-refining methods. 

The low-temperature resistivity of a compara- 
tively pure metal is very sensitive to impurities in 
solid solution, but is less sensitive, and usually in- 
sensitive, to impurities present as a second phase. 
The impurities must be atomically dispersed to 
produce the maximum effect on resistivity. Smart 
and Smith® have shown that oxygen will remove 
iron, tin, arsenic, and other elements as oxides 
from solid solution with copper. Their observation 
explains why some commercial copper wires (which 
normally contain oxygen) have been found to have 
lower resistivities at liquid-helium temperatures 
than some spectroscopic grades of copper.® Thus, 
in using resistivity measurements as an analytical 
tool, the chemical and physical states of the metal 
are important considerations. 

The variation of the resistance ratio along an 
ingot is a measure of the impurity distribution along 
the ingot. The actual measurement of the resistance 
as a function of the length of a massive ingot re- 
quires very sensitive instrumentation, since the re- 
sistance of a 1l-in. section of a reasonably pure cop- 
per ingot 4 in. in diameter is about 107° ohms at 
the ice point and is only about 10~° ohms at liquid- 
helium temperatures. In order to obtain sufficient 
accuracy and sensitivity, facilities have been de- 
vised with which small de voltages can be meas- 
ured accurately to better than 10~° volts.’ By using 
10 amp of current, the small resistances of the in- 
tervals along an ingot were measured to an accuracy 
of 10-*° ohms. 

The approximate shape of a typical zone-refined 
ingot showing the relative positions of the potential 
leads is illustrated in Fig. 1. Thus far the leads 
have been attached with solder. This method is not 
completely satisfactory, since some solders become 
superconductive at liquid-helium temperature and 
can short circuit part of the interval between leads. 
Also, the removal of the solder is sometimes a 


POTENTIAL 
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Fig. 1—Approximate shape of typical zone-refined ingot 
showing relative positions of potential leads. 
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Fig. 2—Low-temperature resistivity of zone-refined 
copper. 


problem. However, no evidence of contamination 
by the solder has been observed, but more satis- 
factory methods of attaching the leads are being 
considered. 

The current is supplied from a storage battery 
stabilized by continuous use at a constant rate. The 
current is determined by measuring the potential 
urop across a standard resistor. The potential 
leads are completely shielded from electrostatic 
pickup in all of the circuitry external to the metal 
cryostat used for the liquid-helium measurements. 
The potential drop across each section of the ingot 
is measured with the facilities mentioned above in 
which thermal emfs in the circuits are compensated. 


ILLUSTRATIVE RESULTS OF MEASUREMENTS 


Results of measurements on zone-refined ingots 
or massive samples of copper, silver, and aluminum 
are shown in Figs. 2 to 7. It is not the purpose of 
this discussion to interpret the results extensively 
but rather to illustrate the types of useful informa- 
tion one can get by this procedure. More complete 
interpretations will be made later in connection with 
purification procedures when sufficient data are 
available. 

In Figs. 2 to 7, the resistance ratio, Ryo, /R43, 5 
is plotted as a function of the position along the 
length of the ingot. The observed values are av- 
erages over the intervals between potential leads 
and are shown as heavy horizontal lines extending 
the length of each interval. It is possible to draw 
many curves that will satisfy the necessary condi- 
tion that for each interval the area under the curve 
must be equal to the area under the horizontal line. 
The curves shown are among the more plausible 
ones connecting all of the intervals in a smooth, 
continuous, and simple manner. 

Figs. 2 and 3 show the resistance ratio variation 
along zone-refined ingots prepared from ASARCO 
99.999 pct pure %-in. diam copper rod. Measure- 
ments on unmelted vacuum-annealed sections of the 
original material are also included. The refining 
was performed in graphite boats contained ina 
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quartz tube using induction heating and a sweeping 

purified nitrogen protective atmosphere. A section 
of unmelted material was left on the impure or tail 
end of each ingot. Such a section makes it possible 


to check the impurity distribution balance in the bar. 


A check on the balance is not possible when the im- 
purities are concentrated at the extreme end, since 
it is not practical to measure near the ends of the 
ingots, see Fig. 1. 

The results in Figs. 2 and 3 show that there was 
very little, if any, net improvement in purity of the 
copper due to the zone refining. However, the 
curves do show that considerable material was 
moved along the ingot during the process. The 
ingot considered in Fig. 2 was refined using two 
molten zones, neither of which traversed the entire 
length of the bar although their excursions over- 
lapped near the center. The nature of the small 
bump suggests that the transfer of impurities from 
the lead zone to the trail zone was not complete. 
However, it is partially accounted for by the im- 
purities left by the final pass of the lead zone which 
terminated near the maximum. The large peaks at 
the impure ends of both ingots indicate the collec- 
tion of a comparatively large amount of impurity. 
It seems unlikely that the impurity came from a 
second phase in the original rod, since it was pre- 
pared by American Smelting and Refining Co. ina 
graphite container under reducing conditions.® 
Under such conditions, the existence of oxides is 
improbable. Currently, it is suspected that the 
impurities are coming from the graphite boat, the 
nitrogen atmosphere, or from the quartz tube which 
gets very hot as a result of the high temperatures 
and the large amount of heat required during refin- 
ing due to the high thermal conductivity of the cop- 
per. Thus far the impurity or impurities have not 
been identified spectroscopically. Gas analysis 
shows 0.002 pct oxygen in the region of the maxi- 
mum which appears to be insufficient to explain the 
contamination in terms of oxygen or finely dis- 
persed oxides of copper. It can be demonstrated 
by using the observations of Smart, Smith, and 
Phillips® and solubility data of Phillips and Skinner® 
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Fig. 3—Low-temperature resistivity of zone-refined 
copper. 
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Fig. 4—Low-temperature resistivity of “special” high- 
purity copper. 


that the maximum contribution from the oxygen is 
only of the order of 0.001 in R,, /R,,,. Although it 
seems unlikely that the extra resistivity is due to 
some sort of physical defects, this possibility has 
not been ruled out entirely. 

Fig. 4 shows the results obtained on a piece of 
ASARCO 99.999* pct Cu rod which was made avail- 
able from an especially pure laboratory lot. The 
top curve shows the resistivity of the material as 
received, and the bottom curve was obtained after 
the rod was annealed in vacuo (<107~° mm) for 8 hr 
at about 500°C. The difference in resistivity be- 
tween the two curves is probably due to strains in 
the initial material that were acquired during 
handling or casting. Although there is no evidence 
of a variation of chemical impurities along the 
length of this rod, there is such evidence in the 
annealed sections shown in Figs. 2 and 3 and from 
other data not included here. 

The results of low-temperature resistivity 
measurements for an ingot of zone-refined ASARCO 
99.99* pct Ag are shown in Fig. 5. The refining 
procedure was similar to that used for copper ex- 
cept that purified argon was used for a protective 
atmosphere rather than nitrogen. The behavior of a 
small ingot cast from the original material is shown 
on the left-hand side of Fig. 5. Although the re- 
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Fig. 6—Low-temperature resistivity of zone-refined 
aluminum. 
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Fig. 5—Low-temperature resistivity of zone-refined silver. 


sistance ratio is not as low as that for the best cop- 
per, it appears that the refining was effective. The 
ingot was refined over its entire length, and unless 
the impurities were highly concentrated on the tip 
of the impure end, there is no resistivity-volume 
balance between the improved and contaminated 
parts of the ingot. It seems more likely that either 
some volatile impurities were removed or impurity 
oxides were formed during zone refining. It is, of 
course, conceivable that the reference ingot may 
have been contaminated during casting and its re- 
sistance ratio is too large. It seems surprising that 
silver refines without the apparent contamination 
found for copper. Since the use of argon in place of 
nitrogen is the only major change in the procedures 
followed, there is reason to be suspicious of con- 
tamination from the nitrogen. 

Figs. 6 and 7 show the results obtained on ingots 
of aluminum zone refined in a graphite boat. Al- 
though the transfer of impurities between the two 
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zones in the case of the ingot shown in Fig. 6 was 
not completely effective, it is apparent that alumi- 
num zone refines well at this level of purity. It has 
been observed” that additional purification is dif- 
ficult. This point is being checked. When allowance 
is made for the fact that the pure end of the ingot 
becomes large in cross section at the expense of the 
impure end, there is a reasonable resistivity-volume 
balance between the improved part of the ingot and 
the part enriched with impurities. The resistance 
ratio of the first 6 in. of the ingot shown in Fig. 7 is 
0.0002. The resistance ratio of the starting ma- 
terial is shown by the broken horizontal lines in 
Figs. 6 and 7. 


CONCLUSIONS 


The use of low-temperature resistance measure- 
ments has been found to be a rapid, yet sensitive, 
means of studying impurity distributions in zone- 
refined ingots. The method is a useful analytical 
tool and an aid in the improvement of purification 
procedures. The procedure has the distinct ad- 
vantage of permitting an evaluation of the purity 
of an ingot or sample without the necessity of 
physically destroying it or its geometry. Such 
measurements also provide a simple means by 
which a rapid check can be made on possible con- 
tamination as a result of handling or annealing 
procedures. 

Although it has not yet been done by using this 
method, it is possible to evaluate ‘‘effective dis- 
tribution coefficients’’ which represent the relative 
solubility of a second substance in the solid and 
liquid phases under the conditions encountered in 
zone refining. An initial dilute alloy composed of 
the ‘‘impurity’’ under study and the solvent metal 
in a high enough state of purity to insure freedom 


from the complications of other impurities is 
required. 

The resistivity method is sensitive only to im- 
purities that are present in solid solution. Material 
collected in grain boundaries or second phases gen- 
erally has a relatively small effect on the resistiv- 
ity. Resistivity studies of purity have the disad- 
vantage of not being specific or quantitative, since 
all impurities contribute but not in equal propor- 
tions. However, it is advantageous to have a meas- 
ure of the total effect of all impurities on the elec- 
trical properties of metals that are intended for 
low-temperature transport studies. 
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Ternary Diffusion in Alpha Copper-Tin-Zinc 


F.N. Rhines, R. A. Meussner, and R. T. DeHoff 


ZINC diffuses through copper more rapidly than 
does tin.’ Accordingly, when a ternary diffusion 
couple is made, by bringing an a copper-zinc brass 
into contact with an a copper-tin bronze at fixed 
high temperature, it is to be expected that zinc will 
diffuse into the bronze faster than tin diffuses into 
the brass. Adjacent to the brass side of the couple 
the total alloy content (zinc plus tin) should diminish, 
therefore, while next to the bronze side the alloy 
content should increase. Since the path of compo- 


F. N. RHINES, Member AIME, is Alcoa Professor of Light Metals 
and Member of the Staff of the Metals Research Laboratory, Carnegie 
Institute of Technology, Pittsburgh, Pa. R. A. MEUSSNER, Associate 
Member AIME, is Research Metallurgist, Naval Research Laboratory, 
Anacostia, D. C., formerly Research Assistant, Metals Research Lab- 
oratory, Carnegie Institute of Technology, Pittsburgh, Pa. R. T. 
DEHOFF is Research Assistant, Metals Research Laboratory, Carnegie 
Institute of Technology, Pittsburgh, Pa. 

Manuscript submitted December 23, 1957. 


860-VOLUME 212, DECEMBER 1958 


Technical Note 


sition change must be continuous, in a single-phased 
alloy, it should follow a curved and, in general, an 
S-shaped course. The realization of this prediction 
is demonstrated in Fig. 1, where the composition 
paths of two ternary diffusion couples are plotted on 
the appropriate isotherm of the copper-tin-zinc 
phase diagram. 

The diffusion couples were both made from a bi- 
nary copper-tin alloy analyzing 5.0 pct tin placed 
against binary copper-zinc alloys analyzing 18.9 and 
29.3 pct Zn, respectively. These alloys were pro- 
duced from electrolytic grades of copper and zinc 
and a pure grade of straits tin, melted under borax 
in clay-graphite crucibles and cast in a vertical iron 
mold. Cylindrical pieces 1 in. in diam and 1% in. 
long were machined from the casting and were faced 
by metallographic polishing to good matching end 
surfaces. Pairs of the cylindrical pieces were held 
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in firm coatact by means of a %-in. bolt passed 
through an axially drilled hole; the Bolt was drawn 
firmly against washers bearing upon the two outer 
ends of the pair of cylinders. In this form the dif- 
fusion couple was heated for 21 days (504 hr) at 
750°C in a muffle furnace. 

Subsequently the bolts were removed, and each 
sample was examined externally and also upon a 
longitudinal section produced by grinding a facet 
lengthwise of the cylinder. It was noted in both 
cases that the bronze cylinder had increased 
slightly in diameter, adjacent to the weld, while the 
brass cylinder had contracted radially. Internally, 
adjacent to the interface, the brass was found to 
have developed a large number of rounded pores 
evenly dispersed and similar to those found by 
Rhines and Nelson.* The pores were present in 
smaller number all along the length of the polished 
facets, suggesting zinc loss through the cylindrical 
surfaces of the samples. At the interface itself 
there was in the sample made with the 29.3 pct Zn 
brass, a circumferential groove somewhat more 
than % in. in depth; beneath this the weld appeared 
sound. No obvious groove developed in the couple 
made with the 18.9 pct Zn alloy, but the weld was 
imperfect, so that it ruptured during subsequent 
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machining operations. 

After this examination the cylindrical sample was 
mounted in a precision lathe, the depleted surface 
layer was removed, and the central half inch of the 
couple was reduced to chips in layers parallel to the 
interface and averaging 2.5 thousands of an inch in 
thickness. Copper was determined by the electro- 
lytic method, tin was determined as the oxide and 
zinc by difference. The analytical results are 
plotted in Fig. 2 as functions of the distance from 
the weld interface. 

Under:rather different circumstances, Darken® 
has predicted and found an S-shaped distribution of 
carbon in an iron-silicon-carbon diffusion couple. 
The carbon content was initially identical on the two 
sides of the couple; only the silicon content of the 
steel differed. The gradient responsible for the re- 
distribution of carbon was identified with the dif- 
ference in the activity of carbon in steels of differ- 
ent silicon content, which difference was effectively 
preserved throughout the experiment, owing to the 
fact that the diffusion velocity of silicon is negli- 
gible as compared with that of carbon. The reasons 
for the development of an S-shaped composition path 
in this case and in the brass-bronze couple are thus 
seen to be quite different. In Darken’s example the 
path was curved by the changing diffusion velocity of 
one component, whereas in the present case the path 
is curved because of the difference in the diffusion 
velocity of two components and does not require that 
these rates vary with composition. 
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The Constitution of Delta-Phase Alloys of the 


System Uranium-Molybdenum-Titanium 


The phase relationships occurring between the intermediate o phases of the uranium- 
molybdenum and uranium -titanium systems have been determined. A ternary cut, based 
upon studies of alloys ranging in composition from uranium-31.5 at. pct Mo to uranium- 
34 at. pct Ti, illustrating these relationships and inferred isothermal ternary sections 


are presented. 


A. A. Bauer, F. A. Rough, and J. Doig 


An investigation of the phase relationships be- 
tween the 6 phases of the uranium-molybdenum and 
uranium-titanium systems was conducted by study- 
ing alloys ranging in composition from uranium- 
31.5 at. pct Mo to uranium-34 at. pct Ti. A ternary 
cut showing these phase relationships is presented 
upon the basis of thermal-analysis data obtained 
and upon the basis of metallographic and X-ray ex- 
amination of heat-treated and quenched specimens. 
Isothermal ternary sections, inferred from phase 
relationships determined between the two 6 phases, 
are presented for the uranium-molybdenum- 
titanium system. 

In the compositional range investigated, a y-ura- 
nium solid solution exists at elevated temperatures. 
At about 900°C the 6-U.Ti phase, with limited 
molybdenum solubility, forms. Epsilon, a molyb- 
denum-titanium-rich solid solution appears at the 
same temperature and appears in all phase regions 
that exist below this temperature except in the ter- 
minal 5-phase regions. The y phase is stable to 
approximately 660°C in titanium-rich alloys; the 
y and 56-U,Ti phases decompose at this tempera- 
ture to a uranium in a peritectoid reaction. The 
y phase in molybdenum-rich alloys of the ternary 
cut studied decomposes in an apparent eutectoid re- 
action, at about 593°C, to the 6-uranium-molyb- 
denum and a-uranium phases. The € phase while 
present, presumably plays a negligible role in these 
reactions. 

Titanium was found to markedly decrease the 
stability of retained y in these alloys. Age-harden- 
ing characteristics developed in titanium-containing 
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uranium-molybdenum alloys quenched from 900°C 
and aged at 500°C are ascribed to decomposition of — 
y to the a and € phases. 


INTRODUCTION 


Alloys of uranium with molybdenum, titanium, and 
zirconium, respectively, are of great interest be- 
cause of their potential use as reactor fuels. Asa 
result, this interest extends to the constitution of 
these alloys, particularly in view of their uniqueness 
of constitution. In these systems, alone, among 
known uranium-alloy systems, an intermediate 
phase forms by direct decomposition of the high- 
temperature y-uranium phase. 

As a prelude to possible future alloy develop- 
ment, an investigation has been undertaken of the 
phase relationships that occur between the inter- 
mediate phases of these systems. These phase 
relationships have already been reported for the 
intermediate 6 phases of the uranium-zirconium 
and uranium-titanium systems.’ 

The results of an investigation of the phase re- 
lationships between the 6 phases of the uranium- 
molybdenum and uranium-titanium systems are re- 
ported here. The phase relationships that occur in 
the binary systems pertinent to this investigation 
are shown in Fig. 1. Phase nomenclature appearing 
throughout this report is as shown in these dia- 
grams; the crystal structure of the phase is given 
in Table I, 


EXPERIMENTAL PROCEDURE 


Alloys were cast and fabricated to flat plate. 
Specimens were heat treated and examined metal- 
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Fig. 1—Solid-state portions of the uranium-molybdenum,? 
uranium-titanium,? and titanium-molybdenum® constitu- 
tional diagrams. 


lographically and by X-ray techniques. Thermal- 
analysis data and a limited amount of hardness data 
were obtained. 

Alloy and Specimen Preparation—Biscuit uranium, 
high-purity molybdenum sheet, and iodide titanium 
were arc melted and then cast into 7/2-in.-diam 
wire-bar forms. Nominal compositions of the eleven 
alloys prepared appear in Table III, 

A ¥,-in. section of each as-cast bar was removed 
for thermal analysis, while the remainder of the bar 
was fabricated to flat plate by being rolled out of a 
helium-atmosphere furnace at 980°C (1800°F). The 
majority of the alloys rolled satisfactorily at this 
temperature; alloys 1, 2, and 11 cracked during 
fabrication. The alloys were subsequently given an 
homogenization treatment of 24 hr at 900°C and fur- 
nace cooled. 
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Table |. Crystal Structure of Phases in U-Mo-Ti System 


Ternary 

Phase Structure 

Designation Binary Phase Crystal Structure Type 

a uranium Orthorhombic Cm cm 

uranium Tetragonal P4/mnm 
Y y uranium Body-centered cubic Im3m 

6 U-Ti 6 U,Ti Hexagonal P6/mmm 
6 U-Mo 5 U,Mo Tetragonal I/mmm 
© Molybdenum Body-centered cubic Im3m 

or 8 titanium 
Ti titanium Hexagonal P6/mmc 


Thermal Analysis—The complete series of alloys 
were subjected to conventional differential thermal 
analysis at heating and cooling rates of 3°C per min. 
For this purpose, /2-in.-deep holes were drilled in 
the cast homogenized wire-bar specimens for in- 
sertion of temperature measuring and differential 
thermocouples. Thermal data were recorded on a 
Brown Electronik X-Y recorder. 

Heat Treatment—On the basis of thermal data ob- 
tained, specimens were cut from the fabricated 
plates and given the following heat treatments: 

1) 20 hr at 850°C and water quench; 

2) 40 hr at 800°C and water quench; 

3) 120 hr at 700°C and water quench; 

4) 3 weeks at 625°C and water quench; 

5) 4 weeks at 550°C and water quench; 

6) 4 weeks at 500°C and water quench. 

In addition, selected specimens, annealed previ- 
ously at 700°C, were reannealed for 24 hr at 680°C 
and water quenched for further examination. 

A series of molybdenum-rich specimens were 
heat treated also for the purpose of obtaining some 
indication of the effect of titanium on the stability of 
the y phase of the uranium-molybdenum base alloy. 
These specimens were annealed for 2 hr at 900°C, 
water quenched, and were then transformed at 500°C 
for 1, 22, 100, and 500 hr. In addition to examining 
these specimens metallographically, Vickers hard- 
ness measurements were obtained. 

Heat treatment of specimens at 800°C and above 
was performed in a vacuum furnace under a pres- 
sure of 10-* mm of mercury or less. All other 
specimens were sealed in evacuated Vycor tubes 
for heat treatment. 

Metallographic Examination—Specimens for met- 
talographic examination were mounted in bakelite, 
ground wet through 600-grit paper, and polished on 
Forstmann’s cloth with Linde B abrasive and a di- 


Table Il. Differential-Thermal-Analysis Data 


Composition 
(Balance Uranium, 8 
At. Pct) Transformation 
Molyb- Titan- Temperatures, °C 


Alloy denum ium Heating Cooling 
4 24 8 593 - 
5 20 12.5 652 607 
6 15 18 660 627 
7 8.5 25 654, 821 592, 790 
8 5 29 657, 855 586, 834 
9 3 31 652, 863 590, 848 
10 1 33 877 - 
11 1 34 920 882 
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Table Ill. Results of X-Ray Diffraction Examination of Uranium-Molybdenum-T itanium Alloys 


Composition (Balance 
Uranium, At. Pct) 


Relative Phase Intensities2 


Annealing 
Alloy Molybdenum Titanium Temperature, °C 8U-Ti ©Mo-Ti yU 65U-Mo aU 
6 15 18 850 0 S vs 0 0 
8 5 29 850 MS MF vs 0 0 
4 24 8 800 0 S SS 0 0 
6 15 18 800 0 Ss S+ 0 0 
9 3 31 800 M M S 0 0 
1 31.5 0 700 0 0 vs 0 0 
2 29.5 2.5 700 0 M vs 0 0 
3 27 5 700 0 MS vs 0 0 
4 24 8 700 0 Ss Vs 0 0 
5 20 12.5 700 0 Ss MFd 0 VF + 
6 15 18 700 MF S Md 0 VF 
7 8.5 25 700 S M Fd 0 0 
8 5 29 700 vs 0 0 0 0 
9 3 31 700 vs VVF +d VFd 0 0 
10 1 33 700 Vs 0 0 0 0 
11 0 34 700 vs 0 0 0 0 
7 8.5 25 680 Vs F VFd 0 VVF 
2 29.5 2.5 625 0 M vs 0 0 
3 27 5 625 0 Ss Vs 0 0 
4 24 8 625 0 vs MF + 0 F 
6 15 18 625 M MSd 0 0 vs 
8 5 29 625 Vs Fd 0 0 VVF 
10 1 33 625 vs 0 0 0 0 
2 29.5 2.5 550 0 MF + vs vs 0 
4 24 8 550 0 Vs 0 0 MS 
6 15 18 550 M MS 0 0 S 
8 5 29 550 vs 0 0 0 F 
10 1 33 550 vs 0 0 0 0 
1 31.5 0 500 0 0 0 Vs 0 
29.5 2.5 500 0 MS F MS+ VF + 
3 27 S 500 0 Ny 0 M+ M 
4 24 8 500 0 vs 0 Fd M 
5 20 12.5 500 0 Vs 0 0 MF 
ay = very F = faint 
M = medium d = diffuse. 
S = strong 


lute chromic-acid solution. A number of specimens 

were given an additional electropolish at 40 d-c 

volts in a solution consisting of four parts chromic 
H,O) and one part 


acid (100 g CrOs in 118 cm 
glacial acetic acid. 


T T 
Thermal onolysis doto 


\ 


¢ 


betes 
~ 
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Fig. 2—Proposed ternary section between U-31.5 at. pct 
Mo and U-34 at. pct Ti. 
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A number of etching techniques were investigated. 
The best results were obtained by electropolishing 
in solutions of chromic acid and glacial acetic acid 
in the ratios of 4:1 and 18:1 at 6 and 20 d-c volts, 
respectively. The chromic-acid base solutions 
were prepared by mixing 100 g CrOs in 118 cm*® 
H,O and 100 g CrO; in 100 cm*® H,0, respectively. 

X-Ray Diffraction Techniques—Samples for X-ray 
diffraction examination were prepared by sawing a 
section out of the heat-treated metallographic speci- 
mens, wet grinding one end of the section to a slen- 
der point, and then electropolishing this end in a 
solution consisting of one part chromic acid (100 g 
CrOs in 118 cm* H,O) and four parts acetic acid. 

All samples were examined in a 57.3-mm Debye 
camera with filtered iron radiation. Only the tip of 
the sample was exposed to the X-ray beam. 


EXPERIMENTAL RESULTS AND DISCUSSION 


The ternary cut shown in Fig. 2 is based upon the 
results of this investigation and shows the relation- 
ships occurring between the uranium-31.5 at. pct 
Mo and uranium- 34 at. pct Ti 5-phase compositions. 
It is idealized in the vicinity of the 5-phase regions 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


S) 
tu 
Si 
ar 
pi 
cI 
an 
fo 
fo. 
TI 
th 
su 
the 
als 
re 
ph; 
abr 
for 
All 
Th 
of | 
niu 
tha 
at 
whe 
I 
ind 
the 
the 
The 
ura 
ura 
ing 
T 
allo 
per; 
tion 
and 
and 
M 
logr 
men 
| ficu! 
whe! 
@cta, u-Ti / | un e 
struc 
: \ pear 
area: 
alloy 
that 
THE M 


i- 


since additional phase regions are undoubtedly en- 
countered. However, details of these regions were 
not investigated and for this region solubility limits 
appear as dashed lines. Also, the upper tempera- 
ture limit of the y-plus-e region is extremely sen- 
sitive to small variations in molybdenum content 
and may be expected to increase or decrease ra- 
pidly in temperature with small increases or de- 
creases in molybdenum content. 

Thermal- Analysis Data—Data obtained by thermal 
analysis are shown in Table 2. No data are shown 
for Alloys 1, 2, and 3 because no evidence of trans- 
formation was obtained on either heating or cooling. 
The metastable y phase is apparently retained in 
these alloys on cooling to room temperature and on 
subsequent heating to the temperature of transfor- 
mation, thereby accounting for the absence of a 
thermal arrest. This stability of the y phase is 
also evident in the temperatures of transformation 
recorded on cooling in the remaining alloys, the y 
phase decomposing only after being super-cooled 
about 50°C, 

The only alloy that gave any evidence of the trans- 
formation from 6 uranium-molybdenum to y was 
Alloy 4, a slight thermal arrest being noted at 593°C, 
This temperature is intermediate to the temperature 
of the isotherms on either side of the binary ura- 
nium-molybdenum 6 phase. Consequently it appears 
that the y phase decomposes in the ternary system 
at a temperature above the binary y-phase eutectoid 
when titanium is added. 

In Alloys 5 through 9 only a single thermal arrest 
indicative of an isotherm was detected. This iso- 
therm is associated with decomposition on heating of 
the a-uranium phase in the ternary cut investigated. 
The absence of a second isotherm indicates that the 
uranium f-phase regions must be restricted to high- 
uranium alloys, no reaction involving 8 uranium be- 
ing detected. 

The second thermal break noted in titanium-rich 
alloys occurred over a temperature range, the tem- 
perature noted being taken as the end of transforma- 
tion. This thermal break varied with composition 
and was evidently associated with the appearance 
and disappearance of the 5-U2Ti phase. 

Metallographic Results—Typical microstructures 
of heat-treated alloys are shown in Fig. 3. Metal- 
lographic identification of phases present in speci- 
mens annealed at the lower temperatures was dif- 
ficult because of the fineness of precipitate; thus, 
it was necessary to rely upon X-ray data. However, 
when correlated with X-ray data the microstruc- 
tures were extremely useful in determining the 
presence of small amounts of phases that were 
undetectable by X-ray. 

Figs. 3(a) and 3(b) show the two- and three-phase 
structures stable at 850°C. The minor phase ap- 
pearing in Fig. 3(b) is 6 U2Ti. 

At 700°C, Fig. 3(c), three phases are found in the 
alloy that was two phase at 850°C. The darker 
etching areas contain three phases, the lighter 
areas two phases. 

The structures, at 700°C, of the terminal-binary 
alloys are shown in Figs. 3(d) and 3(e). It is seen 
that the uranium-molybdenum binary alloy consists 
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of two phases, y and €, indicating that the solubility 
of molybdenum in y uranium is less than the nomi- 
nal molybdenum content of 31.5 at. pct. A small 
amount of second phase, identified as probably being 
q@ uranium, also appears in the 6 U2Ti structure in- 
dicating either that the intended composition was not 
attained or that the 6-U2Ti solubility range does not 
extend to this composition. 

Structures obtained at 500°C are shown in Figs. 
3(f), 3(g), 3(2), and 3(). The 6 uranium-molyb- 
denum structure is shown in Fig. 3(f). The addi- 
tion of 2.5 at. pct Ti results in the formation of a 
and ¢€, Fig. 3(¢), which precipitate in the prior y 
grain boundaries of the uranium-molybdenum 6 
phase. Figs. 3(4) and 3¢) show the two-phase 
structure, a plus €, and the three-phase structure, 
a plus € plus 6 U2Ti. Fairly large € particles, 
which precipitated either during the initial homog- 
enization treatment at 900°C or on furnace cooling 
from this temperature, appear in the respective 
two-phase and three-phase matrix structures. 

X-Ray Diffraction Results—The results of X-ray 
diffraction examination of samples are given in 
Table III and in Fig. 4. These show the relative 
intensities of the phases identified and the lattice- 
parameter variations in alloys quenched from 700°C. 

Phase-identification data are also shown plotted 
in Fig. 2. It must be realized that identification of 
phases by X-ray is limited to the major phases ap- 
pearing in the specimens and that minor-phase con- 
stituents may not be detected. 

The lattice parameter variations at 700°C indicate 
the limits of the two- and three-phase regions, The 
€ phase varies in lattice constant from 3.147A to 
3.206A, which corresponds to a variation from es- 
sentially pure molybdenum to a molybdenum-60 wt 
pet Ti binary alloy. The actual composition of the e 
solid solution in this three-phase region probably 
contains less than 60 wt pct Ti because the uranium 
in solution would expand the unit cell of this phase 
by an unknown amount, 

The lattice constant of the y phase increased 
from 3.20A in the binary uranium-molybdenum 
alloy to 3.44A in Alloy 4. This indicates an in- 
crease in uranium content of the y phase with in- 
creasing titanium addition. The X-ray pattern of 
the y phase in Alloys 5, 6, 7, and 9, which con- 
tained still more titanium, was diffuse, and only 
approximate lattice constants could be estimated. 
These ranged from 3.46A to 3.50A and showed no 
consistent variation. Apparently on quenching from 
this temperature the equilibrum y phase is no 
longer completely stable, and some transformation 
occurs, the expanded lattice constant indicating a 
uranium-enriched y phase. The presence of faint 
q@ patterns in two of these alloy specimens shows 
that a partial decomposition of y to a uranium has 
occurred, 

Measurements of lattice spacings of the 5 U2Ti 
phase indicate a fairly large solubility of molyb- 
denum, the spacing showing a regular increase in 
alloys 8, 9, 10, and 11. However, metallographic 
and thermal data do not agree with this large 
solubility range. Metallographically, alloys 8, 

9, and 10 were at least two-phase alloys at 700°C. 
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Alloy 6; U-15 at. pct Mo-18 at. pct 
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Alloy 11; U-34 at. pet Ti, 120 hr 
700°C, water quench, 6 U,Ti. 
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Alloy 8; U-5 at. pet Mo-29 at. pct 
Ti, 20 hr 850°C, water quench, 
y + € + 6 U,Ti. X500. 


Alloy 1; U-31.5 at. pct Mo, 3 weeks 
625°C, water quench, y + € (trace). 


Alloy 6; U-15 at. pct Mo-18 at. pct 
Ti, 120 hr 700°C, water quench, 
y + €+ 6 U,Ti. X250. 


Alloy 1; U-31.5 at. pet Mo, 4 weeks 
500°C, water quench, 6 U-Mo. X500. 


as 


Alloy 6; U-15 at. pct Mo-18 at. pct 


Alloy 2; U-29.5 at. pct Mo-2.5 at. 
pet Ti, 4 weeks 500°C, water 
quench, 6 U-Mo + e€ + a. X500. 


Alloy 5; U-20 at. pct Mo-12.5 at. 
pet Ti, 4 weeks 500°C, water 
quench, a + €. X500. 


Ti, 4 weeks 500°C, water quench, 
a+eé+ 6 U,Ti. X500. 


Fig. 3—Microstructures of annealed and quenched uranium-molybdenum-titanium alloys. Enlarged approximately 4 pct 


for reproduction. 


A thermal arrest noted in alloys 8 and 9 indicates 
that at a minimum these alloys were two phase at 
the isotherm temperature, In addition, three 
phases were identified by X-ray diffraction in 

alloy 9. This observation does not necessarily 
limit this alloy to a three-phase region, however, 
since precipitation from the 5 phase could have oc- 
curred on quenching from 700°C, At any rate, the 
data are not consistent on the ternary solubility of 
this phase. It is possible that maximum solubility 
occurs at a compositional section higher in tita- 
nium than was investigated, placing alloys 8, 9, and 
10 in a two-phase region where lattice parameter 
‘variations may be expected. However, it is sus- 
pected that the time of heat treatment, 120 hr at 
700°C, may have been insufficient to produce equi- 
librium in the 6 phase, thereby accounting for the 
apparently wide solubility range. 
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An indication of the changing composition of the 
€ phase present in the three-phase region of the 
ternary cut was obtained by measurement of lattice 
parameters in three-phase alloys quenched from 
850°, 800°, and 700°C. The €-lattice constants 
were 3, 268, 3.221, and 3.206A, respectively. This 
change corresponds to an increase of over 40 wt pct 
molybdenum in molybdenum-titanium binary alloys. 
If it is assumed that the uranium content of this 
phase decreases with decreasing temperature, then 
the molybdenum content increase in the ternary 
solid solution should be somewhat less over this 
temperature range. 

Hardness Changes during Transformation of 
Molybdenum- Rich Alloys—The effect of titanium 
on transformation of the y phase in molybdenum- 
rich alloys is shown by the hardness changes given 
in Table IV. 
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The y phase is retained on quenching these alloys forms. Below this temperature, a molybdenum- 


from 900°C, the hardness of the retained y phase titanium-rich solid solution forms and appears at 
decreasing with the first small titanium addition. lower temperatures in all alloys but the terminal 
The character of the hardness change accompanying 6-phase alloys. 
transformation at 500°C also changes with this addi- Evidence for two isotherms was found, one oc- 
tion. In the binary alloy, alloy 1, the y to 6uranium- curring at about 593°C in molybdenum-rich alloys, 
molybdenum transformation is accompanied by a the other occurring at about 660°C in titanium- 
decrease in hardness, while all of the titanium- rich alloys. The reactions are evidently associated 
containing alloys show age-hardening characteris- with y-phase decomposition, to 6 uranium-molyb- 
tics. The speed with which maximum hardness is denum and a@ uranium, respectively. 
reached increases with titanium content indicating No evidence for the appearance of 8 uranium in 
decreased stability of the y phase. phase regions of the ternary cut was obtained, in- 
The age-hardening reaction is evidently associ- dicating that this phase must be restricted to ura- 
ated with precipitation of the a and € phases, maxi- nium-rich alloys. 
mum hardness of the transformation products being Solubility of titanium in the 6 uranium-molyb- 
seen to increase with the amount of these phases denum phase is very limited. Solubility of molyb- 


formed. Alloy 5, in which the y phase decomposes 
to a and € only, reaches maximum hardness after 
approximately 1 hr, overaging with additional trans- 
formation time. 


SUMMARY AND CONCLUSIONS 


Upon the basis of thermal analysis, metallogra- 
phic, and X-ray data, a ternary cut showing the 
phase relationships which occur between the 6 
phases of the uranium-molybdenum and uranium- 
titanium systems has been constructed. Since the 
number of alloys examined was limited, details, 
particularly in the vicinity of the 6-phase regions, 
are undefined. The same is true with respect to 
solubility limits of these regions and limits of the 
two-phase a-plus-e region. 

A single-phase y solid solution exists at tem- 
perature above that at which the 6-U2Ti phase 


Table IV. Hardness Changes in Uranium-Mol ybdenum-T itanium 
Alloys Quenched from 900°C and Transformed at 500°C 


Composition 


(Balance Uranium, VHN, 10-Kg Load for Given 
At. Pct) Time, Hr, at 500°C 

Alloy Molybdenum Titanium 0 1 22 100 #500 

1 31.5 0 376 §=63370 3312 322 

2 29.5 2.5 322 327 442 

3 27 5 314 325 4455 488 488 

314 = Fig. 5—Hypothetical sequence of ternary sections illus- 


trating ternary invariant reactions at 660° and 593°C. 
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denum in the 6 U2Ti phase may be quite extensive, 
as indicated by X-ray diffraction lattice-parameter 
studies, although based on metallographic and 
thermal-analysis data the solubility is much more 
limited. If the solubilities indicated by X-ray are 
correct, it seems reasonable to assume that maxi- 
mum solubility occurs in compositions richer in 
titanium than those investigated. 

Upon the basis of the experimental data a series 
of hypothetical isothermal ternary sections have 
been constructed, Fig. 5, as an aid in interpretation 
of the ternary cut. In particular, details of the re- 


actions at 660° and 593°C are presented. At 660°C, 


four three-phase regions are involved: (a + y 

+ + +7 + (@ + Sy-ri + €) 

+ (a+y + €). Similarly at 593°C, the following 
three-phase regions are involved: (a@ + y + €) 

+ (y + byyo +€) (a+ 7 + + + 
+ €). At temperatures below 575°C, the y phase 
disappears completely. 

The phase relationships shown in these sections 
are seen to be consistent with the ternary cut of 
Fig. 2. It is also readily seen from these sections 
that the phase relationships in the vicinity of the 6 
phases are much more involved than is shown in 


Fig. 2. However, since details of these regions 
were not experimentally determined, these areas 
have been simplified, but while simplified, show the 
observations pertinent to the system. 

It must be emphasized that the presentation of 
isothermal sections is not meant to imply that the 
compositional limits of phase regions in the ternary 
system have been defined. However, it is believed 
that the phase relationships shown offer a reliable 
description of phase relationships in the uranium- 
molybdenum-titanium system and should provide a 
firm basis for any future, more detailed studies of 
the system. 
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Some High-Temperature Properties 


of Nickel-Alloy Powder Extrusions 


Containing Nonmetallic Dispersions 


The experimental powder-metallurgy materials made by extrusion consist of 80/20 
nickel-chromium alloy matrices with various hard-phase additions. 

Several methods of obtaining a uniform dispersion of a hard phase throughout a ductile 
metal matrix are reviewed, although the mechanical mixing method, i.e., the direct blend- 
ing of the soft and hard constituents, is the principal one employed in this work. 

Stress-rupture tests on the extruded materials were carried out at both 1500° and 
1800°F and these showed that the high-temperature strength of the matrix could be in- 
creased considerably with certain oxide and carbide additions. High- -temperature duc- 
tility and room-temperature impact values of some of these materials were low in com- 


parison with cast and wrought alloys. 


Optical and electron microscopical examinations revealed variations in structure 
which resulted from changes in the conditions and methods of manufacture. 


Eric Gregory and Claus G. Goetzel 


The outstanding elevated temperature properties 
of materials made from sintered aluminum powder 
have been well established in recent years,’* and 
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considerable investigation has been carried out on 
the structures which appear to be responsible for 
this type of strengthening.” * The maximum opera- 
ting temperature of such materials is severely 
limited, however, by the low melting point of the 
aluminum matrix; and, therefore, considerable 
interest was aroused in methods of introducing the 
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Table |. Some Methods of Making Dispersion-Strengthened Systems 


Method Advantages 


Disadvantages 


1) Mixing4—6 


2) Deposition: 10 
matrix 


3) Decomposition of 
compounds 


4) Diffusion 1° 


5) Internal oxidation of . 
wrought material 12 dispersion 


6) Internal oxidation of 


powders 10 dispersion 


Applicable to many systems 


Hard particles separated by 


Fine dispersion of hard phase 
on matrix particles 


Similar to “SAP” type of 
strengthening 


Exceedingly fine uniform 


Exceedingly fine uniform 


Requires: Fine powders 
Ideal blending 


Restricted application 
Requires fine hard parti- 
ticles 


Limited application 
Requires fine matrix 
particles 


Limited application 
Difficult to control 
quantity of hard phase 


Restricted application 
Surface penetration only 


Restricted application 


dispersion type of strengthening into more re- 
fractory base metals and alloys in an attempt to 
make materials capable of operating at much higher 
temperatures. A number of results from widely 
diversified systems have been reported and sum- 
marized recently. *° 

Aluminum has certain characteristics which are 
thought to be of great importance in accounting for 
the unusual properties of SAP: 

1) It forms an adherent oxide film, but oxygen 
has low solubility in the metal and causes no ap- 
preciable embrittling effect. 

2) It is ductile and is readily available as very 
fine flake powder. 

3) It forms an oxide which is very stable at the 
temperatures encountered in the use of aluminum 
alloys. 

If the dispersion-hardening phase is to be intro- 
duced into other metal or alloy matrices in the same 
manner as that which is employed in SAP, the num- 
ber of suitable systems available is severely 
limited. 

Magnesium powder has been successfully used to 
form materials with improved elevated temperature 
properties;’ but, again, the maximum operating 
temperature was severely limited by the low melt- 
ing point of magnesium metal. In this system, also, 
an adherent oxide is formed without the embrittle- 
ment of the ductile matrix and the oxide is stable 
at the temperatures encountered in service. 

Titanium has also been employed as a matrix for 
the attempted development of an SAP-type material.° 
This metal, however, although it forms under cer- 
tain conditions a relatively stable adherent oxide, 
suffers from embrittlement when exposed to many 
gases. 

Many of the more refractory metals and alloys 
form oxides which are relatively unstable under the 
required conditions of service; and, therefore, other 
methods of introducing the hard phase in a highly 
dispersed form were considered. 

Some of these methods and the advantages and 
disadvantages of each are listed in Table I together 
with references to some of the investigations. 

Much of the early work reported was on elemental 
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metal matrices containing a disperse phase, usually 
an oxide. In most of these cases, a marked im- 
provement in stress-rupture and creep properties 
has resulted from the addition of the oxide. The 
purpose of the work described here was to attempt 
to obtain similar improvements to those described 
by previous workers, but, in this instance, by using 
an alloy as the matrix instead of elemental metals. 


EXPERIMENTAL PROCEDURE 


The matrix material used was 80/20 nickel- 
chromium alloy powder and this was combined 
either with titanium carbide or a variety of oxides. 

As the principal approach used in this investiga- 
tion was that of mechanical mixing, carefully con- 
trolled particle sizes of the constituent powders 
were required in order to achieve a good dispersion 
of the hard phase. In the absence of available in- 
formation on the optimum particle sizes of the hard 
phase and matrix powders required to give maxi- 
mum strengthening, the finest particle sizes which 
were readily obtainable were used in each case. 
These approximate particle sizes are given in 
Table II. In most of the composite materials in- 
vestigated, the hard phase was adjusted so that in 
each case it was present in the same volume per- 
centage, z.e., 17.5 pct. 

The constituent powders were mixed together by 
several different blending techniques, including wet 
and dry ball milling, and by using a household food 
blender. The blends were pressed, at 30 tsi, into 


Table II. Particle Sizes of Powders 


Matrix material 
80/20 nickel chromium -400 mesh 
Addition phases 
0.05 » nominal average 
0.03 » nominal average 


Alumina *B” 
Alumina *C” 


Magnesia Platelets 50 by SO0A 
Titanium carbide 1.0 p average 


Thoria 
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(a)Powders mixed 
in a blender. 
Sintered at 2280°F. 
Etched in HCl. 

X500..Enlarged 
approximately 30 

. pet for reproduc- 
tion 


(5)Powders wet 
ball-milled to- 
gether. Sintered 
at 2280°F. Etched 
in HCl. X590. 
Enlarged approxi- 
mately 30 pct for 
reproduction. 


Sel 


Enlarged approxi- se! 


(d)Powders dry 
ball-milled to- 
gether. Sintered 
at 2000°F. Etched 
in HCl. X500. 
Enlarged approxi- 
mately 30 pct for 
reproduction. 


Fig. 1—As-extruded structures of 80/20 nickel chromium 17.5 pct by volume of alumina “C” after different conditions 


of blending and sintering. 


small billets and sintered at 2000° or 2280°F in dry 
hydrogen. 


Final densification was accomplished by extrusion. 


In order to facilitate this operation and to protect 
the billets from oxidation prior to densification, a 
sheathed extrusion technique was employed. Each 
billet was sealed in a mild steel can under vacuum; 
this was then heated in air, extruded, and the sheath 
removed by pickling in nitric acid. The extrusions 
were cut into lengths, and, in addition to metallo- 
graphic examination, room-temperature impact and 
high-temperature stress-rupture tests were carried 
out on the materials. 


EFFECT OF FABRICATION VARIABLES 


The method described for the fabrication of com- 
posite bodies consists of a number of independent 
steps and variations in any one of these can pro- 
foundly affect the properties of the resultant mate- 
rial. Certain of these fabrication steps were inde- 
pendently varied and the effect on the properties of 
the resultant material was noted. 

Blending—The blending operation is of the utmost 
importance as the first objective in fabrication is to 
obtain a uniform mixture of two widely differing 
constituents. 

Blends were made of —400-mesh 80/20 nickel- 
chromium powder and 17.5 pct by volume of very 
fine aluminum oxide, 0.03-,. particle size with a 
type of y crystal structure, using three different 
blending techniques: 

1) Simple mixing of the powders in the blender 
in acetone suspension. 
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2) Milling in water in a centrifugal type of ball 
mill. 

3) Dry milling in a centrifugal ball mill in the 
presence of stearic acid. 

The resultant structures of materials made from 
these blends, after sintering at 2280°F and extrud- 
ing at 2000°F, are shown in Fig. 1. 

The material produced by using the food blender 
appears to give a structure in which the addition 
agent is not uniformly dispersed, Fig. 1(a). Wet- 
and dry-ball milling, Figs. 1() and (c), give a more 
homogeneous type of structure, although the hard- 
phase dispersion is relatively coarse. The mate- 
rials with the apparently uniform structures did not, 
however, have the highest stress-rupture properties 
in tests carried out at 1500°F, Fig. 2. The mate- 
rials made from both wet- and dry-ball millings 
showed reduced stress-rupture lives when compared 
with the material containing no additions, while the 
blender-produced material showed a small increase 
in rupture properties. 

These results confirm a fact well known to those 
familiar with dispersion-hardened materials: Ex- 
amination using the optical microscope does not 
give a reliable indication of the stress-rupture 
properties to be expected under conditions of the 
type described above. The optical microscope 
probably does not reveal the structure which is 
responsible for strengthening; and the blended ma- 
terial may, in actual fact, contain a larger per- 
centage of fine particles than the other materials, 
although such a condition is not clearly visible in 
the micrographs. 

It is also possible that in the above materials, 
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which contain relatively coarse and, therefore, in- 
effectual dispersions, the other variables resulting 
from the different blending techniques may have a 
greater effect than the hard particles on the prop- 
erties. It is reasonable to expect that subjecting 
the matrix particles alone to the high deformation 
forces encountered in centrifugal ball milling would 
markedly affect the properties of the material made 
from them, quite apart from any effect that it may 
have on the structure of the composite material. 

Further examination of the structures, using the 
electron microscope, and more detailed experimen- 
tation on blending techniques must be carried out 
before reliable predictions of strength can be made 
from such dispersoid structures made by different 
blending methods. 

Sintering Temperature—The structures described 
above are of materials which have been sintered at 
2280°F and subsequently extruded at 2000°F and 
they show considerable evidence that a certain 
measure of agglomeration of the hard phase has 
taken place during their manufacture. 

This agglomeration could be due to several fac- 
tors including physical or chemical instability of 
the alumina or to an interaction between it and the 
matrix, and in this connection it should be borne in 
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100 1000 
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mind that the matrix contains chromium. If agglom- 
eration is due to either of the above causes, lower- 
ing of the sintering temperature would be expected 
to reduce the tendency toward agglomeration and 
thus lead to a finer dispersion of the hard particles. 
This lowering of the sintering temperature would 
not reduce the density of the resultant material as 
most of the consolidation is achieved by the extru- 
sion operation. 

Using the dry-milled blend of 17.5 pct alumina 
‘““C”’ and 80/20 nickel chromium described above, 

a billet was prepared, sintered at 2000°F, and ex- 
truded at the same temperature. The structure of 
the resultant material is shown in Fig. 1(d). A much 
finer dispersion of hard-phase particles has re- 
sulted from the use of the lower sintering tem- 
perature, and the structure appears similar to that 
of SAP at a like magnification. 

The stress-rupture properties at 1500°F of the 
material containing the fine dispersion are shown 
in Fig. 3 compared with the same material ex- 
truded after sintering at 2280°F. Lowering the 
sintering temperature increased the rupture life 
at a given stress, but this strength increase was 
only obtained with the sacrifice of ductility. The 
slope of the rupture curve is also greatly reduced 
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Fig. 4—Electron micrograph of 80/20 nickel chromium 
containing alumina *C”. X12,000. Reduced approximately 
27 pet for reproduction. 


when compared with that of the material containing 
no additions. This is also characteristic of dis- 
persion-hardened materials which tend to be 
markedly superior in long-time tests. 

The strength increments obtained, with the addi- 
tion of 17.5 pct alumina ‘‘C,’’ were very small, 
even when sintering was carried out at the lower 
temperature; from the microstructures, large 
increases may have been expected. Therefore, 
consideration was given to the question of adding 
other addition phases in place of alumina ‘‘C.’’ 

Other Addition Phases—Experimental materials 
were made using various other oxide addition 
agents. Although there are indications® that a 
alumina would have been a more stable form of 
alumina to employ for hardening in these materials, 
it was not readily available in a fine enough form 
and another and slightly coarser form of y alumina 
(alumina ‘‘B’’), having a nominal average particle 
size of 0.05 y, was used. 

An extrusion was made containing 17.5 pct of this 
form of alumina and 80/20 nickel chromium. Both 
sintering and extrusion were carried out at 2000°F. 
The results of the stress-rupture tests are shown in 
Fig. 3. The properties of this material at 1500°F 
are a very marked improvement over those of the 
previously described materials, but, despite this, 
the structure shown under the optical microscope 
appears similar to that of the material made 
with alumina ‘‘C,’’ Fig. 1(@). 

As the optical microscope was not a very helpful 
tool for use in connection with the prediction of 
strength from structure, an examination of the mate- 
rials under the electron microscope was undertaken. 
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A platinum-shadowed plastic replica of the alu- 
mina ‘‘C’’-containing material revealed the struc- 
ture shown in Fig. 4. This shows a relatively 
uniform distribution of areas which may corre- 
spond to the hard particles in the composite material, 
but, at present, this is little more than conjecture 
and further confirmatory evidence is required. If 
the areas do correspond to the hard particles, ag- 
glomeration must have taken place as they have an 
average diameter of approximately 0.3 yu, whereas 
the nominal average particle size of the ‘‘as-re- 
ceived’’ powder was 0.03 yp. It is possible, however, 
that the replica technique used is not a suitable one 
for revealing the smallest particles. 

Despite the fact that the matrix material was as 
coarse as —400 mesh, the mean particle spacing of 
the areas observable in the electron micrograph of 
the material made by dry blending in a centrifugal 
ball mill was only 1.3 yp. If the structure revealed 
in Fig. 4 is indeed the true structure, it appears 
possible that the hard phase has become embedded 
in an appreciably deformed ductile matrix during 
milling. This seems to have permitted a closer 
approach of the hard particles than would have been 
possible if the matrix had remained substantially 
undeformed. 

An electron micrograph of the dry-milled blend 
containing alumina ‘‘B’’ showed a similar type of 
structure. 

The next extrusion was made under the same con- 
ditions as those described above, but, in the place of. 
alumina, the same volume percentage of magnesia 
was used. The magnesia was a specially ground, 
light burned form consisting of platelets approxi- 
mately 50 by 500A. The metallographic structure 
as shown by the optical microscope was very simi- 
lar to those of the alumina-containing materials 
shown above. Fig.3 illustrates the improved stress- 
rupture properties at 1500°F over material con- 
taining no additions and that containing alumina‘‘C,”’ 
but it does not show as marked a resistance to 
deformation as that containing alumina ‘‘B.’’ 

The same diagram also shows the stress-rupture 
curve at 1500°F of a material made from a blend of 
80/20 nickel chromium with 16 pct by volume of 
titanium carbide. The stress for a 100-hr life was 
increased from 4800 psi to 14,000 psi with the 
titanium-carbide addition. 

The titanium carbide used in this material had an 
average particle size of 1 uw; blending was carried 
out wet in a conventional ball mill. A relatively 
coarse distribution of hard-phase particles re- 
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sulted, as shown in Figs. 5 and 6, an optical micro- 
graph and an electron micrograph respectively. 

The marked strength increase accompanied by 
appreciable elongation was achieved despite the 
relatively coarse dispersion of the carbide; this 
can be explained by the favorable wetting and bond- 
ing characteristics of this system. Since, however, 
there is some solubility of the carbide in the ma- 
trix and the carbide particles themselves are rela- 
tively unstable, the system may be considered to 
differ in some ways from those of materials dis- 
persion hardened with oxides. 

The effectiveness of dispersion hardening is de- 
pendent upon the stability of the addition phase. 
Oxides should, therefore, be effective addition 
agents, particularly at the higher temperatures, 
although the possible importance of bonding be- 
tween the oxide and the ductile matrix cannot be 
neglected.**** Fig. 7 shows stress-rupture prop- 
erties of some of the materials described above 
at 1800°F. 

Those containing alumina ‘‘C’’ and alumina ‘‘B,”’ 
as well as magnesia, all have lower stress-rupture 
properties than are displayed by the material with- 
out additions. The magnesia-containing material, 
however, was superior in strength to that containing 
alumina ‘‘B,’’ while in the 1500°F test described 
above the opposite was the case, It is possible to 
explain this by an increased stability of the mag- 
nesia in the nickel-chromium matrix at the higher 
temperature. 

The material containing titanium carbide is still 
the strongest at 1800°F despite its coarse distribu- 
tion of hard phase. 

None of the above-mentioned materials, with the 
possible exception of that containing titanium car- 
bide, which, as mentioned above, cannot be regarded 


Fig. 6—Electron micrograph of 80/20 nickel chromium 
16 pct by volume of titanium carbide. Etched in Marble’s 
reagent. X12,000. Reduced approximately 45 pct for re- 
production. 
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as an ideal dispersion-hardened material, show a 
significant improvement in strength at 1800°F. 

From theoretical considerations and the above 
observations on magnesia and alumina materials, 
there was some indication that the more thermo- 
dynamically stable the oxide employed for strength- 
ening, the more effective it would be. For this 
reason, it was decided to employ thoria as an addi- 
tion agent to 80/20 nickel chromium. However, the 
stability of refractories in contact with matrix 
materials cannot be predicted easily because of its 
dependence on many factors other than purely 
thermodynamic ones. The thoria used was ball 
milled in a ceramic mill for several hours and had 
a particle size of less than 1 yu. Mixing with the 
matrix powder was carried out in a blender and 
the resultant material was sintered at 2000°F. 

Fig. 7 shows the stress-rupture results obtained 
at 1800°F on this material as compared with those 
of material containing no additions, cast and 
wrought Inconel, and cast and wrought Inco 700. 
Owing to the decreased slope of the stress-rupture 
curve, it appears that, if the properties of the 
thoria-containing material can be extrapolated to 
1000 hr, the strength would be equal to that of some 
of the widely used wrought nickel base alloys. 

This material, however, shows low ductility in 
stress-rupture tests at 1800°F, elongation varying 
from 1 to 6 pct. The room-temperature impact re- 
sistance, 13 in. lb, is low compared with that of the 
cast and wrought alloys, being only slightly superior 
to that of most of the cermets. The impact re- 
sistance was measured on an unnotched bar %¢ in. 
sq. It is possible, however, that by decreasing the 
percentage of oxide, the ductility of the resultant 
product could be increased without markedly af- 
fecting the stress-rupture strength. 

The structure of the thoria-containing material, 
Fig. 8, is nonhomogeneous; this type of structure 
appears to be characteristic of materials made by 
mixing in a household blender. 


DISCUSSION AND SUMMARY 


The mechanical mixing method and certain of the 
techniques of wrought powder metallurgy have been 
used to produce relatively long rods of composite 
materials of high density with an 80/20 nickel- 
chromium matrix. 

Structures which, under the optical microscope, 
resemble those of SAP materials have been ob- 
tained from the materials containing oxide addi- 
tions. In such materials, a lower temperature 
sintering treatment, yielding a finer dispersion, 
gave rise to higher rupture strengths, provided 
that all the other manufacturing conditions were 
kept the same. 

Changes in the manufacturing steps or in the 
chemical or physical properties of the addition 
phase can appreciably affect the properties of the 
resultant material. Some of these changes are 
reflected in the structure as observable under the 
optical microscope; others are not. For this 
reason alone, care must be taken when predicting 
strength from structure. 
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Fig. 7—Stress-rupture curves at 1800° F 
of 89/20 nickel-chromium powder ex- 
trusions containing various addition 
agents compared with some cast and 
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Electron-microscope examination may yield 
more useful information, but, here again, micro- 
graph interpretation requires considerable care. 

Stress-rupture tests at 1500° F showed that, at 
this temperature, the addition of a variety of oxides 
or titanium carbide increased strength appreciably. 

16 pct by volume of titanium carbide in 80/20 
nickel chromium increased the stress for a 100-hr 
life from 4,800 psi to 14,000 psi although, in this 
system, the solubility of carbide in the matrix may 
have contributed more to the strength of the product 
than dispersion hardening. 

At 1800°F, alumina and magnesia additions made 
by centrifugal milling did not cause an increase in 
stress-rupture properties over those of the 80/20 
nickel-chromium matrix. 17.5 pct by volume of 
thoria added by use of a food blender increased the 
100-hr rupture life from 1,800 psi to 5,000 psi. 
This material at 1800°F showed stress-rupture 
properties approximately equal to those of widely 
used wrought nickel-base alloys. Some of these 
composite materials, however, exhibited low 
ductility and low room-temperature impact re- 
sistance when compared with the conventionally 
produced materials. 

The high strength properties of the thoria-con- 
tainirig materials at 1800°F can be accounted for by 
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the high thermodynamic stability of this oxide. It is 
equally likely, however, that the prolonged ball mill- 
ing in a ceramic ballmill may have affected the sur- 
face of the thoria particles in such a way as to in- 
crease the tendency towards bonding, thereby 
improving the properties of the resultant material. 

It has also been shown that the blending technique 
may be of more importance than has been previously 
considered to be the case and this and other vari- 
ables have a considerable effect on the properties of 
the composite material. 
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e efe 
Annealing Texture in a Rolled and Artificially 
e 
Nucleated Aluminum Single Crystal 

— 

A high-purity aluminum crystal was rolled to 80 pct R.A. on (110) plane in [112] di- 
rection. After rolling the strip still retained its initial orientation and the rolling texture 
was extremely sharp. After one side of the rolled strip was rubbed with a fine abrasive 
in a random manner, the texture of this surface was quite random, and it remained fairly 
vandom after annealing for 5 sec at 350°C, when the thin surface layer was completely 
recrystallized. After annealing for 6L9 sec at 350°C, recrystallized grains grew through 
the whole thickness (0.010 in.) of the specimen. Asa result of very selective growth, the 
recrystallized grains reaching the other side of the strip showed a sharp recrystalliza- 
tion texture consisting of four components corresponding to 40 deg rotations around the 
two [111] axes of the deformed crystal lying in the rolling plane. The boundary mobility 
of recrystallized grains quite accurately oriented in this way was anisotropic. It is 

is probable that the anisotropy of the boundary mobility, as well as its orientation depend- 

ll- ence in face-centered-cubic metals may be related to the variation with boundary struc- 

r- ture of the vate of self-diffusion, or of the diffusion of impurity atoms, along the boundary. 

. S. Kohara, M. N. Parthasarathi, and P. A. Beck 

of 
Ir has been shown” that many observed phenom- ence of boundary migration rates in the recrystal- 
ena related to annealing textures in f.c.c. metals lization of slightly deformed aluminum single- 

" can be adequately accounted for, at least in a crystal rods or plates, in which artificially nucleated 
qualitative way, by considering the orientation recrystallized grains of predetermined orientation 
dependence of the boundary mobility, without any were grown. Liebmann and Liicke found maximum 
hypotheses concerning preferred orientation of boundary mobility for boundaries across which the 

) nuclei. It was noted’ that this approach is partic- misorientation corresponded to a rotation of 40 deg 
ularly successful in the common cases of primary around a common [111] axis, in accordance with 
recrystallization in highly cold-worked polycrys- earlier conclusions.”’ Also, they confirmed that 
talline metals, where nuclei occur in great abun- such an orientation relationship predominates 
dance, and that in the other extreme case, where among crystals growing into slightly extended 

8, the number of nuclei is very limited, or even only single crystals from presumably random artificial 

um a single crystal is grown, the orientation depend- nuclei. On the other hand, Graham and Cahn found 
ence of boundary mobility has only a small effect, no preferred orientation among crystals grown in 
or none at all, on the orientations resulting from a similar manner. It is not as yet known how these 
annealing. Recently Dunn described examples* ° observations may be reconciled with each other. 
where observed secondary recrystallization tex- The view has been expressed in various papers” *®*? 
tures apparently cannot be accounted for on the that selective growth based on the orientation de- 
basis of oriented growth alone, but also require pendence of boundary mobility is not in itself suf- 
oriented nuclei, or at least the absence of nuclei ficient to account for the formation of sharp re- 

, in certain orientation ranges. In general, the great crystallization textures, such as those often 
difficulty in correlating the preferred orientation of observed in highly deformed polycrystalline metals 
recrystallized grains with that of nuclei is inherent after annealing. - 
in the fact that nuclei are by nature very small, and The present work was undertaken to ascertain 

cs, that they are usually identifiable as ‘‘nuclei’’ only whether or not it is possible to obtain a sharp re- 

| after growth, 7.e.,after they have already been sub- crystallization texture in a case where random 
ject to growth selectivity. An investigation was nuclei are assuredly present in large numbers. 
-carried out by Liebmann and Liicke,’ and also a It was previously found” that high-purity aluminum 

s, very similar one by Graham and Cahn,® to obtain crystals rolled 80 pct on the (110) plane in the [112] 
quantitative information on the orientation depend- direction, when suitable precautions are taken, may 

: be annealed for periods of about 1000 sec at 350°C 
N. P. A. by Member without recrystallization. It was also found that the 
of Mitts to recrystallize in this case is due to the 

L University of Illinois, Urbana, III. scarcity of material in sufficiently deviating orien- 

Manuscript submitted June 23, 1958. tations to serve as nuclei. By using such a matrix, 
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in which natural nucleation is practically absent, 
and by providing very many artificial nuclei in a 
rather random orientation distribution, in the 
present work the desired conditions were realized. 
The presence in the rubbed surface layer of a large 
fraction of random material in the early stages of 
recrystallization and the emergence of a sharp re- 
crystallization texture after considerable growth of 
the recrystallized grains were studied by means of 
quantitative texture determination methods. 


EXPERIMENTAL METHOD 


A single crystal of aluminum of 99.994 pct purity 
and 0.1 in. by 1 in. by 6 in. size was grown in the 
(110) [112] orientation from the melt by using a 
soft mold technique.” It was rolled carefully in 
the [112] direction to a thickness of 0.020 in. The 
rolled strip was cut into specimens approximately 
1 in. sq, and these were etched on both surfaces 
until the thickness was reduced to 0.010 in. The 
rolled edges, as well as the cut edges, were also 
removed by etching. After determining the texture 
in the as-rolled condition, one side of the specimen 
was rubbed with sandpaper as randomly as possible, 
while the specimen was supported in such a way as 
to prevent any bending. After rubbing the texture 
was again determined by reflection from the rubbed 
surface. The specimen was then annealed for 5 sec 

‘and for 600 sec, respectively, at 350°C by immer- 
sion into a salt bath, the temperature of which was 
automatically controlled. The texture was again de- 
termined by reflection from the rubbed surface 
(‘*nucleation side’’) after annealing for 5 sec, and 
from both the nucleation side and the other side 
(‘‘growth side’’) after 600 sec of annealing. All 
texture determinations were made by means of the 


Fig. 1—(111) pole figure in arbitrary pole-density units for 
Al single crystal rolled 80 pct on (110) plane in [112] di- 
rection, etched to remove 5 mils from rolled surfaces. 
Open triangles indicate (111) poles for the (110) [112] 
orientation. 
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Fig. 2—(111) pole figure in the same pole-density units as 
in Fig. 1 for Al single crystal rolled and etched as in Fig. 1, 
after rubbing surface with emery paper. A slightly varia- 
ble spread of random orientations in the thin surface layer, 
superimposed on the sharp maxima (same as in Fig. 1) 
corresponding to the underlying rolled single crystal. 


Schulz reflection technique,**® using an integrating 
specimen holder, and filtered Cu Ka radiation. A 
random specimen, made of aluminum powder, was 
used to determine the correction factor used to 
eliminate the effect of defocusing.’* By using this 
correction, the pole figure could be determined up 
to 70 deg away from the rolling plane normal. The 
pole figures for the as-rolled, the rubbed, and the 
rubbed and 5-sec annealed specimens were de- 
termined using measured X-ray intensities (cps 

< 1500) at which no significant loss of counts oc- 
curred in the ten-chamber Geiger counter. In the 
case of the pole figures for the 600-sec annealed 
specimen the intensities were higher and losses did 
occur. The data were, therefore, corrected by 
using an empirical correction factor which varied 
with the measured intensity. Data determined using 
different X-ray intensities were adjusted so that all 
pole figures could be plotted in the same pole- 
density units. Correspondingly, all pole figures 
are directly comparable with each other. 


RESULTS 


Fig. 1 shows the (111) pole figure for the speci- 
men in the as-rolled and etched condition. Outside 
of the two very intense maxima shown in the pole 
figure, the measured X-ray intensities rose only 
to a level of about twice that of the background. The 
corresponding (111) maxima at the periphery of the 
pole figure were not accessible by the reflection 
method, which is suitable only up to a maximum 
tilting angle of 70 deg. It is clear that even after 
80 pct rolling, the orientation range present in the 
cold-worked single crystal was extremely narrow. 
Fig. 2 shows the (111) pole figure for the rubbed 
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Fig. 3—(111) pole figure of the specimen, as in Fig. 2, and 
in the same pole density units, after 5 sec of annealing at 
350°C. The rubbed surface layer is recrystallized, see 
Fig. 7. Superimposed on the random orientation distribu- 
tion at the “nucleation side,” the maxima of the rolled 
crystal are still very intense, and the maxima correspond- 


ing to the recrystallization texture are beginning to emerge. 


The circles represent the (111) poles for the eight orienta- 
tions derived from the (110) [112] orientation by 40 deg 
rotations around each of the <111> axes, see Fig. 11. 


side after rolling, etching, and rubbing with sand- 
paper. The presence of a thin, highly deformed 
surface layer with a quite random orientation spread 
is clearly shown. Because of the thinness of this 
surface layer, however, the underlying single crys- 
tal still gives rise to very strong maxima in the 
same positions as before rubbing with sandpaper. 
Fig. 3 shows the (111) pole figure of the nucleation 
side after annealing for 5 sec at 350°C, and Fig. 4 
shows the corresponding pole figure after annealing 
for 600 sec at 350°C. Fig. 5 gives the (111) pole 
figure after 600 sec of annealing st 350°C for the 
growth side. (200) pole figures were also deter- 
mined for both sides of the specimen after anneal- 
ing for 600 sec, and these were found to be in ex- 
cellent agreement with the interpretation given for 
the (111) pole figures. 

The cross section of the specimen annealed for 
600 sec, Fig. 6, shows that many recrystallized 
grains have at this stage grown across the com- 
plete thickness of the specimen, cutting in front of 
other recrystallized grains also originating at the 
nucleation side, but apparently less favorably ori- 
ented for growth. At an earlier stage of annealing 
(5 sec at 350°C) the thin rubbed surface layer was 
found to be recrystallized quite randomly, Fig. 7. 
After a layer of 2 mils was removed from the 
surface by etching at this stage of annealing, the 
random recrystallized layer was no longer present, 
and only some well-oriented recrystallized grains 
remained, as shown by a back-reflection pinhole 
pattern and the photomicrograph, Fig. 8. It is seen 
from the pole figures, Figs. 4 and 5, that after 600 
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Fig. 4—(111) pole figure of the specimen as in Fig. 2, and 
in the same density units, after 600 sec of annealing at 
350°C. The recrystallization texture at the “nucleation 
side” is stronger then that in Fig. 3. The circles repre- 
sent the (111) poles for the eight orientations derived from 
the (110) [112] orientation by 40 deg rotations around each 
of the <111> axes, see Fig. 11. 


sec of annealing a strong annealing texture is pres- 
ent on both sides of the specimen, but that it is 
more sharp and more intense at the growth side. 

A part of the volume, however, remains in the 
orientation of the original rolled crystal. That this 


Fig. 5—(111) pole figure for the “growth side” of the same 
specimen as in Fig. 4, and in the same pole-density units. 
The pole figure has been reversed left to right around the 
R. D., so that it may be directly compared with Figs. 1, 2, 
3, and 4; the empty triangles corresponding to the (110) [112] 
orientation, and the circles representing the 40 deg-rotated 
orientations, Fig. 11, are thus returned to their locations 
in the previous figures. 
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Fig. 6—Photomicrograph of cross section of specimen 
after annealing for 600 sec at 350°C. Some of the recrys- 
tallized grains grew across the entire thickness of the 
specimen from the nucleation side to the growth side, 
cutting ahead of others also originating at nucleation side, 
but less favorably oriented for growth. X120. Reduced 
approximately 27 pct for reproduction. 


orientation in fact corresponds to retained unre- 
crystallized material is shown in the back-reflection 
pinhole pattern, Fig. 9, taken of the growth side. 
This pattern has sharp spots corresponding to re- 
crystallized grains and two segments of the (222) 
diffraction ring, corresponding to the deformed 
matrix. Comparison of the pole figures, Figs. 1, 
2, 3, and 4, clearly shows that with progressive 
growth of the recrystallized grains the intensity 
maxima corresponding to the retained matrix de- 
crease in intensity. 

A significant observation to be derived from the 
pole figures is the increasing sharpness and in- 
tensity of the recrystallization texture with con- 
tinued growth of the recrystallized grains. The 
decrease of the random component of the annealing 
texture on the nucleation side can be seen by com- 
paring Figs. 3 and 4. The increased sharpness of 
the annealing texture on the growth side, as com- 
pared with the nucleation side, may be seen by 
comparing Figs. 4 and 5. This is expressed even 


Fig. 7—Back-reflection pinhole pattern of nucleation side 
after annealing for 5 sec at 350°C, taken with CrK radia- 
tion. Specimen to film distance was 3 cm. (311)a@ line con- 
sists of spots due to thin recrystallized layer. (311)f has 
two high-intensity areas due to unrecrystallized matrix 
underlying the recrystallized surface layer. 
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more clearly in Fig. 10, which gives intensity vs 
azimuthal angle a, at ¢ = 20 deg, for the various 
conditions. It is clear that the recrystallization 
texture maxima (a = 125 to 130 deg) increase and 
that the intensity of the random orientation spread 
(a = 0 to 70 deg) decreases with continued growth. 
The stereogram, Fig. 11, shows the location of 
(111) poles rotated 40 deg in either direction around 
all <111> axes of the original matrix orientation. 
Comparison of Fig. 11 with the pole figure, Fig. 5, 
indicates that the recrystallization texture consists 
of four components corresponding to 40 deg rota- 
tions in either direction around two <111> axes in 
the rolling plane of the original matrix orientation. 
Recrystallization texture components corresponding 
to rotations around the other two <111> axes ap- 
parently do not develop to any appreciable extent. 
This is shown by the fairly low (111) pole density in 
the recrystallization texture. Fig. 5, at around 
@ = 70 deg, a = 135 and 315 deg, near the location 
where (111) pole maxima due to rotations around 
axes I and II alone ought to occur, Fig. 11. Fig. 12 
shows the microstructure at the growth side after 
600 sec. The recrystallized grains are markedly 
elongated in the rolling direction, or in a direction 
enclosing 70 deg with the rolling direction. It is ap- 
parent that the rate of growth is highly anisotropic 
for crystals fairly accurately oriented, correspond- 
ing to the sharp recrystallization texture prevalent 
at the growth side. 


DISC USSION 


The results clearly show that rubbing by sand- 
paper produces a thin nearly random layer at the 


Fig. 8—Photomicrograph of nucleation side after annealing 
for 5 sec at 350°C and etching away 2 mils from the spec- 
imen surface. A few of the recrystallized grains, those 
which grew deepest into the rolled single-crystal matrix, 
are visible. These grains have outlines elongated in the 

R. D. (up-down in photomicrograph) or 70 deg tilted, 
showing that they are oriented in the same way as the 
recrystallized grains present at the “growth side” after 
600 sec at 350°C, Fig. 12. X90. Reduced approximately 10 


pet for reproduction. 
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surface of the specimen. After annealing for 5 sec 
at 350°C the thin rubbed surface layer is recrys- 
tallized randomly, but some favorably oriented 
grains are already growing more deeply into the 
rolled single-crystal matrix, so that in the pole 
figure the recrystallization texture begins to ap- 
pear. However, a rather high intensity of the ran- 
dom orientation spread is still present on the nu- 
cleation side at this stage. Continued annealing to 
600 sec at the same temperature increases the 
maxima corresponding to the recrystallization tex- 
ture components and decreases the random back- 
ground intensity. The large number of randomly 
oriented nuclei produced at one surface of the 
specimen (nucleation side) by rubbing and anneal- 
ing are clearly subject to selective growth, so 

that after 600 sec of annealing at 350°C the re- 
crystallized grains which have grown across the 
total specimen thickness represent a sharp 
recrystallization texture at the other (growth-) 
side, consisting of four components. These re- 
crystallization-texture components correspond to 
40 deg rotations around <111> axes of the de- 
formed matrix crystal, an orientation relationship 
which was in several previous publications »* * 
shown to occur in face-centered-cubic metals be- 
tween recrystallization- and deformation-texture 
components in many instances where the number 
of nuclei is sufficiently large, even without artificial 


Fig. 9—Back-reflection pinhole pattern of growth side after 
600 sec at 350°C, taken with Fe K radiation. Specimen to 
film distance was 3 cm. Arrows indicate segments of (222) 
diffraction line due to retained deformation texture. 
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Fig. 10—(111) pole density (I) in arbitrary units, as a func- 
tion of azimuthal angle (qa) at tilting angle @ = 20 deg, for 
the various conditions referred to in Figs. 1(x), 2(+), 3(@), 
4(A) and 5(O). The shift in a of about 4 deg corresponding 
to the maxima at the nucleation side (A) as compared with 
that at the growth side (O) after 600 sec of annealing is 
due to inaccuracy in identifying the R. D., around which the 
last pole figure was reversed (see caption of Fig. 5). Note 
the change in the scale of the ordinate at 100. a@ is 0 at 

R. D. and it increases counterclockwise in all pole figures. 
Graph shows large increase in random pole densities after 
rubbing with sandpaper (+), as compared with the as-rolled 
condition (x). The progressive increase in the sharpness 
and the intensity of the recrystallization texture maximum 
and decrease in random pole densities with continuing 
growth is clearly shown. 


nucleation. Since this sharp recrystallization tex- 
ture in the present instance certainly developed from 
random nuclei by means of selective growth, it is 
reasonable to assume that in the numerous other 
cases where the same orientation relationship be- 
tween deformation texture and recrystallization 
texture was found to occur, but the orientation 
distribution of the nuclei was not known, the devel- 
opment of this orientation relationship on anneal- 
ing may also be attributed to selective growth. 

A conspicuous feature of the recrystallization 
texture, Fig. 5, is the absence of the four texture 
components that might have been derived by rota- 
tions around the two <111> axes corresponding to 
the slip planes principally responsible for plastic 
deformation during rolling. Since in the present 
case the randomness of the thin surface layer sub- 
jected to rubbing by sandpaper, and the presence in 
this surface layer of random nuclei after 5 sec of 
annealing at 350°C has been demonstrated quanti- 
tatively, the absence of the four rotations around 
the two <111> axes mentioned cannot be reasonably 
explained by assuming that nuclei in these orienta- 
tions were absent. Instead, one is lead to the con- 
clusion that the equivalence in regard to boundary 
mobility of the 40 deg rotations around various 
<111> axes has been in some way eliminated by 
the deformation process itself. It is quite likely 
that the differences in boundary mobility which, in 
the present case, with keenly competitive conditions 
of growth, led to the absence in the recrystallization 
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Fig. 11—Stereogram showing (111) poles (circles) for the 
eight orientations derived by rotation right (R) or left (L) 
around the four <111> axes I, II, III, and IV (empty tri- 
angles) of the (110) [112] orientation. 


texture of four of the eight geometrically equivalent 
rotated orientations, are relatively slight. It has 
been observed by Liu and Hibbard”® that in a rolled 
copper crystal of the same orientation as used in 
the present work, but without artificial nucleation, 


all eight texture components developed on annealing. 


Similar results were obtained by C. T. Wei” with 
rolled aluminum crystals; in the absence of artifi- 
cial nucleation, where only a relatively small num- 
ber of natural nuclei are present, the conditions of 
survival in competitive growth were clearly much 
less stringent and the four orientations with some- 
what lower boundary mobility were not suppressed. 
It should be noted that in aluminum Liu and 
Hibbard” observed rotations around the two <111> 
axes nearest to the normal direction and also 
around the peripheral <111> near the R.D., but 

not around the <111> in the transverse direction. 
On the other hand, also in an aluminum crystal, 
Merlini® found recrystallized grains related to the 
matrix orientation by rotations around the <111> in 
the transverse direction, but not around the periph- 
eral <111> near the R.D. The nature of the appar- 
ent disparity between the boundary mobilities in the 
orientations considered is as yet not known. 

The marked anisotropy of the boundary mobility 
for recrystallized grains quite accurately oriented 
in accordance with 40 deg rotations around <111> 
axes deserves attention. As seen in Fig. 12, the 
grain boundary perpendicular to the <111> which 
a recrystallized grain and the matrix crystal have 
in common (twist boundary) migrates considerably 
slower than boundaries parallel to this <111> (tilt 
boundaries). In a recent note” it was tentatively 
suggested that this anisotropy may be a result of 
the variation in edge dislocation content of the 
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boundary, depending on its orientation, giving rise 
to a corresponding anisotropy in the rate of self- 
diffusion, and of diffusion of impurity atoms, along 
the boundary. The observation that the anisotropy 
of boundary mobility is much less marked for re- 
crystallized grains less accurately aligned to have 
a <111> in common with the matrix (recrystallized 
grains growing without artificial nucleation” ) 
further supports the view that this anisotropy is a 
result of boundary structure rather than of the ar- 
rangement of dislocations in the deformed matrix. 


CONCLUSIONS 


1) The recrystallization texture observed at the 
growth side of a high-purity aluminum single crys- 
tal rolled 80 pct on the (110) plane in the [112] 
direction after random artificial nucleation by 
rubbing one side (nucleation side) with sandpaper 
and annealing for 600 sec at 350°C consists of four 
sharply developed components corresponding to 
40 deg rotations around the two <111> axes of the 
matrix crystal lying in the rolling plane. 

2) The presence in the thin rubbed layer of a 
large volume fraction of randomly oriented re- 
crystallized grains after 5 sec of annealing, and 
the emergence of a sharp recrystallization tex- 
ture after some of these recrystallized grains 
have grown across the entire thickness of the spec- 
imen, as observed quantitatively by an X-ray re- 
flection method shows that, in this case, the re- 
crystallization texture is a result of the orientation 
dependence of boundary mobility (oriented growth). 


* 
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| 
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Fig. 12—Photomicrograph of growth side. Recrystallized 
grains are prominently elongated in the R. D. (up-down in 
photomicrograph) or in a direction tilted 70 deg from the 
R.D. X6. Enlarged approximately 4 pct for reproduction. 
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3) Since the orientation relationship between re- 
crystallized grains and deformed matrix observed 
in this work in the presence of random nuclei is 
the same as that previously repeatedly observed in 
polycrystalline face-centered-cubic metals, where 
the orientation of the recrystallization nuclei is not 
known, it may be assumed that oriented growth is 
the selective factor responsible for annealing tex- 
tures in those other cases as well. 

4) Of the eight geometrically equivalent orienta- 
tions corresponding to 40 deg rotations around 
<111> axes only those around axes in the rolling 
plane contributed significantly to the recrystalliza- 
tion texture. The orientations corresponding to 
rotations around <111> axes related to the two slip 
planes mainly responsible for plastic deformation 
in rolling did not, under the present conditions of 
profuse random nucleation, occur in the recrystal- 
lization texture to a significant extent. 

5) With the recrystallized grains quite accurately 
oriented to have a <111> in common with that of the 
matrix, as at the ‘‘growth side’’ of the specimen, it 
was found that the boundary mobility in the direction 
of the common <111> is much smaller than in other 
directions. This anisotropy of boundary mobility 
may be related to the rate of diffusion of impurity 
atoms or of self-diffusion along the boundary as a 
function of its edge dislocation content. 
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Zone Melting of Magnesium 


A. S. Yue and J. B. Clark 


In recent years, zone melting’ has been applied 
extensively to the purification of metals having a 
very low vapor pressure.” “* This note describes 
the zone melting of a high vapor-pressure metal, 
magnesium, where the melting takes place inside 
a refractory surface skin. The effects of zone 
speed and the number of passes of the molten zone 
on the purification have been determined and the 
effective distribution coefficients for the principal 
impurity elements were calculated. 

A schematic diagram of the zone-melting appa- 
ratus is given in Fig. 1. The Vycor tube contain- 
ing the graphite boat with its magnesium charge 
(an extruded rod—% in. in diam, 10 ¥/, in. long) 
is pulled through the stationary furnaces. A molten 
zone approximately one-fourth the length of the 
charge is produced under each of the two central 
furnaces. 
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Technical Note 


Two grades of magnesium were studied—electro- 
lytic magnesium and magnesium with a very low 
alloy content. The spectrographic analyses of these 
materials, within +5 pct of the values stated, are 
given in Table I. 

Molten magnesium will vaporize severely if pro- 
tected only by an inert atmosphere such as argon. 
Consequently an enveloping container is required. 
In zone melting, a rigid opaque container surround- 
ing the charge is inconvenient because visual con- 
trol of the zone length is prevented. A more satis- 
factory container is a strong flexible skin on the 
surface of the metal charge which is capable of sup- 
porting the molten zone. SO, reacts with magne- 
sium to form a thin coherent surface film of MgSO, 
and MgO. An atmosphere of SO, of commercial 
purity was maintained during the zone melting. 
Enough oxygen was present within the system and 
the commercial SO, for the satisfactory formation 
of the protective skin, so that any rupture of the skin 
during the zone refining was healed immediately. 
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Fig. 1—Zone-melting apparatus. Direct 


radiation helical-coil resistance furnaces 
used in the zone-refining treatment. 
Approximately half scale. 
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Table |. Spectographic Analysis of Alloys Used for the Zone-Refining Treatment 


Composition, Wt Pct 


Alloys Cu Ca Fe Mn Ni Pb Si Sn Zn Al 
Electrolytic 
magnesium <0.001 <0.01 0.031 0.071 0.0012 <0.001 0.005 <0.001 0.0012 0.0064 
Magnesium 
alloy 0.102 0.049 0.030 0.088 0.114 0.177 0.033 0.054 0.100 0.093 


The effect of the zone speed on the purification of 
electrolytic magnesium is shown in Table II. Three 
speeds were studied: 0.20 in. per hr, 0.32 in. per 
hr, and 0.53 in. per hr. The analysis for 0.20 in. 
per hr approximated those for the 0.32 in. per hr. 
It is seen that after six zone passes at 0.32 in. per 
hr considerable purification has occurred. The 
concentrations of copper, calcium, lead, tin, silicon, 
and zinc were reduced below the range of the spec- 
trographic analysis and thus are not reported in 
Table II. Subsequent experiments showed that the 
decrease in iron was not due solely to zone refining 
but, in part, to gravity segregation in the melt. 

The effect of the number of zone passes was in- 
vestigated using a magnesium alloy in which the 


level of the common impurity elements lay well 
within the sensitivity of the spectrographic analysis. 
Table III shows the effect of two, five, and six 
passes at a zone speed of 0.32 in. per hr. It is seen 
that five and six passes produced considerable 
purification. 

Data in Tables II and III show that magnesium 
may be considerably purified by the zone-melting 
process. All the major impurities except manga- 
nese form an eutectic system and are transported 
to the tail of the zone-refined charge. Manganese 
migrates toward the head, as expected, since the 
Mg-Mn system is peritectic. Nickel is removed 
the most rapidly; then, in decreasing rate of re- 
moval: copper, silicon, zinc, and lead. 


Table Il. Effect of Speed on Zone Refining of Electrolytic Magnesium Spectographic Analysis after Six Passes of the Molten Zone 


Composition, Wt Pct 


Original 
snalysis Al Fe Mn Ni 
0.0064 0.031 0.071 0.0012 
Zone speed 0.53 0.32 0.53 0.32 0.53 0.32 0.53 0.32 
in, perhr in, perhr in, perhr in, per hr in, per hr _in, perhr in, perhr in, perhr 
Distance from 
starting end, 
in, 
0.60 <0.001 <0.001 0.010 0.0036 0.088 0.108 0.0010 <0.0005 
2.50 0.0021 <0.001 0.030 0.0045 0.073 0.097 0.0009 <0.0005 
4.38 0.0023 <0.001 0.030 0.0043 0.070 0.083 0.0007 <0.0005 
5.63 0.0052 0.0011 0.017 0.0068 0.063 0.077 0.0009 <0.0005 
6.88 0.0081 0.0045 0.009 0.0047 0.061 0.070 0.0011 <0.0005 
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Table Ill. The Effect of the Number of Passes of the Molten Zone on Zone Refining of Magnesium Alloy at a Zone Speed of 0.32 In. per Hr 


Original Al Cu Mn Ni 

analysis 0.093 0.1 0.114 

Number of 

passes 2 5 6 2 5 6 2 5 6 2 5 6 

Distance from 

starting end, 
in. 
0.6 0.020 0.017 0.007 0.005 <0.001 <0.001 0.100 0.115 0.108 0.001 <0.0005 <0.0005 
1.8 0.030 0.024 0.009 0.003 <0.001 <0.001 0.095 0.102 0.104 0.001 <0.0005 <0.0005 
3.1 0.044 0.040 0.015 0.002 <0.001 <0.001 0.094 0.100 0.092 0.001 <0.0005 <0.0005 
4.3 0.043 0.069 0.036 0.004 <0.001 <0.001 0.089 0.090 0.083 0.001 <0.0005 0.0007 
5.6 0.075 0.057 0.075 0.014 <0.001 0.012 0.082 0.093 0.078 0.008 <0.0005 0.0046 
6.8 0.058 0.111 0.110 0.004 0.050 0.026 0.085 0.084 0.077 0.001 0.031 0.0210 
8.1 0.200 0.230 0.220 0.086 0.112 0.026 0.065 0.075 0.077 0.108 0.098 0.077 

Original Pb Si Sn Zn 

analysis 0.177 0.033 0.054 0.100 

Number of 

passes 2 5 6 2 5 6 2 5 6 2 5 6 

Distance from 

starting end, 
in, 
0.6 0.018 0.008 0.004 0.001 0.005 <0.001 0.014 0.007 0.002 0.004 0.001 0.001 
1.8 0.033 0.015 0.003 0.001 0.004 <0.001 0.020 0.010 0.002 0.007 0.002 0.001 
4.3 0.047 0.022 0.012 0.001 0.004 <0.001 0.025 0.016 0.006 0.015 0.004 0.001 
4.3 0.045 0.055 0.036 0.001 0.003 <0.001 0.025 0.027 0.017 0.013 0.012 0.007 
5.6 0.097 0.058 0.089 0.001 0.003 <0.001 0.045 0.028 0.033 0.042 0.014 0.052 
6.8 0.078 0.168 0.148 0.001 0.007 0.006 0.036 0.068 0.048 0.028 0.074 0.067 
8.1 0.280 0.365 0.308 0.018 0.016 0.024 0.102 0.155 0.085 0.128 0.196 0.093 


Reiss® has derived the following expression re- 
lating concentration distribution of an element in a 
zone-refined bar to the effective distribution co- 
efficient. 


dx 
where 
l = zone length 
C,, (x) = solute concentration after n passes 


at distance (x) from the head of 
the bar 

Cn-1(* + /) = solute concentration after - 1) 
passes at (x +/) from the head 
of the bar 


= slope of the concentration distribu- 
tion curve at (x) 


The effective distribution coefficients of all the 
elements in the magnesium alloy, with the exception 
of calcium and iron, were calculated from the above 
equation using the data from Table III for five and 
six passes with x taken as 4 in. from the starting 
end. The average zone length / was 2.5 in. The 
values of the terms of the equation and the calcu- 
lated effective distribution coefficients k are given 
in Table IV. 

Where possible, the equilibrium distribution co- 
efficients of the elements were derived from the 
binary-phase diagrams of magnesium and the cor- 
responding elements. These & values are only ap- 
proximate since in most cases the binary diagrams 


dCn (x) 
dx 
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have not been determined accurately for dilute 
solutions. However, as shown in Table IV, the 
agreement between the corresponding & values is 
quite good. 

It may be concluded that magnesium can be 
purified considerably by the zone-refining tech- 
nique provided vaporization from the molten zone 
is prevented. Under the conditions employed at 
least six passes of the molten zone at a speed of 
zone travel of about 0.3 in. per hr or less are 
required for effective purification. 
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Table IV. Calculation of the Effective Distribution Coefficients 
for Elements Segregating in the Zone-Refined Magnesium Bars — 
The Average Length of the Molten Zone, /, Is 2.5 In. 


dC p(x) 
dx Cy. Calculated From Phase 

Elements Pct-in x 10° Pctx 10° Effective Diagram 
Aluminum 9.00 68.75 0.327 0.278 
Copper 0.332 17.30 0.0480 0.043 
Nickel 0.050 8.60 0.0145 0.0043 
Tin 5.50 43.40 0.317 0.200 
Lead 15.00 108.30 0.348 0.423 
Zinc 5.15 48.80 0.264 0.030 , 
Silicon 0.086 5.00 0.0428 0.0026 
Manganese -5.12 -2.01 6.100 
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Stress and Electro-Potential of Copper Wires 


The electro-potentials produced by a tensile stressing of one of a pair of copper 
wires in sodium -chloride and copper-sulfate solutions have been measured under re- 
stricted film conditions. For the annealed copper within the regions where Hook’s 
law holds, the emf varies as the second power of the stress as predicted by theory 
and the process is reversible. In the case of cold-worked copper wire the foregoing 
relationships are linear and reversible. With plastic deformation the potential falls 


and the process is irreversible. 


K. Nobe, O. K. Miniato, and W. F. Seyer 


Mucu work has been done dealing with the effect 
of mechanical stress on electrode potential in an 
electrochemical system. The contradictory nature 
of the experimental results indicates the complexity 
of the problem although thermodynamic considera- 
tions show that a simple relationship should exist. 
In those systems where a gas was the electromotive 
active substance satisfactory agreement between 
theory and practice has been found. Des Coudres’ 
found this to be so even when the active substance 
of the electrode, in this case mercury, was in the 
liquid state. 

In contrast, attempts to correlate theory and ex- 
periment for the solid state have met with a very 
limited success. The early workers in this field, 
Andrews,” Walker and Dill*® used iron, certainly 
one of the most reactive of metals. Others have 
made use of less active metals such as copper and 
nickel. Recently Fryxell and Nachtrieb* investigated 
the electrochemical behavior of gold and silver un- 
der both tensile and compressive stresses and con- 
cluded that it was doubtful whether true stress po- 
tentials could ever be measured. Much of the lack 
of success to measure the thermodynamic stress 
potential can be ascribed to the presence or forma- 
tion of a complex film on the metal surface in con- 
tact with the electrolyte. Further, the theoretical 
stress potential is very small and therefore difficult 
to measure directly. Thus the calculated emf be- 
tween a 24 B & S gage cold-drawn copper wire 
stressed with a weight of 1 kg and an unstressed 
portion of the same wire is only 2.60 x 10~” volts. 
This is very small compared to that which can be 
produced by chemical reactions at the metal elec- 
trolyte interface which in turn can be so large as to 
mask completely the stress potential. Hence in this 
type of measurement all chemical side effects must 
be eliminated or reduced as much as possible. It 
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was for this reason that the system copper-sodium 
chloride solution was selected for study. 


INSTRUMENTATION 


In the many preliminary experiments conducted, 
two major difficulties were encountered. The first 
was to measure the small electro-potentials to be 
expected and the second to obtain a suitable elec- 
trode surface. The conventional potentiometric 
method was found to be unsatisfactory for measur- 
ing the small emf expected. However, by using an 
L & N No. 2290 galvanometer having a resistance of 
915 ohms consistent measurements were possible. 
The reference electrode was always the unstressed 
one made from the same sample of wire. The steady 
current flow was approximately 10-* amp. Lewis 
and Randell® have stated that for currents of the 
order of 107°, if there is no sensible polarization, 
the measured emf may be taken as a reversible one. 
To check the galvanomenter readings an alternative 
method was devised to measure the potential differ- 
ence between the wires. 

This involved a Liston-Falb d-c breaker amplifier 
model 10, an L &N k-2 potentiometer and a moving- 
coil galvanometer having a sensitivity greater than 
0.1 uv (microvolt) per mm. To increase further the 
output voltage of the amplifier a d-c amplifier, 
model B. L.-932 was introduced into the circuit. 
This amplifier was in turn connected to a Brush re- 
corder which had been calibrated previously by the 
test signals from the Liston-Falb instrument. These 
test voltages employed took into account the imped- 
ance of the input current. Unfortunately, this method 
had too low a sensitivity for measurement below 
10 pv. Above this value the voltage agreed reason- 
ably well with those obtained directly by the simple 
galvanometer method. The main advantage of the 
amplifier setup was that one did not have to wait 
until no deflection occurred on the galvanometer in 
the circuit when first exposing the wires to the solu- 
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Fig. 1—Cell con- 
struction. 


tion. A steady current could be maintained readily 
by introducing an opposing emf. 

All measurements were carried out at room tem- 
peratures. No differences in voltages could be de- 
tected over a temperature interval of 50°C. 

The cell construction with test wires in place is 
illustrated in Fig. 1. In the tension experiments the 
stress was applied by merely placing weights on the 
right-hand scale pan. In all cases the wires were 
placed as closely as possible to one another so as to 
decrease the internal resistance which was approx- 
imately 30 ohms. 

The Copper Wires—The wires used were all of the 
so-called electrolytic quality having a copper content 
of the order of 99.92 pct. The diameter varied from 
12 to 24 B & S gage and the test lengths from 26 to 
32 cm. It was soon found that fresh bright wires 
taken from the spools, were so erratic in behavior 
that no reproducible measurements could be made 
when these were placed in the cell, which is readily 
understandable for in the wire-drawing process 
there is no uniform distribution of the cold work. 
Further, no matter what method of cleaning was 
used the erratic behavior was difficult to overcome. 
On the contrary, samples of hard-drawn wire with a 
definitely weathered surface, that had been stored in 
the laboratory for approximately 15 years gave a 
steady current almost immediately when stressed 
differentially. In this case cleaning consisted in 
merely washing the wires with ethyl ether to re- 
move any adhering grease. 

In order to obtain a reference state, all test wires 
were first annealed in the following manner: To 
prevent oxidation the wires were placed in a glass 
tube in an atmosphere of nitrogen under a slight 
pressure. They were then heated to 400°C for 
1% hr and allowed to cool within the furnace. Just 
prior to use the wires were immersed in a 10 pct 
acetic-acid solution saturated with sodium chlo- 
ride. This was done to remove any cuprous oxide 
that might have formed on the surface during re- 
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moval from the annealing tube. The wires were 
next rinsed in water several times, dried, and fi- 
nally coated, with the exception of 1 or 2 cm with 
either a low mp paraffin or a thin layer of lucite. 
The reason for this was that experience had shown 
it was much easier to obtain a steady current flow 
with a small copper electrolyte interface than if a 
long surface were exposed. Extreme caution had to 
be observed in handling the freshly annealed wire 
for even the slightest bending would produce a de- 
flection on the galvanometer. 

The Electrolyte— While on theoretical grounds 
the stress potential should be independent of the 
electrolyte, in practice this was not always the case. 
In order to obtain consistent results in this low- 
voltage region all side effects, as previously men- 
tioned, must be reduced toa minimum. Thus the 
factors that have to be considered in selecting an 
electrolyte are as follows: Conductivity, polariza- 
tion, and chemical reaction at metal-electrolyte 
interface. After numerous tests a 4 pct solution of 
sodium chloride was chosen as the most suitable, 
although both potassium-chloride and copper-sulfate 
solutions showed equal promise. In all cases, cp 
chemicals were used and high-grade conductivity 
water. 


EXPERIMENTAL PROCEDURE 


After putting the wires in the cell the electrolyte 
was poured in to a height of about 4 cm. The solu- 
tion was then covered with a layer of petrolatum to 
retard oxygen diffusion into the cell and hydrogen 
bubbled through the solution until the galvanometer 
deflection approached zero. 

After a steady state had been reached as indicated 
by the galvanometer, weights were carefully placed 
on the scale pan of the wire to be stressed. 

In general two procedures were adhered to, re- 
ferred to herein as the slow and fast methods. The 
former consisted in complete removal of the weights 
after a steady deflection was obtained whereupon the 
galvanometer deflection returned to zero. In the 
case of the latter the weights were added in a step- 
wise manner and the deflection observed after a 
steady state had been reached for each increment of 
weight. Thus for the slow method for both the an- 
nealed and cold-worked wires the reaction was re- 
versible below the yield points, but in all cases 
where plastic deformation had taken place there ap- 
peared a decrease in electro-potential. All experi- 
ments were continued until the wire broke. 

Immediately upon adding the weight a high deflec- 
tion in the galvanometer took place which fell to a 
steady value within a few seconds, retaining this 
value for even an hour if no plastic deformation had 
taken place. However, a time interval of about 3 min 
was adopted for the following reasons: 1) All metals 
are subject to creep; 2) concentration polarization 
might conceivably build up to undesired proportions 
over the length of time required for a complete run; 
3) there existed the probability of chemical change 
in the film structure of each wire during the passage 
of the current. 

The sign convention employed for electrode poten- 
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Table |. Variation of Stress Potential with Applied Stress for 
Cold-Drawn Copper Wire—24 gage 


Unit 


Scale Potential Stress Stress, 
Stress, Reading, Difference, Potential, Kg per 
Time Kg Cm Volts Volts Sq Cm 
2:15 0 22.2 L 111.0 x 10°” 0 0 
2:17 1 22.7L 113.5 x 10°” 2.5 x 1077 408.2 
2:20 0 22.2 L 111.0 x 10°” 0 0 
2:23 2 23.2 L 116.0 x 10°” 5.0 x 10°” 816.4 
2:25 0 22.2 L 111.0 x 1077 0 0 
2:30 3 23.7 L 118.5 x 1224.6 
2:32 0 224 111.0 x 10°” 0 0 
2:38 0 14.0 L? 70.0 x 10°” 0 0 
2:40 4 16.0 L 80.0x 10°? 10.0x10°’ 1632.8 
2:42 0 14.0L 70.0 x 1077 0 0 
2:47 5 16.5 L 825x107 2041.0 
2:50 0 15.7 L 78.5 x 1077 0 0 
2:54 6 18.6 L 93.0x 107 145x107 2449.2 
3:00 0 15.7 L 78.5 x 10°? 0 0 
3:04 7 18.5 L 925x107?  14.0x 10°? 2857.4 
3:10 0 18.0 L 90.0x 10°77 107 0 


®8Galvanometer leads readjusted. 


tial throughout this investigation is that adopted by 
the Electrochemical Society. The electrode poten- 
tial therefore has a negative value when the elec- 
trode is more anodic than the reference electrode. 
Unless stated otherwise the annealed metal elec- 
trode is assigned the value zero. The results are 
presented mostly in the form of charts. As illus- 
trative of the experimental procedure the complete 


data for run 1 is given in Table I. 


DISCUSSION OF RESULTS 


Several deductions are at once obvious from the 
systems of graphs, most of which are in accordance 
with the already known behavior of copper. Thus the 
yield points, ultimate strength and recovery all de- 
pend upon the manner in which the cold work has 
been introduced in the specimen. The decrease of 
potential and free energy is analogous to that already 
observed by Coffin and S. Simon® in the case of zinc, 
and for copper and other metals by Tamman and 
Wilson.” However, the present results go much be- 


EMF pV = Microvolts) 


Tensile stress kg/cm* 


Reference electrode same wire unstressed. 


Fig. 2—Cold-drawn wire. O 24 224A 180 B &S gage. 
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yond those of the foregoing experimenters in that 
they show a fundamental difference in the behavior 
of the stress-potential of annealed and cold-worked 
copper. Thus by applying stress to annealed wire 
in such a way that Hooke’s law is obeyed (slow 
method) as is shown in Figs. 4, 5, and 6, the simple 
relation between stress and emf as given by the 
equation 


1 


is found to exist. Here N is valence of metal, 
F—Faraday, E —electromotive force, o—stress, 
y—Young’s modulus. 

This is not the case for wire in which plastic de- 
formation has taken place for here a new factor has 
to be taken into consideration based on the amount 
of disorder produced; viz., the entropy. Now the 
emf varies only as the first power of the stress as 
shown in Figs. 2, 3, 5, and 6. Figs. 7 and 8 show 
the results obtained by using the “fast method.” 

It is clear that the yield points depend upon the 
manner and time interval of loading. Hence one 
should speak of a yield region rather than a yield 
point. The same applies to the ultimate strength of 
the metal. What is further shown by the results is 
the fall in electro-potential with plastic deforma- 
tions. The same also has been observed with tor- 
sion. Thus a fall in the free energy is involved, 
which is somewhat difficult to explain unless one 
assumes the formation of a new phase as a result 
of the cold work induced in the metal. We therefore 
propose the following tentative explanation; When 
an annealed metal is plastically deformed, slip oc- 
curs freely on the outside surface but is hindered 
internally along the grain boundaries which consist 
of small randomly spaced crystallites. In the grain 
boundaries the frictional forces become so large 
that the heat generated suffices to melt these tiny 
crystals. Bowden and Tabor® have shown that the 
surface temperatures of sliding metals actually 
reaches the melting point of one of them. Hence, 
there is a reason to suppose that a similar amount 
of heat can be developed along the glide planes of a 
single crystal. It is known that small crystals have 
a lower melting point than the large ones and further 
that most of the impurities concentrate in the grain 
boundaries; consequently, it is here where melting 
will first take place accompanied by an absorption 
of heat. Copper has a high heat conductivity, so 
much of the frictional heat is conducted to the out- 
side. Therefore plastic deformation can take place 
only so long as the rate of heat conduction to the 
outside is less than the rate of heat production by 
friction inside. If the former becomes greater than 
the latter, then the grain boundary melt again 
freezes, the metal sets and now behaves like a 
rigid body until the stress again exceeds a critical 
amount. This behavior is suggested by points A, B, 
and C in Figs. 7 and 8, where a “fast loading” proc- 
ess was used. 

The resolidified grain-boundary material now ex- 
ists as a distinct phase, with somewhat different 
chemical and physical properties. The new crystals 
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0.5 


are now so small that the mass forms anamorphous- 
like substance in a high state of disorder. 

The metal as a whole as a result of cold work has 
undergone an increase in entropy with a decline in 
free energy. Thus to treat a plastically deformed 
metal in thermodynamic terms one must introduce 
a new parameter as suggested by Bridgeman’ in his 
thesis on generalized entropy. The state of a metal 
under plastic deformation may be considered anal- 
ogous to the behavior of collagen as described by 
Flory.’° However, in the case of a metal a true 
equilibrium between the two phases does not exist 
since the “setting point” is determined by the man- 
ner of stress application. The plastic deformation 
in copper might be represented by an equation such 
as Cu, ~ Cu, where a fraction of the heat energy 
produced is absorbed by form B. This latent energy 
can only leave the metal in the form of heat and rep- 
resents the entropy increase due to disorder re- 
sulting from the cold work done on the metal. The 
amount of disorder that can be induced in any par- 
ticular metal by mechanical means will depend upon 
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te 


0.1 


400 800 80 
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Fig. 4—Annealed copper wire 24g. Broken line theoret- 
ical; plastic deformation begins at highest point and 
proceeds along line to right. 
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Tensile Stress kg/cm? 


the crystal structure, manner of stress and amount 
of grain-boundary material. Hence this should be 
greatest when the grains are small. However, ex- 
periment indicates there is a limit to the amount of 
energy that can be absorbed. Taylor and Quiny”™ 
found that the saturation point for the latent heat in 
cold-worked copper is roughly 15 pct at 15°C of the 
total heat generated. The slope of the straight lines 
in Figs. 5 and 6 tend to decrease with increase of 
cold work, suggesting that at zero slope a maximum 
would be reached. The present results support the 
findings of the aforementioned authors, and suggest 
a limit to the quantity of material present in the an- 
nealed copper which can be plastically deformed 
with an absorption of energy. Tension beyond this 
maximum absorption point causes the wire to break. 


2.0 
1.8 
Leb 
L \ 
9 
B 
a 6 


200 400 600 800 1000 1200 100 1600 1800 2000 2200 2400 
Tensile stress kg/cm? 
Fig. 5— Length 32.0 cm. 24 B &S gage 
1 M sodium chloride solution 
O A. Annealed path, temperature 27°C. 
@ B. Cold-worked path, temperature 27°C. 


AC. Cold-worked path, temperature 24.8°C. 
AD. Cold-worked path, temperature 28.7°C. 
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‘ 1000 1200 1400 1600 1800 2000 2200 2400 2600 2600 3000 
Tensile stress-kg/cm* 
Fig. 6— Length 28 cm 22 B & S gage 
0.01 M copper sulfate solution 

@ A. Annealed path, temp 30°C. 
OB. 1st cold-worked path, temp 28.2°C. 
A C. 2nd cold-worked path, temp 29.0°C. 
A D. 3rd cold-worked path, temp 3.20°C. 
0 E. 4th cold-worked path, temp 31.9°C. 
@ F. 5th cold-worked path, temp 29.3°C. 


Under torsion or compression forces where this 
does not occur, some other deformation process 
must then take place. Now if x represents the de- 
gree of reaction in the equation Cu, ~ Cuz, the free 
energy will fall because of the increase in the en- 
tropy factor.” Hence the elastic strain energy is 
reduced and the expression for the electro-potential 
is given by the equation 


—NFE = (1 — x)Au, + xAug — xTazy, [2] 


where the first two terms on the right represent the 
elastic strain energy and the third is the latent heat 
absorbed. The a, and y, are the coefficient of heat 
expansion and Young’s modulus for the “amorphous” 
grain-boundary material. Also 7 is the absolute 
temperature, and x the degree of advancement of the 
reaction Cu, + Cu,. 

The extent to which surface energy affects the re- 
sults is at present unknown. Experiments are now 
under way in an attempt to determine this. It would 
appear from the results depicted in Fig. 2, where 
different diameters of wire were used, that this ef- 

- fect is negligible. It is not unlikely that plastic de- 
formation occurs first in the outer layer of the wire 
and then moves inwardly with further cold work until 
complete saturation.’* Whether the stress potential 
measured is that of the copper metal itself or that 
of some film complex is still a debatable question.“ 
Should the latter rather than the former be the case 
it will be necessary to assume a different set of 
film conditions for the cold-worked than for the an- 
nealed copper. Further, in Eq. [1] young’s modulus 
for the film complex would require to be approxi- 
mately that of the copper metal which would be 
somewhat unlikely, for in Fig. 4 the agreement be- 
tween theory and practice in the region where 
Hooke’s law is valid is reasonably good. However, 
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Fig. 7- Length 28.0 cm 22 B & S gage annealed 
0.01 M copper sulfate solution temperature 26.8—28.0°C. 
Setting point A, B, C 
O first run 
@ second run after about one day interval 


to obtain this it was necessary to take the valency 
of copper as 1. In Figs. 8 and 9 the emf-strain 
curves and the conventional stress-strain are de- 
picted. It would appear that the emf-strain type of 
measurement reveals discontinuities not ordinarily 
observed, although work by Elam and others on 
aluminum and iron alloys do show irregularities in 
the stress-strain curves.” 


SUMMARY 


1) The electro-potentials produced by a tensile 
stressing of one of a pair of copper wires in elec- 
trolytes of sodium chloride and copper sulfate have 
been measured under restricted film conditions. 

2) For the annealed copper within the region 
where Hooke’s law holds the electro-potential varies 
as the second power of the stress as predicted by 
theory and the process is reversible. 

3) For cold-worked copper the relationship is 
linear, but the process is equally reversible. 

4) With. plastic deformation the potential falls and 
the process is not reversible. 
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200 400 600 800 1000 1200 1400 1600 1800 2000 2200 
Tensile stress kg/cm? 
Continuous loading (fast loading) 
Fig. 8— 26 B & S gage annealed Length 26 cm. 
Solution 1 M sodium chloride Temperature 26 — 30°C. 

@ first run 

O second run after 1 day interval 

Setting points A, B, C 


5) A tentative explanation for the difference in 
behavior under stress of the annealed and cold- 
worked copper and the fall of potential during plastic 
deformation is advanced. Further work is required 
to decide to what extent film conditions affect the 
results. 
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The Activity Coefficients of MnO and FeO 


in Open-Hearth Slags 


Liquid open-hearth type slags were equilibrated with molten carbon-free iron in the 
temperature range 1530° to 1700°C. The iron-oxide activities of the slags are in good 
agreement with earlier laboratory studies on less complex slag systems. The activity 
coefficients of MnO in the slags were also established and are presented as a function of 
slag composition. A comparison of the activity coefficients of MnO and FeO in the slags 
is also presented, and indicates that MnO is a more basic constituent than FeO. 


H.L. Bishop, Jr., N. J. Grant, and J. Chipman 


In a recent review’ of the iron-oxide activity of 
simple open-hearth type slags containing lime, 
magnesia, silica, and iron oxide, it was established 
that activity values were lacking in the range of slag 
composition most interesting to open-hearth oper- 
ators. That is, laboratory experimental results 
were not available for simple slag compositions 
having basicity ratios ranging from about 1.5 to 
4.0 and iron-oxide concentrations ranging from 
about 10 to 30 pct. However, in order to estimate 
iron-oxide activities for the range of slag compo- 
sitions of interest to open-hearth operators, ac- 
tivity values were calculated using ionic concepts 
of slags by following the treatment of Flood and 
Grjotheim.” 

A study of these data indicated that the desired 
slag compositions were probably not obtained due 
to the limited solubility of the basic constituents 
lime and magnesia. Thus, it was decided to make 
additional heats equilibrating molten carbon-free 
iron with slags containing MnO, P,O,, and Al,O,; 
in percentages commonly found in open-hearth re- 
fining slags, and to examine the liquid slag field 
over a greater composition range than that of the 
simple slags studied previously. The ranges of the 
constituents used in the present study are sum- 
marized as follows: 


Metal 
Pct O 0.070-0.201 
Pct Mn 0.005-0.142 
Slag 
Pct CaO 24.45-41.90 
Pct MgO 3.23- 9.21 
Pct MnO 1.13- 9.62 
Pct FeO 20.08-48.7 
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Pct Fe,0,; —-2.23-10.14 
Pct SiO, 3.51-28.50 
Pct P20, —0.23- 3.65 
Pet AlzO, 0.43- 3.38 


The experjmental procedure consisted of equilibrat- 
ing the slag and metal in an induction furnace pro- 
vided with a carbon-arc slag heater as described 
previously by Winkler and Chipman.* The data ob- 
tained were used to establish both the iron-oxide 
activity values and the activity coefficients for FeO - 
and MnO in the open-hearth type slags. 


RESULTS AND DISCUSSION 


I) Iron-Oxide Activity of Open-Hearth Type 
Slags—The iron-oxide activities of various iron- 
oxide contents of the open-hearth type slags, as cal- 
culated from the oxygen content of the metal by the 
method of Taylor and Chipman,‘ are plotted against 
the molar ratio of bases to acids in Fig. 1. The data 
represent slag-metal studies carried out in the tem- 
perature range 1530° to 1700°C. For the purpose of 
this study, the constituents CaO, MgO, and MnO are 
assumed equal on a molar basis in their effect on 
the iron-oxide activity; and, PO2,, is calculated as 
an equivalent to SiOz and Al,O; ona molar basis. 
The total iron content of the slag is calculated to 
FeO and is represented by the symbol (FeO),. 

The points presented in Fig. 1 represent the re- 
sults of this investigation for iron-oxide slags con- 
taining between 1 and 8 mol pct MnO and less than 
about 2 mol pct each of Al,O, and PO,,,. The 
curved lines shown in Fig. 1 represent the results 
of the summary’ of the iron-oxide activities of 
simple slags of the system (CaO + MgO) — SiOz 
- (FeO),. The solid portions of the curved lines 
represent experimental data, and the broken por- 
tions represent iron-oxide activities calculated from 
ionic concepts of slags. The iron-oxide values of 
the open-hearth type slags of this study are in good 
agreement with the values of the simple iron-oxide 
slag system. Only a slight modification is indicated. 
The results of this study suggest that the line for 
20 mol pct (FeO), should be lowered slightly in the 
basicity range 1.5 to about 3. 
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Fig. 1—Comparison of the iron-oxide 
activity value of slags. Points represent 
open-hearth type slags for the tempera- 
ture range 1530° to 1700°C. Curved lines 
represent summary of simple iron-oxide 
slags.! 
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Fig. 2—Iso-activity coefficient lines of 
MnO for open-hearth type slags equili- 
brated with molten carbon-free iron in 
temperature range 1530° to 1700°C. 
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II) Distribution of Manganese between Molten on this basis, expressed Ky, by the following 
Iron and Open-Hearth Type Slags—The distribution equation: 
of manganese between slag and metal can be repre- 4 
sented by the following reaction: log Ky, = ae ~ 2.95 (3] 
(FeO) + Mn = (MnO) + Fe [1] In order to study the influence of slag composition 
on the relationship between the manganese contents 
The equilibrium constant for this reaction takes of the slag and metal, the values of the activity co- 
the following form: efficient of MnO (Yy_o ) were calculated for the 
various slags. The activity coefficient of MnO in 
a (2mno ) 9 the slag was calculated by using Eq. [2] in the fol- 
Mn (4Fe0) [2 ma] [2] lowing form: 


The temperature dependence of the value of K, 
was established for the binary MnO-(FeO), system 
by Chipman, Gero, and Winkler.*® They established 
that the activities of the oxides in the slag are 
equal to the mol fractions for the binary system. 
They assumed that the activity of manganese in the 
metal is equal to the weight percentage value, and 
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Yvno = Ayn 


4 
sat. (Nvino) [4] 
where Ny,o is the mol fraction of MnO in the com- 
plex slag, and the ratio [O]/[O],,, represents the 
iron-oxide activity of the slag. — 

The experimental data of Winkler and Chipman® 
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Fig. 3-—Iso-activity coefficient lines of FeO for the 
(CaO + MgO) —SiO, —(FeO), system. 


on slags free of CaF, were used to supplement the 
results of this investigation. The calculated values 
of the activity coefficients of MnO in the open-hearth 
type slags are plotted against the slag composition 
in the quasi-ternary diagram (CaO + MgO) - (SiOz 
+ Al,O, + PO2,,) — (MnO + (FeO),) on a molar basis 
in Fig. °2. Since the binary MnO - (FeO), system 
was found to behave ideally by Chipman ét al.,” and 
since the oxides of manganese and iron are cig 
considered as weak bases, they are assumed to be 
equal on a molar basis in their influence on the ac- 
tivity coefficient of MnO. 

Fig. 2 shows that at a constant (MnO + (FeO),) 
level, the value of the activity coefficient of MnO 
increases as the base to acid ratio, (CaO 
+ MgO)/(SiO, + Al,O, + PO.,,), increases to a 
value of about 2.3; however, the activity coefficient 
then decreases as the basicity ratio increases 
above 2 value of 2.3. The results of this investiga- 
tion are in good agreement with the study by Elliott 
and Luerssen,° who used operating data as well as 
the data of Winkler and Chipman. Elliott and 
Luerssen’s results showed that the maximum value 
of the activity coefficient occurs at a slightly higher 
basicity value, but this is expected since they 
treated MnO as an equivalent to CaO and MgO in 
its effect on the activity coefficient of MnO, and 
P,O, as an equivalent to SiOz on a molar basis. 

III) Comparison of the Activity Coefficients of 
the Oxides of Iron and Manganese in Open-Hearth 
Type Slags—For a comparison of the effect of slag 
composition on the activity coefficients of the 
oxides of manganese and iron in the slags, the 
activity coefficient af FeO was calculated for 
simple slags and is shown in Fig. 3. The iso- 
activity coefficient lines were calculated from the 
data of the activity values of FeO for the simple 
quasi-ternary system (CaO + MgO) - SiO, — (FeO), 
as presented by Bishop ef al. * 

Iron oxide is generally considered to be less basic 
than CaO or MnO. A comparison of Figs. 2 and 3 
supports this general conclusion. These figures 
indicate that as the silica content increases above 


892-VOLUME 212, DECEMBER 1958 


values greater than the join between the orthosili- 
cate composition and (FeO), or (MnO + (FeO),) 
apices, the value of the activity coefficient of MnO 
decreases more rapidly than the value for FeO, 
which is indicative of greater association between 
MnO and SiO, than between FeO and SiO,. On the 
other hand, as the slag becomes more basic than 
the composition indicated by the join between the 
orthosilicate composition and oxides of iron and 
manganese, the value of the activity coefficient of 
FeO decreases more rapidly than the value of MnO, 
which indicates a greater association between FeO 
and CaO than between MnO and CaO. 


SUMMARY 


The results of this investigation of the equilibrium 
between liquid open-hearth type slags and molten 
iron can be summarized as follows: 

1) The iron-oxide activities of open-hearth type 
slags containing 1 to 8 mol pct MnO, and less than 
2 mol pct each of Al,O, and PO, , are consistent 
with less complex slag systems when MnO is con- 
sidered as an equivalent to CaO, in terms of basic- 
ity, and Al,O, and PO, , are equivalent to SiO, 
on a molar basis. 

2) The activity coefficient of MnO in slags can be 
represented as a function of slag composition in the 
quasi-ternary diagram (CaO + MgO) — (SiO2 
+ Al,O; + PO2.;) — (MnO + (FeO);) on a molar basis. 
At a constant (MnO + (FeO),) level, the value of the - 
activity coefficient of MnO increases as the basicity 
ratio increases to a value of about 2.3. The ac- 
tivity coefficient then decreases as the basicity 
ratio increases above this value. 

3) A comparison of the influence of slag composi- 
tion on the activity coefficients of MnO and FeO in 
the slags indicates that MnO is a more basic oxide 
than FeO, as generally accepted. 
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